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Foreword

In 1791 the British reverend, mineralogist and chemist, William Gregor, was the
first to discover titanium. Four years later, Martin Klaproth, a Berlin chemist, in-
dependently isolated titanium oxide. The story of the Greek mythological children
of Uranos and Gaia, the Titans, provided him the inspiration for naming it tita-
nium. The Titans, utterly hated by their father, were held in captivity in the
earth’s crust, similar to the hard to extract ore. It took more than 100 years to iso-
late the metal. The first alloys, including today's most popular Ti-6Al-4V, were de-
veloped in the late 1940s in the United States. Today a large number of titanium
alloys have paved the way for light metals to vastly expand into many industrial
applications.

Titanium and its alloys stand out primarily due to their high specific strength
and excellent corrosion resistance, at just half the weight of steels and Ni-based
superalloys. This explains their early success in the aerospace and the chemical
industries. But other markets such as architecture, chemical processing, medicine,
power generation, marine and offshore, sports and leisure, and transportation are
seeing increased application of titanium.

This book is intended for students, materials scientists, engineers, and techni-
cians from research, development, production, and design departments who want
to become familiar with titanium and its alloys. Introductory chapters covering
the metallurgical background, mechanical properties, oxidation behavior, and oxi-
dation protection are followed by chapters on production and processing, and in-
troductions to various traditional and new fields of application. Besides titanium
and its conventional alloys, insight is also provided on titanium aluminides and ti-
tanium matrix composites. The variety of applications of titanium and its alloys in
aerospace and non-aerospace markets are documented in detail. Extensive refer-
ences allow further expansion on each individual subject.

Cologne, June 2003 C. Leyens and M. Peters
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1

Structure and Properties of Titanium and Titanium Alloys
M. PETERS, ]. HEMPTENMACHER, J. KumPFERT* and C. LEYENS

DLR — German Aerospace Center, Cologne, Germany

* Airbus Industrie, Blagnac, France

1.1
Introduction

In 1791 William Gregor the British reverend, mineralogist, and chemist discov-
ered titanium. He examined the magnetic sand from the local river, Helford, in
the Menachan Valley in Cornwall, England, and isolated “black sand”, now known
as “ilmenite”. By removing the iron with a magnet and treating the sand with hy-
drochloric acid he produced the impure oxide of a new element. He named it
“mechanite”, after the location. Four years later, the Berlin chemist Martin Hein-
rich Klaproth independently isolated titanium oxide from a Hungarian mineral,
now known as “rutile”. Greek mythology provided him a new name from the chil-
dren of Uranos and Gaia, the titans. The titans were utterly hated by their father
and so detained in captivity by him in the earth’s crust, similar to the hard to ex-
tract ore — hence he named it Titanium.

It took more than 100 years before Matthew Albert Hunter from Rensselaer
Polytechnic Institute in Troy, N.Y., was able to isolate the metal in 1910 by heat-
ing titanium tetrachloride (TiCly) with sodium in a steel bomb. Finally, Wilhelm
Justin Kroll from Luxembourg is recognized as father of the titanium industry. In
1932 he produced significant quantities of titanium by combining TiCl, with cal-
cium. At the beginning of World War II he fled to the United States. At the U.S.
Bureau of Mines he demonstrated that titanium could be extracted commercially
by reducing TiCl, by changing the reducing agent from calcium to magnesium.
Today this is still the most widely used method and is known as the “Kroll pro-
cess”. After the Second World War, titanium-based alloys were soon considered
key materials for aircraft engines. In 1948 the DuPont Company was the first to
produce titanium commercially. Today aerospace is still the prime consumer of ti-
tanium and its alloys, but other markets such as architecture, chemical process-
ing, medicine, power generation, marine and offshore, sports and leisure, and
transportation are gaining increased acceptance.

Titanium is not actually a rare substance as it ranks as the ninth most plentiful
element and the fourth most abundant structural metal in the Earth’s crust ex-
ceeded only by aluminum, iron, and magnesium. Unfortunately, it is seldom
found in high concentrations and never found in a pure state. Thus, the difficulty
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2

1 Structure and Properties of Titanium and Titanium Alloys

Tab. 1.1 Physical properties of high-purity polycrystalline o titanium (>99.9%) at 25°C.

Structure prototype Mg

Pearson symbol hP2

Space group P63/mmc (194)

B-transus temperature 882°C

Lattice parameters a=0.295nm
¢=0.468 nm
c/a=1.587

Thermal expansion coefficient [10°K™] 8.36

Thermal conductivity [W/mK] 14.99

Specific heat capacity [J/kgK] 523

Electrical resistance [107° Qm|] 564.9

Elastic modulus [GPa] 115

Shear modulus [GPa] 44

Poisson's ratio 0.33

in processing the metal makes it expensive. Even today it is produced only in a
batch process, and no continuous process exists as for other structural metals. Ti-
tanium usually occurs in mineral sands containing ilmenite (FeTiOs), found in
the Ilmen mountains of Russia, or rutile (TiO,), from the beach sands in Austra-
lia, India, and Mexico. Titanium dioxide is a very versatile white pigment used in
paint, paper, and plastic, and consumes most of world production. Besides Russia,
Australia, India, and Mexico, workable mineral deposits include sites in the Unit-
ed States, Canada, South Africa, Sierra Leone, Ukraine, Norway, and Malaysia.

Of all the 112 chemical elements in the periodic system known today, about
85% are metals or metalloids. There are various ways to classify the metals, such
as ferrous or nonferrous metals, ingot or sintered metals, light or heavy metals.
Titanium is classified as a nonferrous and light metal.

The properties of metals are essentially based on the metallic bonding of the
atoms in the crystal lattice. This means that the free, mobile valence electrons in
the lattice result in classic “metallic” properties such as electrical conductivity,
plastic deformation by atomic slip in crystal lattices, and alloying by incorporation
of impurity atoms into the crystal lattice with the consequence of increased hard-
ness and strength as well as reduced ductility. Tab. 1.1 shows a selection of impor-
tant physical properties of highly pure polycrystalline o titanium.

Metals vary substantially in weight. At 0.5 gcm™ Lithium has the lowest den-
sity while Osmium and Iridium are the heaviest metals with a density of
22.5gcm™. The separation point between light and heavy metals is 5gcm™.
Therefore, Titanium with a density of 4.51 gcm™ is the heaviest light metal.
Although twice as heavy as the classic light metal — aluminum - it has only about
half the specific weight of iron or nickel (Fig. 1.1).

Titanium alloys primarily stand out due to two properties: high specific
strength and excellent corrosion resistance. This also explains their preferential
use in the aerospace sector, the chemical industry, medical engineering, and the
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Fig. 1.2 Specific strength versus use temperature of selected structur-
al materials compared with titanium alloys and aluminides.

leisure sector. Only at temperatures below 300°C do carbon fiber reinforced plas-
tics have a higher specific strength than titanium alloys (Fig. 1.2). At higher tem-
peratures the specific strength of titanium alloys is particularly attractive. How-
ever, the maximum application temperature is limited by their oxidation behavior.
Since titanium aluminides partly overcome this disadvantage, they have become
the subject of intense alloy development efforts. While conventional elevated tem-
perature titanium alloys are used only up to temperatures slightly above 500°C,
TiAl-based alloys directly compete with well-established high temperature steels
and Ni-base superalloys (Fig. 1.2).
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1 Structure and Properties of Titanium and Titanium Alloys

1.2
The Metallurgy of Titanium

1.2
Crystal Structure

Like a number of other metals — e.g. Ca, Fe, Co, Zr, Sn, Ce, and Hf - titanium
can crystallize in various crystal structures. However, each modification is only
stable within particular temperature ranges. The complete transformation from
one into another crystal structure is called allotropic transformation; the respective
transformation temperature is called the transus temperature.

Pure titanium, as well as the majority of titanium alloys, crystallizes at low tem-
peratures in a modified ideally hexagonal close packed structure, called o tita-
nium. At high temperatures, however, the body-centered cubic structure is stable
and is referred to as P titanium. The B-transus temperature for pure titanium is
882+2°C. The atomic unit cells of the hexagonal close packed (hcp) a titanium
and the body-centered cubic (bcc) B titanium are schematically shown in Fig. 1.3
with their most densely packed planes and directions highlighted.

The existence of the two different crystal structures and the corresponding allo-
tropic transformation temperature is of central importance since they are the ba-
sis for the large variety of properties achieved by titanium alloys.

Both plastic deformation and diffusion rate are closely connected with the re-
spective crystal structure. In addition, the hexagonal crystal lattice causes a distinc-
tive anisotropy of mechanical behavior for the « titanium. The elastic anisotropy
is particularly pronounced. The Young’'s modulus of titanium single crystals con-
sistently varies between 145 GPa for a load vertical to the basal plane and only
100 GPa parallel to this plane.

0.468 nm

0.332 nm

Fig. 1.3 Crystal structure of hcp o and bec B phase.
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1.2.2
Plastic Deformation

The essential features of the three crystal structures pertinent to metals are sum-
marized in Tab. 1.2. The ease of plastic deformation increases from the hexagonal
close packed (hcp) lattice to the body-centered cubic (bcc) to the face-centered cu-
bic (fcc) lattice. This phenomenon also explains the limited plastic deformability
of the hcp o titanium compared to the bee B titanium. Generally the number of
slip systems — which is equivalent to the number of dislocation glide opportu-
nities in a crystal lattice — is only 3 for the hcp structure while it is 12 for the bcc
lattice. The number of slip systems is determined by the number of slip planes
multiplied by the number of slip directions. These planes and directions of highly
dense packed atoms are energetically most favorable for plastic deformation.

The denser slip planes are packed with atoms, the easier dislocations can glide.
Therefore, a slip plane in the hcp lattice with a packing density of 91% should be
superior to a slip plane in the bcc lattice with a packing density of only 83%.
However, the energy needed for plastic deformation is also directly dependent on
the length of the minimal slip path. For hcp lattice structures this minimum slip
path corresponds to by,,=1-a, while for bee structures by, =0.87-a, with a being
the lattice parameter of the respective unit cell. This in turn favors the plastic de-
formation of the bcc over the hep structure.

In o titanium the lattice parameters of the hexagonal close packed crystal structure
are a=0.295 nm and ¢=0.468 nm, giving a c/a ratio of 1.587. For an ideally close
packed hexagonal lattice the c/a ratio is 1.633. The insertion of interstitially dis-
solved atoms in the hcp lattice, e.g. C, N, or O, or the incorporation of substitutional
atoms with smaller atomic radii than titanium, e.g. Al, slightly increases the c/a ratio
of the a titanium. The lattice parameter of bce B titanium at 900°C is 2=0.332 nm.

Tab. 1.2 Characteristic parameters of metallic structure types.

Structure type N CN P Slip planes Slip system Atom den- b,,;,/a
Slip directions per unit cell sity of slip
—_— plane

indices  numbers

hep 6 12 74% {0001} 1 1x3=3 ~91% 1

(c/a=1,633) (1120) 3

bee 2 8  68% {110} 6 6x2=12 ~ 83% 123
(111) 2 ~ 0,87

fec 4 12 74% {111} 4 4x3=12 ~ 91% 1/2 V2
(110) 3 ~ 0,71

N Number of atoms per unit cell

CN Coordination number

P Packing density

bmin/a Minimal slip component
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Fig. 1.4 Slip systems of hexagonal crystal lattices.

Compared to an ideally packed hexagonal crystal structure the reduced c/a ratio
of a titanium leads to a larger spacing between prism planes. This causes the
packing density of the prism planes to increase relative to the basal plane and
thus favoring slip on prism planes rather than on basal planes.

Prism and basal planes have three slip systems each. However, only two are in-
dependent of each other, resulting in only four independent slip systems. Slip on
pyramidal planes does not increase the number further since this glide is com-
posed of a prism and a basal component and therefore cannot be considered an
independent slip system. However, according to the von-Mises criterion at least
five independent slip systems are required for homogeneous plastic deformation
of metals. In fact, polycrystalline hexagonal a titanium is extremely difficult to de-
form. The limited ductility that is observed is the result of additional deformation
on secondary slip systems as well as possible mechanical twinning. The three ac-
tive slip systems in o titanium are depicted in Fig. 1.4.

1.2.3
plo-Transformation

Upon cooling from the P phase field of titanium the most densely packed planes
of the bee B phase {110} transform to the basal planes {0001} of the hexagonal o
phase. The distance between the basal planes in a is slightly larger than the corre-
sponding distance between the {110} planes in B (see also Tab. 1.2: b;,/a). There-
fore, the B/a transformation causes a slight atomic distortion (Fig. 1.5). This leads
to a slight contraction of the c-axis relative to the a-axis in the hcp a and reduces
the c/a-ratio below the value of ideally close packed hexagonal atomic structures.
A slight increase in volume is observed macroscopically during cooling through
the B/o transformation temperature.
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Fig. 1.5 B/a transformation accord- (110) * (0001)
ing to Burgers relationship.

Fig. 1.6 Lamellar microstructure of Ti-6Al-4V (basket-weave).

The corresponding transformation of the slip planes of the bec B titanium into
the basal planes of the hcp a titanium and the respective orientations of the slip
directions is given by the following orientation relationship:

{0001},//{110},
(1120),//(111),

Since the Burgers vectors can also describe the slip directions, the above orientation
relationship is referred to as a Burgers relationship. The six slip planes and the two
slip directions of the B titanium unit cell give a maximum of 12 variants of orienta-
tion to the o. This variety of orientations is also reflected in the metallographic
microstructure. Within the prior B grains, which can be as large as several milli-
meters, individual a lamellar packets nucleate and grow according to the previously
mentioned 12 orientation relationships, with the individual lamellar packets having
a common orientation within them. The large — but limited to 12 — number of pos-
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sible orientations results in multiple repetitions of the orientation of the lamellar
packets. Consequently, this results in a very characteristic microstructure similar
in appearance to the weave pattern of a basket and are therefore referred to as bas-
ket-weave structures (Fig. 1.6).

1.2.4
Diffusion

Because of the densely packed atoms in hcp o titanium, diffusion is considerably
lower than in bee B titanium: the diffusion coefficient of a titanium is orders of
magnitude smaller than that of B titanium. The following coefficients are given
for self-diffusion of titanium at 500°C and 1000°C. The resulting diffusion paths,
d, after 50 h at 500°C and 1 h at 1000 °C illustrate these differences.

500°C: Dy1ix 107 m?/s after 50h:  d~0.8 ym
Dpri~ 107®m?/s d=~0.9 pm

1000°C:  Dypix 107" m?/s after 1h:  d~4um
Dg.1i~ 107 mz/s d~40 pm

The different diffusion coefficients of a and B titanium are influenced by the mi-
crostructure and thus influence the mechanical behavior of the two phases, e.g.
creep performance, hot workability, and superplasticity. The limited volume diffu-
sion in o titanium translates into a superior creep performance of o titanium and
a containing Ti alloys compared to B titanium.

Below the B-transus temperature, time- and temperature-dependent diffusion pro-
cesses are substantially slower. Therefore, fast cooling leads to a very fine lamellar
structure whereas upon slow cooling a coarse lamellar structure is obtained. The
radial spread of the a lamellae is parallel to the {110} planes of the B phase. If suffi-
cient cooling rate is provided, the individual lamellae not only nucleate at grain
boundaries but also on the growth front of individual lamellar packets.

At high cooling rates from temperatures above the martensite start tempera-
ture, the bcc B transforms completely into the hcp o by a diffusionless transfor-
mation process, leaving behind a metastable fine plate-like, or acicular, martensi-
tic microstructure.

The martensitic transformation does not lead to embrittlement; however,
strength is slightly increased compared to o titanium. The martensite can be
further split into hexagonal o’ martensite and orthorhombic o martensite, the lat-
ter being observed on quenching from temperatures below about 900°C. The
orthorhombic o martensite is characterized by good deformability. The hexagonal
o' martensite has a similar orientation relationship to B as that of . The marten-
sitic microstructure is therefore also characterized by a very fine basket-weave
structure with needle-like character due to its diffusionless nucleation process.
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Fig. 1.7 Influence of alloying elements on phase diagrams of Ti alloys (schematically).

13
The Classification of Titanium Alloys

Depending on their influence on the B-transus temperature, the alloying elements
of titanium are classified as neutral, a-stabilizers, or B-stabilizers (Fig. 1.7). The o-
stabilizing elements extend the o phase field to higher temperatures, while p-sta-
bilizing elements shift the B phase field to lower temperatures. Neutral elements
have only minor influence on the B-transus temperature. Apart from the regular
alloying elements, there are also primarily nonmetallic elements on the order of
few 100 ppm present as impurities.

Among the o-stabilizers, aluminum is by far the most important alloying element
of titanium. The interstitial elements oxygen, nitrogen, and carbon also belong to
this category. In addition to extending the a phase field to higher temperatures,
the a-stabilizers develop a two-phase o+f field. a-stabilizing elements are subdi-
vided into B-isomorphous and B-eutectic elements. Of these, the B-isomorphous ele-
ments, e.g. Mo, V, and Ta, are by far more important due to their much higher sol-
ubility in titanium. On the other hand, even very low volume fractions of p-eutectic
elements, e.g. Fe, Mn, Cr, Co, Ni, Cu, Si, and H, can lead to the formation of inter-
metallic compounds. Sn and Zr are considered neutral elements since they have
(nearly) no influence on the o/p phase boundary. As far as strength is concerned,
they are not neutral since they primarily strengthen the o phase.

Usually titanium alloys are classified as o, a+f, and B alloys, with further subdivi-
sion into near-o. and metastable B alloys. This is schematically outlined in a three-
dimensional phase diagram, which is composed of two phase diagrams with an o-
and a B-stabilizing element respectively (Fig. 1.8). According to this scheme, the a
alloys comprise commercially pure (cp) titanium and alloys exclusively alloyed with
a-stabilizing and/or neutral elements. If minor fractions of B-stabilizing elements
are added, they are referred to as near-a alloys. The a+f alloys, the most widely used
alloy group, follow this class; at room temperature these alloys have a § volume frac-
tion ranging from about 5 to 40%. If the proportion of B-stabilizing elements is
further increased to a level where B no longer transforms to martensite upon fast
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Fig. 1.9 The Ti-Al phase diagram (T.B. Massalski, 1990).

quenching, the alloys are still in the two-phase field and the class of metastable
alloys is reached. It should be noted that these alloys can still reveal an equilibrium
a volume fraction of more than 50%. Finally, the single-phase B alloys mark the end

of the alloying scale of the conventional titanium alloys.



1.4 Metallographic Preparation of the Microstructure

The most important and by far most intensively investigated titanium phase
diagram is the system Ti-Al (Fig. 1.9). Apart from the o and B phases, which are
of central importance for the conventional titanium alloys, several intermetallic
phases are present, such as 0,-Ti3Al, y-TiAl, TiAl, and TiAl;. Of these only the o,-
Ti3Al and y-TiAl are of technical relevance today, since TiAl, and the stoichio-
metric compound TiAl; (a line compound) are extremely brittle. Titanium alumi-
nide alloys of technical interest are found in the range of the two-phase field o+a,
and of y-TiAl. With the exception of model alloys, the latter alloys are usually also
two-phase o,+y or multi-phase alloys depending on the alloying elements. Due to
its steadily increasing importance in particular for high-temperature applications,
two separate chapters of this book deal exclusively with y-titanium aluminides
(Chapter 4 and Chapter 14). If these aluminides are alloyed with Nb another inter-
metallic phase — Ti,AIND — appears, which is the basis for the class of orthorhom-
bic titanium aluminides (Chapter 3). A further intermetallic phase with some
technical relevance is the t phase, which belongs to the cubic L1, family. This
phase is present when elements like V, Cr, Mn, Fe, Co, Ni, Cu, or Zn substitute
for about 10% of the aluminum in high Al-containing TiAl;-base alloys.

1.4
Metallographic Preparation of the Microstructure

As described in the following sections, the mechanical properties of titanium al-
loys are predominantly determined by the chemical composition as well as the
corresponding microstructure. The metallographic preparation and the subse-
quent microstructural investigations are therefore of great interest.

Cutting of titanium specimens should be done with water cooling to prevent a
local overheating caused by its relatively low thermal conductivity in comparison
to other metals. Furthermore, the velocity of the cutting blade and the feed rate
should be reduced. The material may be characterized from ductile to tough;
therefore, in addition to SiC cutting blades, diamond cutting blades are also effec-
tive. A relatively weak diamond bonding, e.g. in epoxy, is recommended. High cut-
ting performance is achieved as blunt diamonds break loose to uncover new ones.

Titanium tends to create deformation surface layers, which may exhibit pseudo
microstructures. One sophisticated solution to this problem is electrolytic polish-
ing. However, this is only recommended for polishing very pure titanium, which
is otherwise extremely difficult to polish mechanically. The handling of the elec-
trolyte, generally containing perchloric acid, needs particular safety measures. Spe-
cifications of current, voltage, time, and etching area must be precisely followed
to achieve reproducible results.

Mechanical polishing is the leading method to prepare the microsection for all
Ti alloys. The primary stage is precise water cooled grinding on SiC-paper up to
grit 1200, the final paper can be waxed. The first polishing uses a strong synthetic
or cotton cloth with diamonds of grit 6 pm or even 3 pm, which accordingly re-
quires a longer polishing time. Pressure on the disk should be moderate. The fi-

1
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nal polishing may be successfully achieved with colloidal silicon dioxide of fine
grit, i.e. 0.04 um, on a synthetic leather cloth. This suspension is basic and has a
pH value of approximately 9.8, acting as a weak etchant. Alternatively, a fine-
grained Al,O; suspension with an additive of cold saturated hydrous oxalic acid
can be used for final polishing on a short fiber velvet cloth. Liquid soap is an ap-
proved addition for both suspensions. The final polishing will in general be re-
peated in short steps several times, followed by etching of the microsection and
verification of the microstructure under the optical microscope.

A universal etchant is a hydrous solution, consisting of 3 ml HF (40% conc.)
and 5 ml HNO; (65% conc.) in 100 ml H,O. Immediately before etching a small
amount of H,0, can be added. After only a few seconds the etchant effect is
seen, which should be precisely time controlled through close microsection obser-
vation. At first, a spurious layer or a strain-induced microstructure is often to be
seen. However, each etching or polishing step reduces these artifacts. In general,
the microstructure is well developed after 3 etching/polishing steps.

Images of very fine precipitates or transformation products in Ti-alloys can only
be made with the aid of the transmission electron microscope. A special prepara-
tion is necessary for the thin foil specimens required here. First, the 3 mm diame-
ter specimens are mechanically thinned down to 100-150 pm thickness. Further
preparation is often achieved by electrolytic etching using the double injection
method at about —30°C temperature and about 20 V voltage. A common electro-
lyte is a solution of 59.7% methanol, 35.5% butanol and 4.8% perchloric acid. In
some Ti-alloys this method may cause artifacts due to hydrogen penetration. In
this case, ion thinning is well a proven alternative. An angle of incidence smaller
than 12° is recommended to prepare areas large enough for transmission.

1.5
The Microstructure of Titanium Alloys

As previously mentioned, the microstructure has a substantial influence on the
properties of titanium alloys. The microstructure of conventional titanium alloys

Tab. 1.3 Influence of microstructure on selected properties of titanium alloys.

fine coarse Property lamellar equiaxed
O O Elastic modulus O +/— (texture)
+ - Strength - +
+ - Ductility - +
- + Fracture toughness + -
+ - Fatigue crack initiation - +
+ Fatigue crack propagation + -
+ Creep strength + _

+ - Superplasticity - +
+ - Oxidation behavior + -
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Fig. 1.10 Thermomechanical treatment of titanium alloys.

is primarily described by the size and arrangement of the two phases o and f.
The two extreme cases of phase arrangements are the lamellar microstructure,
which is generated upon cooling from the B phase field, and the equiaxed micro-
structure, which is a result of a recrystallization process. Both types of microstruc-
ture can have a fine as well as a coarse arrangement of their two phases. The in-
fluence of the various microstructures on the mechanical behavior of titanium al-
loys has been the subject of numerous investigations, thus some general state-
ments can be made. Tab. 1.3 shows qualitatively how the size of the phases (com-
parison of fine and coarse microstructures) on the one hand, and the arrange-
ment of the phases (comparison between lamellar and equiaxed microstructures)
on the other, have an effect on some important selected mechanical properties.

Generally, the different microstructures are generated by thermomechanical
treatments. These are considered as a complex sequence of solution heat treat-
ment, deformation, recrystallization, aging, and annealing for stress relief as sche-
matically outlined in Fig. 1.10.

A central point for thermomechanical treatment is the B-transus temperature,
Tp, since it separates the single B phase field from the two-phase o+f field. La-
mellar microstructures are a result of simple cooling from temperatures above the
B-transus temperature. Once the temperature falls below the transus temperature
a nucleates at grain boundaries and then grows as lamellae into the (prior) P
grain. An example of this structure is shown for the Ti-6Al-4V alloy in a high tem-
perature microscopy sequence (Fig. 1.11).

Depending on the cooling rate, the lamellae are either fine or coarse. Slow cool-
ing from the B phase field results in pure lamellar microstructures (Fig. 1.12a),
with the lamellae becoming coarser with reduced cooling rate. Rapid quenching
leads to a martensitic transformation of B, resulting in a very fine needle-like mi-
crostructure (Fig. 1.12b). Unlike the martensite known in steels, which leads to
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Fig. 1.11  Cooling from the B phase field of Ti-6Al-4V (high-temperature
microscopy).

strong distortion of the crystal lattice with accompanying marked increase in hard-
ness and strength, the hardening effect observed for titanium alloys on marten-
sitic transformation is only moderate.

The chemical compositions of the o and B phases change in the two-phase field
with decreasing temperature under equilibrium conditions. Vanadium strongly en-
riches B and thus stabilizes this phase at lower temperatures. The metallographic
figures of all slowly cooled specimens show f as a small seam around the coarse
and light colored o lamellae (Figs 12a,c,d). With high cooling rates from tempera-
tures above the martensitic start temperature (MS) and through the two-phase
field, B transforms into martensite (Fig. 1.12d). The martensitic start temperature
varies depending on the starting structure and the homogeneity of the microstruc-
ture. At lower temperatures, the B volume fraction further decreases and no long-
er transforms to martensite at temperatures below MS (Fig. 1.12f).

Unlike lamellar microstructures, equiaxed microstructures are the result of a re-
crystallization process. Therefore, the alloy first has to be highly deformed in the
a+p field to introduce enough cold work into the material. Upon subsequent solu-
tion heat treatment at temperatures in the two-phase field, a recrystallized and
equiaxed microstructure is generated (Fig. 1.13a). Extended annealing coarsens
the equiaxed microstructure (Fig. 1.13b). The solution heat treatment temperature
itself determines the volume fraction of the primary o. Solution heat treatment
just below the B-transus temperature results in bimodal microstructures that con-
sist partly of equiaxed (primary) o in a lamellar o+ matrix (Fig. 1.13¢, d). Bimod-
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Fig. 1.13 Equiaxed microstructures of Ti-6Al-4V via recrystallization: a) fine equiaxed; b) coarse
equiaxed; ¢, d) bimodal (OM, TEM).

al microstructures can be considered to be a combination of lamellar and
equiaxed microstructure.

The various microstructures have a strong influence on the mechanical behavior of
the titanium alloys. Fine-scale microstructures increase the strength as well as the
ductility. Furthermore, they retard crack nucleation and are a prerequisite for super-
plastic deformation. Coarse microstructures, on the other hand, are more resistant to
creep and fatigue crack growth. Equiaxed microstructures often have high ductility as
well as fatigue strength and are preferred for superplastic deformation, while lamel-
lar structures have high fracture toughness and show superior resistance to creep
and fatigue crack growth. Since bimodal microstructures combine the advantages
of lamellar and equiaxed structures, they exhibit a well-balanced property profile.

1.6
Property Profiles of the Titanium Alloy Classes

This section will briefly characterize and categorize the properties of the different
titanium alloy classes. How one can directly influence some important properties
of titanium alloys is outlined by example at the end of Chapter 1. Furthermore,
there are other chapters in the book that will provide more depth on this subject.
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Tab. 1.4 Properties of a, o+ and B Ti alloys.

o o+p B
Density + + -
Strength - + T+
Ductility —/+ + +/-
Fracture toughness + —/+ +/-
Creep strength + +/- -
Corrosion behavior ++ + +/-
Oxidation behavior ++ +/- _
Weldability + +/- _
Cold formability -— - —/+

The properties of titanium alloys are primarily determined by the arrangement,
volume fraction, and individual properties of the two phases o and . Compared
with the body-centered cubic B, the hexagonal a is more densely packed and has
an anisotropic crystal structure. Compared with B, a is characterized by the follow-
ing properties:

higher resistance to plastic deformation

reduced ductility

e anisotropic mechanical and physical properties

e a diffusion rate which is at least two orders of magnitude lower
e higher creep resistance.

In Tab. 1.4, the essential differences between the three alloy classes — a, o+ and B -
are outlined on the basis of physical, mechanical, and technological properties.

Since the most important o-stabilizing element, aluminum, has only half the spe-
cific weight of titanium, a alloys have a lower density than B alloys, even more so
since the latter are often extensively alloyed with heavy elements such as Mo or V.

Usually o alloys, which are single phase, show only moderate strength. However,
the two-phase o+f alloys and the metastable B alloys can be hardened to high and
very high strength levels respectively.

The very high strength levels of the metastable p alloys have to be paid for with a
low ductility. If not age-hardened, they show relatively good ductility similar to that of
a and o+ alloys. Moreover, the ductility is strongly related to the microstructure.

Since the fracture toughness of titanium alloys is strongly dependent on the mi-
crostructure and the aging condition, there is no firm correlation between the dif-
ferent alloy classes. In particular, coarse and lamellar microstructures show higher
fracture toughness values than fine and equiaxed ones. The high toughness of la-
mellar microstructures can be explained by the ability of this structure to deflect
propagating cracks along differently oriented lamella packets. This causes a rough
crack front profile that consumes extra energy for crack propagation.

The relatively limited ability for atoms to diffuse and crystals to deform in hexago-
nal lattices are the major reason for the superior creep behavior of . With increasing
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volume fraction of B the creep behavior of Ti-alloys deteriorates. High creep resis-
tance is also observed for two-phase microstructures with a discontinuous distribu-
tion of B. This is mostly the case for lamellar and partly also for bimodal structures.

The high affinity of titanium for oxygen means that even in air at room tem-
perature a very thin, dense oxide layer (TiO,) forms on the metal surface, and is
the reason for the excellent corrosion behavior of titanium alloys. Among the alloy
classes, o is more stable than f.

The maximum operating temperature of titanium alloys is not primarily limited
by insufficient strength, but by their relatively poor oxidation behavior. Here, B is
more susceptible than a. The oxidation behavior of titanium alloys and titanium
aluminides is described in more detail in Chapter 7.

High reactivity with oxygen and hydrogen from the ambient environment — a
drawback for titanium alloys — can cause the alloy to embrittle. Therefore, welding
of titanium alloys has to be performed either in vacuum or an inert gas atmo-
sphere. a and a+p alloys are easier to weld than f alloys, particularly when the lat-
ter are aged to high strength levels.

The more limited deformation capability and the stronger work hardening abil-
ity of the o phase implies that @ and a+f alloys can only be deformed at high tem-
peratures. The deformation temperature decreases with increasing f volume frac-
tion; some metastable B alloys can even be deformed at room temperature. Super-
plastic deformation requires a fine equiaxed microstructure embedded in a contin-
uous B phase (see Chapters 8 and 10).

1.7
The Alloying Elements of Titanium

The properties of titanium alloys are essentially determined by two factors: the
chemical composition and the microstructure.

The chemical composition of the titanium alloys primarily determines the prop-
erties and volume fraction of the phases, o and B. Due to the limited deformation
capability of hexagonal dense packed crystal structures, o is less ductile compared
with the body-centered cubic B. As already described in paragraph 1.2.4, the diffu-
sion coefficient of a is more than two orders of magnitude lower than that of B.
Therefore, the resistance to creep and oxidation increases with increasing alumi-
num content, while simultaneously the ductility and the deformation capability
deteriorate. Therefore, care had to be taken when new alloys were developed so as
to not exceed 9 wt. % of the so-called aluminum-equivalent

Al eq.=wt. %Al+1/3 wt. %Sn+1/6 wt. %Zr+10 wt. %0 <9 wt. %

for otherwise the alloy-embrittling intermetallic compound Ti3Al precipitated. For
this reason the aluminum content of conventional titanium alloys was limited to
a maximum of 6 wt. % for a long time. Today, however, this borderline is inten-
tionally crossed, as demonstrated by the large activities on titanium aluminides.
Scientists and engineers have learned to take advantage of the extraordinary prop-
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erties of intermetallic compounds on the basis of TizAl (o) and, in particular, of
TiAl (y) as outlined in more detail in Chapters 4 and 14.

Si, Sn, Zr, and interstitial oxygen strengthen o. Si atoms tend to segregate to
dislocations and thus effectively prevent dislocation climb, which improves creep
behavior. Zr tends to homogenize fine silicide precipitates. Mo, V, and Nb are
moderate solid solution strengtheners of . In metastable 3 alloys the § phase can
be effectively strengthened by fine omega precipitates (see Chapter 2). Unfortu-
nately, these high strength levels are usually accompanied by falls in ductility. Nb
is known to improve the oxidation behavior of titanium alloys, while small addi-
tions of Pd substantially improve their corrosion resistance.

1.8
The Conventional Titanium Alloys

Today more than 100 titanium alloys are known, of which, however, only 20 to 30
have reached commercial status. Of these, the classic alloy Ti-6Al-4V covers more
than 50% of usage. Another 20 to 30% are unalloyed titanium. Categorized by al-
loy classes, Tab. 1.5 lists currently used titanium alloys and their most important
mechanical properties. The chemical composition, frequently used short or trade
names, the B-transus temperature, the developing company, and the year of intro-
duction of the individual alloys are also noted. Not listed are alloys of the CIS
states, since their usage in western countries is still limited.

1.8.1
a Alloys

a alloys are primarily used in the chemical and process engineering industry.
Here excellent corrosion behavior and deformability are of prime concern while
high (specific) strength only ranks second. The various commercially pure (cp) ti-
tanium grades differ primarily in oxygen content. As an interstitial alloying ele-
ment, oxygen drastically increases strength with a simultaneous reduction in duc-
tility. To reach the required strength levels of cp titanium grades, only oxygen is
intentionally alloyed; while elements like carbon and iron are considered impuri-
ties brought into the alloy via the manufacturing process.

The four cp titanium Grades 1 to 4 (Tab. 1.5) cover a room temperature tensile
strength level of 240 to 740 MPa. Of these, Grade 1 has the lowest strength level
and excellent cold formability. Therefore, it is used for deep drawing applications,
as cladding alloy for steel reactors, as well as sheet metal for explosive claddings —
generally speaking for parts which require excellent corrosion resistance but only
low strength. Grade 2, with tensile strength levels between 390 and 540 MPa, is
the most popular cp titanium grade. Higher strength Grade 3 is nearly exclusively
used for pressure vessel applications. This still moderately cold-formable higher
strength grade allows for designs with reduced wall thickness and is therefore
used where weight is a concern. Grade 4 has the highest strength of up to
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740 MPa and is preferentially used for mountings and fittings. However, complex
parts have to be shaped at temperatures around 300°C.

For the highest corrosion protection requirements, the Pd-containing alloy Grade 7
was developed. However, due to its high price the nearly equivalent alloy Grade 12 is
often preferred. If higher strength levels are required, Ti-5Al-2.5Sn is a good choice.
As one of the oldest titanium alloys, it gained acceptance decades ago for low-tem-
perature applications as a material for hydrogen tanks and pressure vessels. Like the
other a alloys, Ti-5A1-2.5Sn cannot be age hardened and is thus easy to weld.

1.8.2
Near-a Alloys

Near-o titanium alloys are the classic high-temperature alloys. This alloy class is
ideal for high temperatures since it combines the excellent creep behavior of o al-
loys with the high strength of a+f alloys. Today their upper operating tempera-
ture is limited to about 500 to 550°C.

Ti-8-1-1 was the first titanium alloy particularly developed for high tempera-
tures. The high Al content led, however, to stress corrosion problems; therefore,
all conventional titanium alloys in use today are limited in aluminum content to a
maximum of 6%. The follow-up alloy, Ti-6-2-4-2, developed by Timet, also has this
lower Al content. In the 1970s investigations by RMI were of central importance
to the further success of elevated temperature titanium alloys: research discovered
that small additions of only up to 0.1 wt. % Si would substantially improve the
creep behavior of Ti-6-2-4-2. The alloy was named Ti-6-2-4-2-S. It was argued that
Si would precipitate at high temperatures on dislocations, thus effectively hinder-
ing their climb and likewise deformation. Since then all new high temperature ti-
tanium alloys have been alloyed with up to 0.5% of Si.

The first commercial Si-containing titanium alloy was developed by IMI in the
United Kingdom: IMI 679. The follow-up alloy, IMI 685, was the first alloy to be
used in the P-annealed condition due to the superior creep performance of this
microstructure. One of the most advanced conventional high temperature tita-
nium alloys today is the American TIMETAL 834, originally developed in the UK.
Its maximum service temperature is aimed close to 600°C, assuming sufficient
long-term stability and oxidation protection can be provided.

1.8.3
a+p Alloys

Among the a+f alloys, Ti-6Al-4V is by far the most popular titanium alloy. More
than 50% of all alloys in use today are of this composition. The alloy was devel-
oped in the early 1950s in the United States at the Illinois Institute of Technology
and is therefore one of the very first titanium alloys to be made. There are two
reasons for the success of Ti-6Al-4V. First, the good balance of its properties, as
can be seen from Tabs 1.4 and 1.5. Second, it is the by far the most intensively de-
veloped and tested titanium alloy, which is a major advantage — especially in the
aerospace industry, the largest user of Ti-6Al-4V.
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Other a+f alloys like Ti-6-6-2 and IMI 550 were primarily developed for high
strength. High strength and high toughness is realized with Ti-6-2-4-6. Alloys Ti-
6-2-2-2-2, Ti-55-24-S or Ti-17 were primarily developed for elevated temperature
applications in gas turbine engines up to about 400 °C.

1.8.4
Metastable p Alloys

Over the last few decades the importance of metastable B alloys has steadily in-
creased. These alloys can be hardened to extremely high strength levels of more
than 1400 MPa. The complex microstructure enables the designer to optimize for
both high strength and high toughness. This is true for TIMETAL 10-2-3 and Be-
ta C. Other B alloys like TIMETAL 15-3 can be deformed at room temperature down
to thin foils. In particular, TIMETAL 21S was specially developed as an oxidation re-
sistant foil alloy to be used as the matrix for long fiber reinforced titanium alloys.
TIMETAL LCB is a price-sensitive § alloy (LCB=low-cost beta) particularly aimed
at applications beyond the aerospace sector, e.g. for the automotive industry (see
Chapter 18). Beta-CEZ was developed in France for application at moderate tempera-
tures in gas turbine engines. Due to its very fine grained bimodal microstructure,
the Japanese alloy SP 700 features excellent superplastic behavior even at tempera-
tures as low as 700°C. Wide spread application of B alloys is, however, limited by
its relatively high specific weight, modest weldability, poor oxidation behavior, and
complex microstructure. Chapter 2 particularly addresses B alloys.

1.9
Textures in Titanium Alloys

Unlike aluminum and steel alloys, titanium alloys can have a pronounced aniso-
tropy of properties, which can be directly related to the inherent anisotropy of the
hexagonal crystal structure of a. These crystallographic textures develop upon de-
formation (deformation texture) and can be further pronounced by a subsequent
recrystallization annealing (recrystallization texture). Generally basal and trans-
verse textures are distinguishable. Essentially, they describe the orientation of the
(0002) planes of the hexagonal o relative to the deformation plane and deforma-
tion direction. For the two basic texture types, the (0002) planes are either parallel
or perpendicular to the deformation plane, as schematically outlined in Fig. 1.14.
Crystallographic textures generally depend on the degree, the mode, and the tem-
perature of deformation as well as on the subsequent recrystallization annealing.
Usually the intensity of the texture increases with increasing deformation degree.
In Fig. 1.15 the influence of deformation mode and temperature is schematically
shown on (0002) pole figures. Two basic deformation modes are considered: axial
material flow, for example, with uniaxial rolling, and radial deformation as is the
case in upset forging or multidirectional rolling. For the o+f alloy Ti-6Al-4V four
temperature regions can be distinguished. At temperatures below 900°C, where
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rolling direction Fig. 1.14 Basal and transverse tex-
tures of titanium alloys (schematic,
(0002) pole figures).
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Fig. 1.15 Influence of deformation temperature and mode on texture of Ti-6Al-4V
(schematic, (0002) pole figures).

the hcp is mainly present, primarily basal-type textures form. They may reveal an
extra transverse part, when uniaxially deformed. At temperatures between 900 and
930°C, almost no textures are observed independent of deformation mode. Here,
a substantial volume fraction of the bcc B is present. It is worth mentioning that this
temperature window is also preferentially used to achieve maximum deformation
for superplastic forming. At deformation temperatures just below the transus tem-
perature, the basal component of the texture disappears. Here the (0002) pole figures
are just left with a transverse pole, which is radial after multidirectional deformation.
Above the B-transus temperature a classic cube texture is observed.
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Fig. 1.16 (0002) pole figures of equiaxed Ti-6Al-4V for different defor-
mation modes and temperatures (schematic).

Since the crystallographic textures are principally determined by the mode of
deformation, the crystallographic textures of the equiaxed and bimodal microstruc-
tures can be varied independently of each other. This occurs primarily through
the subsequent recrystallization annealing temperature — sufficiently high defor-
mation degrees provided. As an example, Fig. 1.16 shows four (0002) pole figures
for the alloy Ti-6Al-4V that were generated by varying only the deformation tem-
perature and deformation mode. For all conditions the microstructures were
equiaxed. It is obvious that crystallographic textures may offer an extra opportu-
nity to purposely design the properties of titanium alloys.

1.10
Mechanical Properties of Titanium Alloys

To generally improve the properties of materials, and titanium alloys in particular,
there are essentially two ways to proceed: alloying and processing. Recently a third
option has gained importance: the production of composite materials (Fig. 1.17).
Alloying lays the basis for an increase in strength (e.g. solid-solution strengthen-
ing, age hardening), allows the generation of ordered structures (e.g. intermetallic

25
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alloying processing composites
(chemistry) (microstructure) (MMC)
- density - hardening - density
- precipitation hardening - thermo-mech. treatment - stiffness
- solid solution hardening - stress corrosion cracking I strength
- ordered structure - SPF (grain size) - wear
- stiffness - rapid solidification - fatigue
- thermal expansion - mechanical alloying - thermal expansion
- corrosion behavior - consolidation I corrosion protection
- oxidation behavior - HIP (PM, casting) - oxidation protection

Fig. 1.17 Ways to modify the properties of titanium alloys.

compounds of titanium aluminides), determines most of the physical properties
(e.g. density, elastic modulus, coefficient of thermal expansion), and largely con-
trols the chemical resistance of the material (corrosion, oxidation).

Processing allows the careful balancing of the property profile of materials. De-
pending on the specific property profile required for the final application, differ-
ent microstructures can be generated for titanium alloys by means of thermome-
chanical treatment to optimize for strength (solid solution strengthening, disper-
sion strengthening, grain boundary strengthening, texture hardening), ductility,
toughness, superplasticity, stress corrosion, creep resistance, etc. The processing
techniques of rapid solidification and mechanical alloying extend the spectrum of
potential alloy compositions. Hot-isostatic pressing minimizes defects in cast or
powder metallurgy based components.

The third option is beyond the limits of metallurgy alone. Here different materi-
als are combined to create a composite with superior behavior. The properties of
the new compound often follow a simple rule-of-mixtures of the individual com-
ponent properties. In this case titanium alloys and aluminides are strengthened
with particles or fibers to become metal-matrix composites (MMCs). Apart from
the nature, volume fraction, and orientation of the strengthening component, and
also the matrix material itself, the boundaries between matrix and reinforcement
have a major influence on the mechanical behavior of the composite. In Chapter
12 one prospective composite — SiC long fiber reinforced titanium alloys — is de-
scribed in more detail.

In the final part of this chapter some examples will be given to demonstrate
how individual properties of titanium alloys can be selectively improved by either
alloying, processing, or by use of composites. Although in each case only one sin-
gle property aspect will be stressed, the authors are aware that the optimization of
a real component always concerns many properties.
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1.10.1
Strength

Of all metallic materials, only the highest strength steels have a higher specific
strength than titanium alloys. The yield strength values of conventional titanium
alloys range between about 800 and 1200 MPa, with metastable f alloys showing
the highest values. For special applications — e.g. bolt or screw fasteners — the high-
est tensile and fatigue strengths are required. To increase the strength of titanium
alloys, all three measures can be taken: alloying, processing and composites.

Alloying additions alone are not typically used to increase strength in Ti alloys.
The B alloy TIMETAL 125 (Ti-6V-6Mo-6Fe-3Al) was, however, specially developed
for high strength fastener applications. A double aging treatment leads to very fine
precipitates in the f matrix. Compared to Ti-6Al-4V in Fig. 1.18, this alloy can be age
hardened to exceptionally high yield and tensile strength levels of 1590 MPa and
1620 MPa, respectively, and still has an acceptable elongation to fracture of 6%.

Increased strength by processing is shown for the intermetallic Ti;Al-base alloy
“Super-Alpha-2” (Ti-25A1-10Nb-3V-1Mo (at. %)). In a specific thermomechanical
treatment, i.e. via optimization of deformation, solution heat treatment and aging,
it is possible to increase tensile strength from about 1100 MPa in the as-received
condition to nearly 1800 MPa (Fig. 1.18). First the alloy was deformed by swaging
at temperatures below 1000°C, which transformed the as-received microstructure
into a fine equiaxed microstructure with about 60% primary a, phase. Subsequent
solution heat treatment close below the B-transus temperature followed by water
quenching led to fine primary a, in a matrix of ordered cubic B2 phase. The very
high strength was a result of the final aging treatment at 700°C since very fine
orthorhombic O phase precipitated from the strongly supersaturated B2 phase.
The strength levels achieved are among the highest ever reported for convention-
ally processed titanium alloys.

These ultra-high strength values are only outperformed by titanium matrix com-
posites. As an example, SiC fiber-reinforced Ti-6Al-4V with a fiber volume fraction
of 35% can easily reveal tensile strength values beyond 2000 MPa along the fiber
direction (Fig. 1.18). In the transverse direction, values are presently below the
matrix strength level, due to weak bonding between fiber and matrix. For the in-
troduction of these composites in a high performance component it is therefore
essential that the design guarantees a more or less uniaxial loading. From
Fig. 1.18 it is, however, also obvious that a strength increase — either by alloying,
processing or via composites, is nearly always accompanied by a decrease in duc-
tility. More details on long fiber-reinforced composites are given in Chapter 12.

1.10.2
Stiffness

The Young’'s modulus represents a measure for the stiffness of a material. Its val-
ue is directly related to the atomic bonding in the crystal lattice and thus in-
creases with its degree of ordering. On alloying with aluminum, the elastic modu-
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Fig. 1.18 Strength increase of titanium alloys by alloying (TIMETAL 125),
thermomechanical treatment (Super-Alpha-2) and fiber reinforcement (SiC-
Ti-6Al-4V) compared to Ti-6Al-4V.

lus strongly increases as a result of the accompanying changes in crystal struc-
ture, as shown in Fig. 1.19. The alloy composed of the two solid solution phases a
and B, Ti-6Al-4V, has the lowest modulus. As one of the two phases becomes or-
dered stiffness increases, as in the Ti3Al phase of the a,+f alloy Ti-25A1-10Nb-3V-
1Mo. The highest Young’s moduli are measured for the TiAl alloy Ti-48Al-2Cr-
2Nb, where the two main phases, o, and y are both ordered intermetallics.

Processing can also influence the stiffness of titanium alloys. Because of the
pronounced anisotropic character of the hexagonal crystal structure of a, the elas-
tic modulus of strongly textured structures can substantially vary with load direc-
tion. Fig. 1.20 depicts how a transverse texture produced in Ti-6Al-4V by careful
choice of deformation parameters can exhibit quite an anisotropy in stiffness for
an otherwise homogenous microstructure. In the transverse direction, i.e. parallel
to the c-axis of the hexagonal crystal structure of a, the Young’s modulus is high-
er than in the rolling direction. Usually a pronounced anisotropy of properties is
not desired. However, it is imaginable that the texture can be deliberately used as
a stiffness-increasing measure, similar to directionally solidified or single crystal
Ni-base superalloys. For these alloys, designers have learned to live with and bene-
fit from anisotropic properties.
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Fig. 1.19 Influence of temperature on the elastic modulus of 0+f, 0;+B2/O and o,
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Increased stiffness is a prime aim in the development of particle-reinforced tita-
nium composites. SiC, B4C, TiB,, BN, and TiC particles are the strengthening
components usually incorporated into the material by powder-metallurgical pro-
cessing. The XD process (exothermic dispersion) represents an exception. Here
the strengthening component is incorporated into the titanium matrix by precipi-
tation from the liquid melt.

The stiffness increase of long-fiber reinforced titanium alloys usually follows
the rule-of-mixtures. Since the elastic modulus of SiC fibers is more than three
times higher than that of the titanium alloy matrix, a fiber volume fraction of
only 30-35% doubles the stiffness of the composite compared to the non-rein-
forced titanium matrix.

1.10.3
Elevated Temperature Strength

By far most research and development activity on titanium alloys is directed to-
wards increased elevated temperature capability. Essentially three different meth-
ods have been adopted: further development of the conventional near-a alloys, de-
velopment of dispersion strengthened titanium alloys, and development of tita-
nium aluminide alloys based on the intermetallic compounds Ti;Al and TiAl.

For improvement of high temperature behavior of conventional titanium alloys,
investigations by Seagle, Hall, and Bomberger in the 1970s were of major impor-
tance. They showed that the addition of only 0.1% Si would substantially improve
the creep behavior of the alloy Ti-6-2-4-2 (Fig. 1.21). One possible explanation is that
at high temperatures Si precipitates as silicides on dislocations, thus hindering dis-
location climb, a key deformation mechanism for creep. Although not finally clari-
fied, the positive influence of silicon on the creep behavior is unquestioned.
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Fig. 1.22 Influence of microstructures on creep of TIMETAL 1100.

Yet not only silicon determines the mechanical behavior of the elevated tem-
perature near-o. titanium alloys, the microstructure also has a strong influence.
Here the size and arrangement of the hexagonal o and the body-centered cubic B
are of prime importance. Lamellar microstructures, originating from cooling out
of the B phase field, and equiaxed microstructures, as a result of a recrystalliza-
tion process, can either individually have a fine or coarse distribution or can both
be present in a bimodal microstructure. Compared with equiaxed microstructures,
lamellar structures usually show superior creep behavior due to their coarser
structure meaning a lower volume fraction of phase boundaries (as shown in
Fig. 1.22). On the other hand, equiaxed and bimodal microstructures show superi-
or fatigue properties due to their fine microstructures. Therefore, for primarily
creep limited titanium components used in the compressor of gas turbine en-
gines lamellar microstructures (e.g. TIMETAL 685 or 829) are used, whereas bi-
modal microstructures (e.g. TIMETAL 834) are chosen for primarily low-cycle fa-
tigue limited parts. Selection depends on the area of application and on the de-
sign philosophy of the engine manufacturer (Fig. 1.23).

Another way to improve creep properties makes use of rapid solidification pro-
cessing. Upon fast quenching very finely distributed, high temperature stable dis-
persoids based on metalloids or rare-earth metals (Er,O3, TiB, Y,0;) are incorpo-
rated into the titanium alloy. However, high solidification rates are required to
yield the effective homogeneous distribution and nanometer-size of dispersoids
(Fig. 1.24). Like in other dispersion-strengthened materials, the coarsening of the
dispersoids plays a major role since increasing particle size and simultaneously
decreasing particle distance reduce the effectiveness of high temperature strength-
ening.
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bimodal lamellar

Fig. 1.23 Typical microstructure of elevated temperature titanium alloys: bimodal (TIMETAL
834) and lamellar (TIMETAL 1100).

Fig. 1.24 Dispersion strengthened
rapid solidified Ti-25V-2Er-0.02B.

While rapid solidification techniques only play a minor role in increasing the
operating temperatures of titanium alloys, by far the most activities are concen-
trated on the development of titanium aluminides. These materials based on the
intermetallic compounds Ti;Al (a,) and TiAl (y) have the potential to raise the ap-
plication temperature of titanium-based alloys to about 650°C and 800 °C, respec-
tively. Their excellent creep behavior is due to their ordered structure, which is,
unfortunately, also the cause for aluminides to be quite brittle and accordingly
hard to deform. Alloying with B-stabilizing elements like Nb, V, or Mo has been
effective at increasing the ductility of TizAl-base alloys. y aluminides, which are
even less ductile, are alloyed with Cr, Nb, V, or Mn for similar reasons, however
to a lesser extent. Slightly substoichiometric they show a two-phase 0,+y micro-
structure. Since Ti;Al alloys have only moderate long-term stability they presently
play only a minor role while today the main focus of research and development
on titanjium aluminides is directed to TiAl-base alloys (see Chapters 2, 3, and 14).
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1.10.4
Damage Tolerance and Fatigue

In the aerospace industry fail-safe design following damage tolerance criteria
plays a major role, since only the knowledge of the interconnection between dam-
age and critical material condition allows assessment of the lifetime of a compo-
nent. The damage tolerance of a material describes its behavior in the presence of
loads and defects such as cracks. It is characterized as fracture toughness. Since
in titanium alloys fracture toughness values only reach about half those for steels,
an increase is more than desirable. The influence of alloying elements on fracture
toughness is relatively small. Normally the metastable B alloys are superior to a+f
alloys. However, processing, i.e. microstructural modification, has a larger influ-
ence on fracture toughness. Here lamellar microstructures demonstrate higher
values than equiaxed structures, as shown for Ti-6Al-4V by J-integral measure-
ments on two extreme microstructural conditions, coarse lamellar and fine
equiaxed (Fig. 1.25).

The fatigue behavior of a material is characterized under cyclic loading condi-
tions. The accumulation of damage is usually subdivided into fatigue crack initia-
tion and fatigue crack propagation phases. The behavior of a titanium alloy is in-
fluenced by a number of parameters including alloy chemistry, microstructure, en-
vironment, test temperature, as well as loading conditions like load amplitude,
load frequency, load sequence, or mean stress.

As a first order approximation, a cyclic fatigue test can serve as a measure for
fatigue crack initiation. Smooth specimens are cycled until fracture at constant
stress amplitude and mean stress. The results are documented in terms of Woh-
ler diagrams. The quotient of static yield strength and fatigue strength can be con-
sidered a rough estimate for fatigue crack initiation. Generally, the resistance to

300
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Fig. 1.25 Influence of microstructures on fracture toughness of
Ti-6Al-4V (J-integral measurements).
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Fig. 1.26 High-cycle fatigue of Ti-6Al-4V at room temperature for different alloy
conditions.

fatigue crack initiation for titanium alloys decreases with coarsening of the micro-
structure, i.e. fine equiaxed microstructures have higher fatigue strength than
coarse lamellar microstructures. Fig. 1.26 shows Wohler diagrams of differently
processed Ti-6Al-4V specimens. The highest fatigue strength values are measured
in very fine equiaxed microstructures produced by thermomechanical treatment,
while the coarse cast lamellar structures show the lowest values (see Chapter 5).

The second stage of fatigue damage, after crack initiation and before final frac-
ture, is the growth of fatigue cracks. This is normally investigated on pre-cracked
compact tension specimens, and the fatigue crack growth rate (da/dN) is plotted
versus the amplitude of the stress intensity at the crack tip (AK). As shown in
Fig. 1.27, da/dN-AK-curves are substantially influenced by the microstructure. For
constant amplitude and R-ratio (minimum to maximum load) the lamellar micro-
structure of Ti-6Al-4V shows a more favorable fatigue crack growth behavior than
the equiaxed structure. A look at the fracture surfaces points out substantial differ-
ences between the two microstructures with regard to roughness, fractured area
per mm crack growth, and local crack plane orientation relative to the loading di-
rection — observations that are able to explain the influence of microstructure on
the fatigue crack growth behavior (see also Chapter 5).

It is generally experienced that in microstructures with inherently high resis-
tance to fatigue crack initiation the cracks tend to propagate faster, and vice versa.
Obviously these two properties cannot easily be optimized at the same time — sim-
ilar to the balance between strength and ductility.
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coarse lamellar microstructures.
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Beta Titanium Alloys
G. TErLINDE and G. FiscHER, OTTO FUCHS Metallwerke, Meinerzhagen, Germany

2.1
Introduction

Beta titanium alloys are the most versatile class of titanium alloys. They offer the
highest strength to weight ratios and very attractive combinations of strength,
toughness, and fatigue resistance at large cross sections. Some of the disadvan-
tages compared to a+f alloys are increased density, a rather small processing win-
dow, and higher cost (Tab. 2.1). The development and use of beta alloys since the
1950’s has been well described in the literature [1, 2], the alloys are summarized
in Tab. 2.2 [1].

In the past Ti-13V-11Cr-3Al had been applied to a larger extent (SR-71 Project).
Currently five alloys are mainly used: Ti-10-2-3, Beta C, Ti-15-3, TIMETAL 218,
and BT 22 [3] for structural components, and Ti 17 for gas turbine engine com-
pressor discs. Among these alloys, Ti-10-2-3 offers, when properly processed, the
best combinations of strength, toughness, and high cycle fatigue strength of any

Tab. 2.1 Advantages and disadvantages of beta titanium alloys [3].

Advantages Disadvantages
— high strength-to-density ratio — high density
— low modulus — low modulus
— high strength/high toughness — poor low and high temperature properties
- high fatigue strength — small processing window (some alloys)
— good deep hardenability — high formulation cost
- low forging temperature — segregation problems
— strip producible — low-cost TMP * — high springback
(some alloys)
— cold formable (some alloys) — microstructural instabilities
— easy to heat treat — poor corrosion resistance (some alloys)
— excellent corrosion resistance (some alloys) - interstitial pick up

— excellent combustion resistance
(some alloys)

* TMP: thermomechanical processing

Titanium and Titanium Alloys. Fundamentals and Applications.
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Copyright © 2003 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
ISBN: 3-527-30534-3

37



38 | 2 Beta Titanium Alloys

Tab. 2.2 Composition, category, applications, source and year of introduction of major beta titanium alloys [2].

Alloy composition Commercial Category Mo- Actual and poten-  Introduction
name Eq u. tial applications Year-by

Ti-35V-15Cr Alloy C beta 47 burn-resistant alloy 90-P & W

Ti-40Mo beta 40 corrosion 52-RemCru
resistance

Ti-30Mo beta 30 corrosion 52-RemCru
resistance

Ti-6V-6Mo-5.7Fe-2.7Al TIMETAL 125 metastable 24 high-strength 90-TIMET
fasteners

Ti-13V-11Cr-3Al B 120 VCA metastable 23 airframe, 52-RemCu
landing gear,
springs

Ti-1A1-8V-5Fe 1-8-5 metastable 19 fasteners 57-RMI

Ti-12Mo-6Zr-2Fe TMZF metastable 18 orthopedic 92-How-
implants medica

Ti-4.5Fe-6.8Mo-1.5A1 TIMETAL metastable 18 low cost, high 90-TIMET

LCB strength alloy

Ti-15V-3Cr-1Mo-0.5Nb- VT 35 metastable 16 high strength na*-Russia

3Al-3Sn-0.5Zr airframe castings

Ti-3Al-8V-6Cr-4Mo-4Zr Beta C metastable 16 oil fields, springs, 69-RMI
fasteners

Ti-15Mo IMI 205 metastable 15 corrosion 58-IMI
resistance

Ti-8V-8Mo-2Fe-3Al 8-8-2-3 metastable 15 high strength 69-TIMET
forgings

Ti-15Mo-2.6Nb-3A1-0.2Si ~ TIMETAL 21S  metastable 13 oxidation/corrosion 89-TIMET
resistant, TMCs

Ti-15V-3Cr-3Sn-3Al 15-3 metastable 12 sheet, plate, 78-USAF
airframe castings

Ti-11.5Mo-6Zr-4.5Sn Beta III metastable 12 high strength 69-Crucible

Ti-10V-2Fe-3Al 10-2-3 metastable 9.5 high strength 71-TIMET
forgings

Ti-5V-5Mo-1Cr-1Fe-5Al VT 22 metastable 8.0 high strength na*-Russia
forgings

Ti-5Al-2Sn-2Zr-4Mo-4Cr Ti-17 beta-rich 5.4 high strength, me-  68-GEAE
dium temperature

Ti-4.5A1-3V-2Mo-2Fe SP 700 beta-rich 5.3 high strength, SPF 89-NKK

Ti-5A1-2Sn-2Cr-4Mo-4Zr-  Beta-CEZ beta-rich 5.1 high strength, 90-CEZUs

1Fe medium
temperature

Ti-13Nb-13Zr beta-rich 3.6 orthopedic 92-Smith &
implants N.

* na: not announced
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titanium alloy. Recently some new alloys like Beta-CEZ, LCB, and SP 700 have
been developed and are now being introduced. More information about the partic-
ular use of these alloys will be given later.

One of the keys for successful application of beta alloys is the development of
appropriate processing conditions. Systematic correlations between processing,
microstructure, and properties must be derived in order to find a technically rea-
sonable and safe processing window. Questions beyond these issues, in particular
concerning the corrosion behavior, alloy development, applications, etc., are de-
scribed in more detail elsewhere [1, 2].

Subsequently, a brief introduction to the metallurgy and processing of beta titanium
alloys will be given. Then, an attempt will be made to describe the effects of deforma-
tion and heat treatment on microstructure and on the main properties like tensile
values, toughness, high cycle fatigue (HCF), and fatigue crack propagation (FCP).

2.2
Metallurgy and Processing

A Deta alloy is defined here as a titanium alloy with sufficient B-stabilizer content
to suppress the martensitic transformation during quenching to room tempera-
ture. This means that 100% beta phase is retained (Fig. 2.1). The beta stability can

! A: p-Solution Annealing
} B: o/B-Solution Annealing
C: Short-term High Temperature Exposure

\I D: Long-term Low Temperature Exposure

A .

Temperature ————=

RT
Ti B-Stabilizing Elements (S) [%] — Cs

Fig. 21 Schematic phase diagram of metastable beta alloy [9].
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be described by the molybdenum equivalent, which combines the effects of the
various B-stabilizing elements like Mo, V, Fe, Cr, Nb, etc. [3]. A minimum value of
about 10% is necessary to stabilize the beta phase during quenching (see Mo
equivalent in Tab. 2.2). Beyond a f-stabilizer concentration of ¢, stable B alloys ex-
ist (Fig. 2.1). Between the minimum concentration, c., and ¢, alloys are meta-
stable; most commercial § alloys fall into this range (Tab. 2.2).

With the help of Fig. 2.1 and a qualitative TTT-diagram of Ti-10-2-3 in Fig. 2.2
[4, 5], the development of the basic microstructures will be explained briefly; more
comprehensive descriptions are given in [6, 7).

Processing of B alloys usually consists of a hot working operation followed by a
heat treatment. The final hot working step is normally performed in the o+f
field for the leaner beta alloys, and preferentially in the B field for the richer beta
alloys. The heat treatment consists of a solution treatment followed by quenching
and a subsequent aging treatment. A solution heat treatment above the B-transus
temperature results in coarse f grains (Fig. 2.3a). Solution treating slightly below
the B transus leads to the precipitation of primary a (o) (Fig.2.3b and c). The
heat treatment temperature controls the o, volume fraction, while forging and
rolling deformation influences the o, shape. Without working a needle-like a,
shape develops; an increased amount of hot working leads to a globular a, shape.
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Fig. 2.2 Qualitative TTT-diagram for Ti-10-2-3 (B-ST) [4, 5].
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Fig. 2.3 Different microstructures of beta al- globular p; (d) 10% a, (recrystallized) with
loys; (a)—(e): Ti-10-2-3; f: Beta C); (a) B-ST GB-u; (e) secondary a (TEM); (f) inhomoge-
and aged; (b) 10% elongated ay,; (c)10% neous precipitation of secondary o.

The B grain size and size distribution are controlled by a proper selection of tem-
peratures and deformation starting from ingot breakdown [8]. Several cycles of de-
formation and recrystallization are possible if small grain sizes are required.

Grain boundaries are preferred sites for a film-like o precipitation during for-
ging, cooling from PB-forging, and heat treatment. The precipitation of detrimental
grain boundary o can be suppressed by rapid cooling from the B phase field.
Since this is impossible to realize as, for example, in the case of large cross sec-
tions, subsequent «/B-processing can break up the grain boundary film (Figs. 2.2
and 2.3d).

At lower temperatures, typically 400°C to 600°C, the secondary o (o) precipi-
tates in a fine distribution (Fig. 2.3e and 2.3f). It has a significant strengthening
effect depending on its volume fraction and size, which in turn are controlled by
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aging temperature and time as well as by the solution treatment temperature [6].
The precipitation of as can be homogeneous as it is found in lean beta alloys like
Ti-10-2-3, or inhomogeneous in richer beta alloys, like Beta C or Ti-15-3. In the
latter case, precipitation starts from grain boundaries and later in the grain leav-
ing some local areas unaged (Fig. 2.3f). Cold work generally enhances the aging
response and can lead to a more homogenous distribution of the og [9]. The uni-
formity of the o4 can also be influenced by step aging procedures as will be dis-
cussed later. In lean alloys coherent @ phase can precipitate at low temperatures
(Fig. 2.2). It will not be discussed further since it is not used due to its embrit-
tling effect [4]. Alloys with a high amount of B-stabilizer can form intermetallic
compounds. Their possible effect on properties is discussed in [6, 7].

In summary, the following microstructural constituents are important for prop-
erty control of beta titanium alloys:

¢ B grain size
e 0, and o including their shape, size, and volume fraction
e grain boundary a.

23
Mechanical Properties

2.3.1
Tensile Properties

Through aging, a wide range of yield stresses (typically 900 to 1400 MPa) can be
reached in beta titanium alloys. With increased aging, however, all B alloys show a
significant reduction in ductility. This is illustrated for Ti-10-2-3 in Fig. 2.4 where
the elongation to fracture is plotted versus the yield strength. This observation has
been explained as an increased strain localization in the aged matrix and by a
higher yield stress difference between the soft primary o and the aged p matrix,
which leads to early crack nucleation (Fig. 2.5) [10]. In more highly B-stabilized al-
loys like Ti-15-3 or Beta C, with an inhomogeneous o precipitation, duplex aging
procedures have been developed. They consist of “high/low“- or “low/high” aging
sequences. Duplex aging allows, for example, higher strength in shorter time
than single-step aging [9, 11, 12]. Some authors also claim an improvement in
ductility [11], while others do not find an effect on ductility [12, 13]. Duplex aging
was mainly developed for an improvement of toughness and fatigue resistance
and will be further discussed in that context.

Besides the dominating effect of aging, primary a (0p) can also influence ductil-
ity. As described in section 2.2, processing influences both the shape and size of
0p. A coarsening of the a, as well as a change from globular to acicular o, leads
to a reduction in ductility in Ti-10-2-3, as shown in Fig. 2.4 [10, 14]. The reason
for both observations is the increased “effective” size or slip length of the soft a,
favoring early crack nucleation [10, 15]. An increase in the volume fraction of a,
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Fig. 2.4 Elongation to fracture versus yield strength for different microstructures in Ti-10-2-3.

(lower solution heat treatment temperatures) leads to a reduced ductility at con-
stant macroscopic yield strength (Fig. 2.4, 10% oy, versus 30% ap). In order to
achieve a comparable yield stress, the B of the microstructure with a higher vol-
ume fraction of soft o, must be aged higher, which in turn favors crack nuclea-
tion [10, 15]. At a constant aging treatment an increase in the a, volume fraction
reduces yield strength and increases ductility, as shown in Tab. 2.3 [4, 10, 16].

The effects of grain size and grain boundary are interrelated. These parameters
do not affect strength [17], but can have a pronounced effect on ductility. The
presence of grain boundary o, especially as a continuous film, lowers ductility
since the strain is localized in the soft o film leading to crack nucleation and frac-
ture at grain boundaries (Fig. 2.4, 2.5c and d) [6, 10, 16, 17, 18]. For alloys Ti-10-2-
3, Ti-15-3, and Beta C, a grain refinement has been shown to improve ductility
(Fig. 2.6) [17, 19, 20, 21]. In cases where crack nucleation occurs at grain bound-
ary o, this observation can be explained by a reduced slip length in the soft film
resulting in delayed crack nucleation. If crack nucleation is intergranular, there is
no conclusive explanation for a grain size effect on ductility. A summary of the ef-
fects of the various microstructural parameters on tensile properties is given in
Tab. 2.4.
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Fig. 2.5 (a), (b): Increased matrix aging lead- (c), (d): Preferential plastic deformation in
ing to localization of slip [15]; (a) grain boundary a; (c) [10] leading to grain
YS=1100 MPa; (b) YS=1400 MPa; boundary fracture (d).

Tab. 2.3 Yield strength, K, and true fracture strain for two volume fractions of ap at constant
aging treatment for Ti-10-2-3 [15].

a, volume fraction [%] Yield Strength [MPa] Kic [MPa] F
10 1402 20 0
30 1101 34 0.04
232

Fracture Toughness

Increased aging significantly reduces fracture toughness. This has been shown for
various beta alloys [13, 15, 20, 22, 23], an example is given for Ti-10-2-3 in
Fig. 2.7. Fractography has revealed that as for ductility, an increased strain localiza-
tion and increased strength difference between the soft o, and the aged matrix is
the reason for this trend [15]. Therefore, because of the same micromechanisms
of fracture both properties show the same trend. Duplex aging has been tried in
order to increase the strength and toughness compared to single-step aging [12,
13, 23, 24]. The results indicate that a low/high aging combination improves the



2.3 Mechanical Properties

O@Ti-10V-2Fe-3A!
A ATi-15V-3Cr-3Sn-3Al
E C/ETi-3AI-8V-6Cr-4Mo-4Zr
=3
= 1400 - = -
= .
o o o
& 1200 | P AceiogllX _
7 ' 60 =
4 ©
5 S g
~ | =z
N 40 p
] “anl =
\ Ta 420 2
L . S
§ 20 t Lol L N Lo ia 0 8
= o
£ a.
© - N
% 10 | o “Ac. A
\KD -0g
0 i s "
10 102 103

B-Grain Size [um]

Fig. 2.6 Effect of B grain size on tensile properties of three com-
mercial beta alloys aged at 500°C for 8 hrs [17].

Tab. 2.4 Effect of microstructure parameters on properties of Ti-10-2-3.

Microstructure

El (RA)

ch

HCF

FCP (threshold
region)

Secondary a(as)

- increasing volume fraction YS 1
decreasing size YS 1

— inhomogeneous distribution (e.g. preferential
formation at grain boundaries)

Primary a(ap)

— volume fraction: increasing (10% — 30%)
YS =constant
aging treatment constant (YS |)

— morphology: (globular — elongated)

— size: (e.g. 2 pm — 4 pm)

Grain boundary a(GBa)

B grain size: (large — small)
transgranular fracture
intergranular fracture

O

+/-

O0O
Iz

O

El (RA): Elongation to fracture (reduction in area); K;.: Fracture toughness; HCF: High cycle fatigue;
FCP: Fatigue crack propagation; +: improvement; —: deterioration; O: no effect
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toughness of Ti-10V-1Fe-1Cr-3Al [12], but has no effect on the toughness of Beta
C [13, 24]. For Ti-15-3, a high/low combination appears to be more successful on
improving the toughness [23]. The toughness increase, from about 43 MPa m'/?
to 66 MPam'/?, when using duplex aging instead of single aging on Ti-15-3 is
considerable. The investigation showed that a mixture of coarse, long primary o
(“high aging”) and fine secondary o (“low aging”) was able to cause a more tortu-
ous crack path increasing the toughness by this geometrical effect.

The role of primary o (a,) on toughness has been studied in numerous investi-
gations [8, 14, 15, 20, 21, 25]. For example, if the a, shape changes from elon-
gated to globular toughness will decrease (Fig. 2.7) [14, 15]. Fractographic exami-
nation has shown that elongated a,, leads to a more pronounced crack deviation
[15]. An increase of the a, volume fraction has been shown to drastically reduce
toughness when comparing at constant yield strength (Fig. 2.7). The same reason
largely applies for this effect as for ductility, namely an increased degree of matrix
aging is compensating for the higher amount of soft oy, [15]. When comparing at
constant aging, an increase in the o, volume fraction leads to an increase in
toughness (Tab. 2.3).

Several authors have studied the role of grain size and grain boundary a [15,
17, 19, 20, 22, 26, 27]. A beta grain refinement has been found to reduce the frac-
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Fig. 2.7 Fracture toughness versus yield strength for different microstructures
with primary o phase in Ti-10-2-3 [15].
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ture toughness of Ti-15-3 [17, 28]; while for Beta C and Ti-10-2-3 no effect was
found (Fig. 2.8) [17, 19].

Grain boundary a has been claimed to decrease [15, 27] or increase [29] fracture
toughness or not to effect it [15]. Examples are shown in Fig. 2.9 where fracture
toughness is plotted versus yield strength. Comparing two microstructures with
and without primary a (B-ST, DA), and with a grain size of 300 pum, there is no in-
fluence of grain boundary o on toughness. For a microstructure with primary o
and very small, recrystallized grains that are decorated with grain boundary o
(Fig. 2.3d), then the fracture toughness drops drastically compared to the micro-
structure with large grains (B-ST).

In order to explain observations that appear contradictory, it is necessary to take
into account the degree of aging, plastic zone size, and stress state in addition to
grain size and grain boundary a (Fig. 2.10) [15, 20]. The subsequent conclusions
can be seen as a further development of an earlier model by Williams et al. [25]
that treats the grain boundary o as a low energy fracture path by plastic zone con-
finement to this soft film.

(1) If the plastic zone is much smaller than the grain size (high strength, large
grain) the fracture will start from the transgranular pre-fatigue crack [15]. For
this fracture mode grain boundary a will not affect fracture toughness as has
been shown on Ti-10-2-3 [15, 20], since the intrinsic toughness of the aged ma-
trix is measured (Fig. 2.9, compare B-ST and DA).

(2) If the plastic zone size is much larger than the beta grain size (small grain,
low strength), cracks can initiate and proceed in the soft grain boundary o
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Fig. 2.8 Effect of 3 grain size on notched tensile strength and frac-
ture toughness of three commercial beta alloys aged at 500°C after
ref. [17].
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Fig. 2.9 Fracture toughness versus yield strength in Ti-10-2-3, influence of grain boundary o
phase and grain size [15].

(3)

which can be regarded as a low energy path [15, 22, 25]. At constant yield
stress, fracture toughness will be smaller than for the transgranular fracture
[15] (Fig. 2.9, compare B-ST and 10% a, with grain boundary o). As long as
the grain boundary fracture mechanism is active, an increasing grain size
should increase toughness since more tortuosity of the crack path is created
which, as a geometrical effect, increases toughness. This mechanism has been
used in an improved manner for the development of alloy Beta-CEZ. Instead
of a continuous grain boundary o film, a broken up grain boundary o (‘neck-
lace’) has been produced, which still deflects the crack but is a higher energy
path and does not reduce ductility [27, 29]. In addition, in the case of inter-
granular fracture, an increase in matrix aging will lead to a stronger confine-
ment of the plastic zone to the soft grain boundary a film thus leading to a
lower toughness [25]. In the case of stretched grains, for example by forging,
intergranular fracture and the crack deviation effect can lead to a pronounced
anisotropy in fracture toughness.

If no grain boundary a is present, toughness should be independent of beta
grain size, since fracture will advance transgranularly.

In summary, using this approach it is possible to explain seemingly contradictory
results (Tab. 2.4, Fig. 2.10). An optimum toughness is given by a combination of a
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Fig. 210 Schematic illustration of crack initiation and growth in beta alloys.

high energy crack path and maximum crack deviation. One such combination is
an aged matrix with acicular a, (example Ti-10-2-3), another possibility is a bro-
ken up grain boundary a with a large grain size (example Beta-CEZ).

233
Fatigue (HCF)

The good fatigue potential of beta alloys has been known for quite some time
[30]. A high cycle fatigue strength (HCF) around 700 MPa (R=-1, K;=1) can be
achieved in Ti-10-2-3 for large cross sections (2100 mm); this is not possible for
any other titanium alloy. New fatigue critical applications in the aerospace indus-
try [31] have triggered some recent research efforts to understand and optimize
the fatigue behavior. Boyer and Hall [22] as well as Jha and Ravichandran [32]
have reviewed the effects of various thermomechanical treatments on fatigue
along with the corresponding microstructures. Subsequently, their discussions will
be briefly summarized, and some recent results will be added and discussed.

An increase in aging, or 0.2% yield strength, can increase HCF strength. This
effect has been observed for example in Ti-10-2-3 [5, 33, 34], Beta C [35], Ti-15-3
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[28, 36], and SP 700 [37]. Fig. 2.11 shows the HCF strength for various beta alloys
as a function of yield strength at R=0.1. Similar results have been obtained for
R=-1. From the data it appears that the richer beta alloys like Beta C or Ti-15-3
have a lower fatigue strength level than the leaner alloys such as Ti-10-2-3 or SP
700. One possible reason may be the trend for an inhomogeneous precipitation of
s in the richer alloys. Gregory et al. have shown that for Beta C crack nucleation
occurs in the transgranular precipitate-free regions [35]. Using a duplex aging pro-
cedure a more homogeneous o precipitation resulting in a 50 MPa increase in fa-
tigue strength was achieved (Tab. 2.5).

From this work (Fig. 2.11, Tab. 2.5) it also appears that an upper limit exists for
HCEF strength that cannot be exceeded by further aging. It can be concluded that
the soft regions, like grain boundary o, precipitate-free zones, or primary o, where
fatigue cracks initiate become more and more dominant at higher strength since
the strength differential between these zones and the aged matrix becomes great-
er. In addition, the trend to localized slip in an aged matrix that has been ob-
served at high strength in Ti-10-2-3 [8] may contribute to an upper limit in fatigue
strength.

A grain size reduction has been shown to increase the fatigue strength of Beta
C [19], Ti-10-2-3 [38], and Ti-8-8-2-3 [39]. This is illustrated in Tab. 2.6 for Beta C.
Grain boundary o has been discussed as a crack nucleation site. As has been
shown for static properties [15, 20], the grain size reduces the slip length of grain
boundary o leading to delayed crack nucleation. The detrimental role of grain
boundary a on fatigue was also shown for Ti-10-2-3 [34]. The effect of o/p defor-
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Fig. 211 HCF strength versus yield strength for different beta alloys.
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Tab. 2.5 Effect of aging degree and duplex aging on HCF strength in Beta C [35].

Heat treatment YS [MPa] HCF-Strength
G4 [MPa] at 107 cycles; R=-1, K,=1

927°C, AC 850 390
927°C, AC 1085 575
+ 16 h/540°C

927°C, AC 1085 625
+ 4 h/440°C

+16h/560°C

927°C, AC 1325 625

+72h/440°C
+16 h/500°C

Tab. 2.6 Effect of grain size on HCF strength in Beta C bar, R=0,1, K;=1 [19].

Grain size Ys HCF-Properties (10° cycles)
[um] [MPa]
HCF Strength [MPa] HCF Strength / YS
40 1255 815 0,65
34 1188 800 0,67
75 1220 690 0,57
122 1344 670 0,50

mation after B-forging was investigated and it was found that the purely B-forged
condition showed a higher ratio of HCF strength to yield strength than the B+ o/
B-forged material with >30% a/f deformation (Fig.2.12). While considerable
amounts of grain boundary were observed in the purely B-processed condition,
they were effectively removed by an o/f-deformation of >30%. This also explains
why more than 30% o/f deformation does not further improve fatigue strength.
Campagnac et al. have also observed the interdependence of HCF strength on o/f
deformation in the range between 0.35 and 1.0 true strain [40]. If grain boundary
a is suppressed and cracks initiate in the aged matrix, a grain size effect on HCF
strength should not be expected. A summary of microstructural effects on fatigue
is given in Tab. 2.4.

Although there are numerous open questions regarding the understanding and
optimization of fatigue (role of primary o, notched fatigue results, etc.) the exist-
ing results already give some indications how to improve fatigue resistance: aging
to an optimum level, small grain size, reduction/suppression of grain boundary a,
and homogeneous distribution of secondary o.
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Fig. 212 HCF strength versus o/} forging deformation for Ti-
10-2-3 [34]

234
Fatigue Crack Propagation (FCP)

In contrast to other mechanical properties, fatigue crack propagation resistance is
much less sensitive to processing and microstructure and even to chemical com-
position of alloys [41, 42]. Fig. 2.13 shows a da/dN-AK plot with results on Ti-10-2-
3, Ti-15-3, TIMETAL 218, Beta C, and Beta-CEZ that are taken from several refer-
ences [39, 41-45]. This figure updates an earlier comparison [42] by including new
data for TIMETAL 21S and Beta-CEZ. Although quite different products and pro-
cessing conditions were taken, the curves fall in a narrow band especially at inter-
mediate da/dN values (Paris-region). Compared to mill-annealed Ti-6-4, the fa-
tigue crack propagation rates are slightly higher at low da/dN values [42].

The influence of processing and the resulting microstructures has been particu-
larly investigated for Ti-10-2-3 [41, 42, 46, 47], and to a lesser extent for Beta C
[13], Ti-15-3 [39, 48], TIMETAL 21S [43], and Beta-CEZ [27]. Increased aging does
not significantly change behavior in the threshold and Paris region for Ti-10-2-3
[42, 46], TIMETAL 21S [43], and Ti-15-3 [48]. A slightly higher fatigue crack
growth rate (factor of about 2) has been found at higher strength for Beta-CEZ
[27]. For Ti-10-2-3 a variety of eleven forging and heat treatment conditions has
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been investigated at a nominal yield strength of 1240 MPa [41, 47]. For all the o-
aged conditions very little effect of microstructure on FCP was observed
(Fig. 2.14). Only one w-aged condition, which is commercially irrelevant, showed a
significantly higher threshold value. This effect is due to a change in slip distribu-
tion caused by the coherent, shearable ® particles and the resultant roughness of
the crack front profile [41]. An investigation of the Russian BT 22 alloy has shown
that compared to globular primary o, lamellar o increases the fatigue crack
growth rate by a factor of 5 [26]. Fractographic analysis has generally shown mac-
roscopically and microscopically rather flat and transgranular fracture surfaces
[41, 42, 46]. Crack closure measurements as a function of yield stress [46] resulted
in relatively small crack closures (about 1 MPam'/?), which are not consistently
varying with yield stress.

A discussion of results must consider that the volume affected in a FCP test is
very small. For example, the plastic zone size at AK=5MPam'? and vyield
strength=1100 MPa is on the order of 1-2 um. Therefore, it encompasses only a
few oy particles and the crack will grow by a local decohesion of ag/p interfaces.
The oy precipitates as a dominating parameter probably do not vary sufficiently in
size, shape, and volume fraction to achieve major differences in FCP. This is in
contrast to a+f Ti alloys like Ti-6-4, which can be considerably influenced in fa-
tigue crack growth. On the other hand, beta alloys are hardly inferior in fatigue

53



54 | 2 Beta Titanium Alloys

107 Fig. 2.14 Fatigue crack growth for elev-
en different microstructures in Ti-10-2-
3; YS=1240 MPa [41].
10°
©
S04
S 107
S
1S
Z 107
S
©
5|
10 Ti-10-2-3
[
R=0,1,Air
107 :
1 10 100
AK [MPam™’]

crack growth resistance. The insensitivity of FCP to microstructure gives the
chance to optimize other mechanical properties without damaging FCP.

24
Applications

Despite the obvious potential of beta alloys, their share of the titanium market is
still small (1% of the US market) [3]. However, their use is continuously increas-
ing, especially in aerospace [31]. This is through increased use of existing alloys
like Ti-10-2-3. Most of the landing gear of the Boeing 777 airplane, for example, is
produced from Ti-10-2-3 forgings, including the large truck beam (see Chapter
13). In addition, Fig. 2.15 shows the rotor head of the Westland Super Lynx heli-
copter, which is also produced from Ti-10-2-3 instead of Ti-6-4. Ti-10-2-3 is also
currently used in other helicopter programs. The driving force for selection of Ti-
10-2-3 in the latter case was increased fatigue properties of the beta alloy. There
are numerous other applications for beta alloys, including BT22 as a competitor
to Ti-10-2-3, Ti-15-3 (sheet and castings), and TIMETAL 21S with its good high
temperature properties [31].

Outside aerospace, beta alloys can be used for downhole service (deep oil and
gas wells) where Beta C is a particularly appropriate candidate because of its good
combination of mechanical and corrosion properties [49]. New alloys under devel-
opment are: TIMETAL LCB (LCB - low cost beta) with its first application in auto-
motive springs [3], SP 700 as a high strength alloy with improved cold and super-
plastic formability [37], and TMZF (Ti-12Mo-6Zr-2Fe) as a surgical implant alloy
with low modulus, good strength, and corrosion resistance [51].
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Courtesy of Westland Helicopters

Fig. 215 Super Lynx helicopter main bolted rotor head made from Ti-10-2-3.

The description of applications is by far not complete and the reader is referred

to the referenced literature. But it shows that beta alloys have an excellent prop-
erty potential for a wide field of applications. One particular challenge for the in-
troduction of this alloy family is the necessity for strict process control, since
some properties are very sensitive to process variations. Uniformity of properties
is a major issue particularly for large parts with complex shapes since the varia-
tions in local deformation have to be controlled. The improved understanding of
the relationships between processing and microstructures/properties is the neces-
sary basis for a successful introduction of beta alloys into further applications.
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Orthorhombic Titanium Aluminides:

Intermetallics with Improved Damage Tolerance

J. KuMPFERT, Airbus Industrie, Blagnac, France
C. LeYENs, DLR-German Aerospace Center, Cologne, Germany

3.1
Introduction

Titanium aluminides represent an important class of alloys, providing a unique set
of physical and mechanical properties that can lead to substantial payoffs in future
aircraft engines. TiAl-base materials exhibit the highest potential for near-term appli-
cations in rotating parts of commercial aircraft engines. The most recent alloy family
within the group of titanium aluminides is the orthorhombic titanium aluminides,
based on the intermetallic compound Ti,AINb. For demanding elevated temperature
applications, e.g. jet engines, this new class of alloys competes with conventional
near-o titanium alloys, the almost mature y TiAl alloys and, as all high temperature
titanium base alloys, nickel-based materials [1, 2].

It is important to note that it took more than 25 years of very intensive research
around the globe to obtain a maturity level of intermetallic y-TiAl base alloys that
is sufficient to consider this material seriously for low risk rotating components
in commercial jet engines. If this enterprise will finally prove to be technically
and economically successful, new generations of intermetallic alloys will appear
less exotic to designers. However, since mainly high-risk components are left over
for new material developments, the barrier for implementation is increasing. In
the U.S., orthorhombic titanium aluminides were considered earlier for lower risk
parts, such as compressor casings and other static parts [1]. Due to the progress
made in development, many such components appear to be feasible with TiAl al-
loys today. Thus, orthorhombic alloys need to fulfil the requirements of other
components, where especially high fracture toughness and high strength is a re-
quirement for application at temperatures above 500°C. In this regime nickel-
based alloys are often employed, for example, in large jet engine disks. Replace-
ment of the nickel-based disks remains, however, one of the biggest challenges in
the design of new high performance lightweight compressors. A sophisticated
approach to designing a lightweight alternative to conventional disks or blisks
(bladed disk) is the bladed-ring (bling) concept. Long-fiber reinforced high tem-
perature titanium matrix composites (TMCs) capable of long-term service above
500°C generate further demand for a new high temperature titanium-based mate-
rial [2, 3] (see Chapter 12). Orthorhombic titanium aluminides appear to be quite
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promising for this application, but will only find increased attention if they offer a
unique set of properties not provided by competing alloys.

Today conventional titanium-based alloys represent one third of the weight of
modern aircraft engines and, are the second most used engine material following
Ni-based superalloys. Modern high-pressure compressors employ near-o titanium
alloys in the front, and Ni-based superalloys in stages exceeding ~500°C. The im-
proved thrust-to-weight ratio of today’s jet engines is in part a result of a higher
stage pressure ratio of modern compressors in conjunction with higher mechani-
cal loads, as well as significant weight reductions by replacing Ni-based alloys by
last generation near-a titanium alloys. This alloy class derives its creep resistance
from the close-packed hcp o phase, and its strength from microstructures with a
high density of o/p interfaces, as well as solid solution strengthening of the indi-
vidual phases. With respect to mechanical properties, conventional near-o tita-
nium alloys have a temperature capability up to 550°C-600°C. It seems, after 40
years of alloy development, that this defines an upper limit of this class of materi-
al. However, the main reason for employing heavy Ni-based alloys down to service
temperatures of 500°C is the severe environmental embrittlement of conventional
titanium alloys due to oxidation [4, 5]. Development of oxidation resistant coatings
may further increase the temperature limit for these alloys [6].

Tab. 3.1 compares some important properties of nickel-based alloys with conven-
tional near-o titanium and y TiAl-based alloys in a qualitative manner to highlight
the differences between the individual property profiles in a clear arrangement.
While near-a titanium alloys exhibit high fracture toughness, high strength, lower
density, and easy formability, they suffer from low oxidation resistance combined
with high temperature embrittlement and limited creep resistance compared to
nickel-based alloys. On the other hand, TiAl-based alloys exhibit an improved
creep resistance, relatively good oxidation resistance, low density, and a very high
specific Young’s modulus. In addition, it appears that the limited strength capabil-
ity of “conventional” TiAl-based alloys can be overcome by increased niobium con-
tent in the regime between 5-10 at.% [7, 8]. Thus, TiAl-based materials exhibit
the highest potential for near-term application in rotating parts of commercial air-
craft engines. However, damage tolerance remains an issue for designing compo-
nents with TiAl. Their limited fracture toughness and low crack growth resistance
make current TiAl-based alloys an unlikely candidate for components with high
damage tolerance requirements, e.g. compressor disks. Since higher niobium con-
tent (5-10 at.%) in TiAl-based alloys primarily supports the formation of finer mi-
crostructures and increases the a, phase volume fraction, it is most likely that the
previous statement can be extended to these new derivatives of y titanium alumi-
nides. In conclusion, no lightweight, damage tolerant material has the requisite
maturity today to replace nickel-based alloys above 500°C. Such a material could
allow a significant performance boost through introduction of new lightweight
compressors no longer dependent on the use of large quantities of heavy nickel-
based alloys.

The orthorhombic titanium aluminides emerged in the early 1990’s based on
extensive investigation of Alpha-2 alloys in the 1980’s (Tab. 3.2) [9-13]. In the late
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Tab. 3.1 Property profiles of advanced high temperature alloys for jet engines.

Near-a Ti Ni Base v TiAl

Density + - T+
Specific tensile strength + - +/-
HT spec. Young’s modulus +/- + ++
RT ductility + + _
Formability + + -
Creep - ++ 4
RT fracture toughness + T+ _
RT crack growth + + -
Specific fatigue strength + - +[-
Oxidation - T+ T+
HT embrittlement - + +/-

1970’s niobium was identified to be the most effective alloying element at improv-
ing the room temperature ductility of Alpha-2 alloys based on the brittle interme-
tallic Ti3Al [14]. The first generation of Ti;Al-based alloys, the near-a, alloys exhib-
ited a Nb-equivalent in the range of 10-12 at.%. Further research clearly indicated
that an increased Nb-equivalent (13-20 at.%) has a beneficial effect on the balance
of room and high temperature properties [15]. In the fairly extensively character-
ized TisAl alloy Ti-25A1-10Nb-3V-1Mo (Super-Alpha 2™), vanadium was intended
to be a cheap replacement of niobium, while molybdenum improved the high
temperature strength, creep resistance, and Young’s modulus. However, vanadium
additions are also known to reduce the oxidation resistance [16].

Beyond the simple ternary orthorhombic titanium aluminides, more complex al-
loys contain Mo and Ta as B-stabilizing elements, as well as Si to further improve
the high temperature capability. In general, Ti-Al-Nb alloys with relatively high
niobium contents possess improved combinations of strength, toughness, and

Tab. 3.2 Alloy categories of Ti-Al-Nb alloys with 22-25 at.% aluminum.

Group Phases Nb-equivalent Composition Source
[at.%] [at.%]
TizAl Near-o, ax+B/Bo 10-12 Ti-24Al-10Nb Blackburn &
Smith (1978)
Ti-25A1-8Nb-2Mo-2Ta  Marquardt (1989)
(02+0O) a+0+By  13-20 Ti-25A1-10Nb-3V-1Mo  Blackburn &
Smith (1982)
Ti-25A1-17Nb-1Mo Blackburn &
Smith (1989)
Ti,AINb Ortho- O+B 21-27 Ti-22A1-27Nb Rowe (1991)
rhombic

Ti-22A1-24Nb-Mo-Ta-Si  Rhodes (1997)
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creep resistance than near-a, alloys. Ti;Al-based alloys are also known for a very
severe environmentally-induced embrittlement effect at temperatures as low as
550°C [17, 18]. Predominantly due to these phenomena, work on Ti;Al-base alloys
has been discontinued in favor of the orthorhombic titanium alloys based on the
intermetallic phase Ti,AIND. In addition, orthorhombic titanium aluminides are
currently the best choice for development of high temperature titanium matrix
composites (TMCs) [2, 3]. Due to their excellent compatibility with the SiC fiber
and their room temperature ductility, well beyond 3%, orthorhombic alloys outper-
form other titanium aluminides as a matrix material. Therefore, orthorhombic
TMCs currently represent the highest performance lightweight material with re-
spect to elevated temperature stiffness and strength.

This chapter gives an overview of monolithic orthorhombic titanium alumi-
nides, with special emphasis on microstructure evolution, the composition-micro-
structure-property relationships, and addresses the issue of environmental embrit-
tlement for this new class of material. The property profile of orthorhombic tita-
nium aluminides will be described in relation to y TiAl titanium aluminides and
conventional near-o titanium alloys.

3.2
Physical Metallurgy: Crystal Structures, Phase Equilibria, and Alloy Chemistry

Depending on chemistry and thermomechanical history, orthorhombic titanium
aluminides contain different volumes of the ordered phases B, (Strukturbericht:
B2, space group: Pm3m, Pearson symbol: cP2), a, Ti;Al (Strukturbericht: DO,
space group: P63;/mmc, Pearson symbol: hP8), and the ordered orthorhombic O
Ti,AINDb phase (Strukturbericht: A,BC, space group: CmCm, Pearson symbol:
0C16). A schematic representation of the individual lattices is shown in Fig. 3.1.
The orthorhombic Ti,AIND phase can be considered as a structure with ternary or-
dering on the hcp a, lattice. The structural model of the O phase was first sug-
gested by Banerjee et al. [10] and was later confirmed and refined by neutron dif-
fraction [19]. The phase compositions in the ternary orthorhombic alloy Ti-22Al-
25ND are shown in Tab. 3.3. In a near equilibrium three-phase microstructure, the
niobium content of the orthorhombic Ti,AINb phase is in between the niobium-
rich By phase and the aluminum-rich Ti;Al phase. The fundamental benefit of
orthorhombic alloys is based on the unique property profile of the O phase, i.e.
the remarkable balance between good room temperature ductility and high creep
resistance as compared to the o, phase.

The partial isothermal section of the Ti-Al-Nb system at 700°C is shown in
Fig. 3.2a [20]. The compositional range of Ti;Al- and Ti,AINb-based alloys are in-
dicated at a time. It is obvious that at a constant Nb content of 25 at.% the B,
phase volume fraction is strongly influenced by the Al content in near-equilib-
rium microstructures. Approaching values of about 25 at.% leads to single phase
alloys with little benefit for practical applications. Lower Al content also lowers
the oxidation resistance. Reducing the Nb content below approximately 20 at.% at
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Fig. 3.1 Lattice representation of the (a) cubic By phase, (b) a, TisAl
phase, and (c) the ordered orthorhombic O Ti,AINb phase.

Tab. 3.3 Phase compositions in Ti-22AI-25Nb in at.%.

Microstructure  fy oz o

Al Nb Ti Al Nb Ti Al Nb Ti

Single phase*  22.0 25.5 Bal - - - - - -
Two phase* 22.1 25.5 Bal 25.8 16.9 Bal - - -
Three phase®  15.5 30.5 Bal 25.2 16.9 Bal 24.6 21.4 Bal

* Metastable structure, * near-equilibrium structure.

a constant Al level stabilizes the brittle o, Ti;Al phase, while higher Nb content
increases the density and is known to decrease the oxidation resistance [21].
Therefore, the best balance of properties for ternary orthorhombic aluminides can
be expected in the range Ti-(22-23)Al-(25-26)ND (at.%).

The Ti-25Al isopleth is shown in Fig. 3.2b [22]. The By transus temperature is in
the range between 1050° to 1100 °C for most orthorhombic titanium alloys. The B to
Bo ordering temperature, T, was found to be about 1100-1130°C for alloys contain-
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(a) i Fig. 3.2 (a) Partial isothermal
section of the Ti-Al-Nb system at
700°C [20], (b) an isopleth of the
) Ti-Al-Nb system at a constant
Ti,AINb-base alloy |,AI;'ldjas.e alloys 25Al at% [22].

70% Nb

70% Al

Ti25A 5 10 15 20 25
At.% Nb

ing Nb in the range of 11 to 15 at.%, but appears to raise sharply for Nb concentra-
tions above 20 at.% [19, 23-25]. For the orthorhombic alloy Ti-22A1-26Nb, the B to Bo
transition temperature has been determined to be above 1600°C and it is thought
that By ordering may persist to near the melting temperature [26].

33
Properties of Orthorhombic Titanium Aluminides

Both the physical and mechanical properties are of interest in evaluation of the
potential payoff for orthorhombic titanium aluminides in future aerospace sys-
tems. While the physical properties are predominantly determined by the chemis-

try, the mechanical properties are in addition strongly influenced by the micro-
structure.
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3.3.1
Physical Properties

Due to the high amount of stabilizing B elements necessary to stabilize the O
phase in orthorhombic titanium aluminides, the density is well above titanium
and particularly y TiAl alloys. However, the density of Ti-22Al-25Nb is still almost
40% below that of Ni-based alloys. Thus, the specific mechanical properties of or-
thorhombic titanium aluminides must outperform competing titanium-based al-
loys due to their higher density.

The specific Young’s modulus is especially high for TiAl-based materials over a
wide temperature range (Fig. 3.3a). Specific room temperature Young's moduli of
orthorhombic titanium aluminides are within a narrow band including IN 718,
near-o titanium alloys and Ti;Al-based alloys. Above 500°C, however, orthorhom-
bic aluminides exhibit an advantage over disordered near-o titanium alloys in
spite of their higher density. Investigations of the elastic properties of different ti-
tanium aluminides revealed a lower Young’s and shear modulus of the O phase
in comparison to the y TiAl and a, Ti3Al phases [27]. In combination with a Pois-
son’s ratio of 0.3 for the O phase, it is concluded that this phase has weaker in-
teratomic bonding and structural ordering and less directional bonding than the y
TiAl and a, Ti;Al phases.

For high temperature structural applications in new jet engines, the coefficient
of thermal expansion (CTE) is also an important parameter among the physical
properties. Such properties are mainly determined by the inter-atomic bonding
character and therefore by the chemistry, and to a lesser extent by microstructure,
neglecting crystallographic texture. Fig. 3.3b shows the CTE values of the
Ti,AINDb-based alloy Ti-22Al-25Nb in comparison to a conventional near-o alloy
(TIMETAL 834), a TiAl-based material (K5) and IN 718. Investigation of different
Ti-Al-(ND, V, Cr, Mo) alloys indicates that an increasing aluminum content causes
higher CTE values, while increasing the content of high melting point elements,
e.g. niobium, decreases the coefficient of thermal expansion. Therefore, ortho-
rhombic titanium aluminides exhibit a lower coefficient of thermal expansion
than conventional titanium alloys and especially y TiAl alloys.

33.2
Microstructures

The microstructure of orthorhombic titanium aluminides can be varied in a wide
range depending on processing methods and subsequent heat treatments [28]. For
orthorhombic titanium aluminides the coarse microstructure of the as-cast ingot
can be converted into a fine equiaxed microstructure by conventional high strain
rate forging.

Based on a fine-grained, equiaxed microstructure resulting from recrystalliza-
tion during hot working, homogeneous microstructures can be achieved by addi-
tional thermal treatments to develop the end properties of interest. Similar to con-
ventional titanium alloys equiaxed, fine-grained lamellar (bimodal), and coarse-
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Fig. 3.3 Physical properties of a Ti,AINb-based alloy (Ti-22Al-25Nb), near-
a titanium alloy (TIMETAL 834), TiAl-based alloy (Ti-46.5AI-3.0Nb-2.1Cr-
0.2W) and nickel-based alloy (IN 718); (a) specific Young’s modulus, (b)
coefficient of thermal expansion (CTE).

grained lamellar microstructures can be obtained by appropriate thermomechani-
cal processing (TMP). For practical applications at elevated temperatures of up to
700°C, thermally stable microstructures are required. In addition, the achievable
cooling rates in large components during thermal treatment are usually limited.
Fig. 3.4a-c shows three typical homogeneous microstructures of the orthorhombic
alloy Ti-22Al-25Nb, which are thermally stable up to 700°C, for long durations
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Fig. 3.4 Typical microstructures of an ortho- (a) equiaxed, (b) bimodal, (c) lamellar, (d) la-
rhombic titanium aluminide alloy (Ti,AINb- mellar with coarse secondary O laths and
based alloy Ti-22AIl-25Nb, at.%) obtainable thick grain-boundary o, phase.

from hot-worked fully recrystallized material:

and where the required TMP parameters appear to be transferable to large compo-
nents. Due to cooling through the a,+ o phase field in conjunction with sluggish
transformation kinetics described above, all microstructures shown in Fig. 3.4a—c
exhibit a three-phase mixture. The average grain size of the selected microstruc-
tures ranges from 3 pm (equiaxed) to 30 um (bimodal) up to 200 pm (coarse
grained lamellar). In the case of the bimodal structure, primary o, particles hin-
dered the grain growth of the By phase during solution heat treatment at Tz20°C
and are therefore often found along the grain boundaries. To effectively hinder B,
phase grain growth near Tp, approximately 8 to 12 vol.-% of finely distributed a,
particles are necessary. Slow cooling at a rate of 1 K/min and below from above
the B transus leads to coarse secondary O laths within the former B, phase and
the formation of a thick grain-boundary a, phase due to accelerated grain bound-
ary diffusion vs. volume diffusion (Fig. 3.4d). However, this phase is known to be
very detrimental to the mechanical properties of orthorhombic titanium alumi-
nides.
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333
Mechanical Properties

3.3.3.1 Tensile Properties

The most dominant strengthening mechanism in TisAl-base alloys with a content
of B-stabilizing elements in the range of 10-20% of Nb-equivalent was determined
to be boundary strengthening by a Hall-Petch type of effect [18, 29, 30]. Thus, the
greatest factor in strengthening of Alpha-2 alloys was determined to be the sec-
ondary a, lath size. The orthorhombic titanium aluminides with a Nb-equivalent
between 21 and 27% (Tab. 3.2) represent the most versatile class of titanium alu-
minide alloys, similar to the class of conventional B titanium alloys containing rel-
atively high amounts of B-stabilizing elements. Depending on microstructure,
orthorhombic titanium aluminides offer a wide range of tensile properties. In the
case of the simple ternary orthorhombic alloy Ti-22Al-25Nb, room temperature
fracture elongation can be varied between 0 and 16%, while the yield strength can
be as high 1600 MPa or reduced to 650 MPa (Fig. 3.5). This is a much wider
range than can be obtained with y TiAl or near-a titanium alloys. In contrast to
these alloy classes, orthorhombic aluminides offer the possibility to produce very
fine secondary laths with a width of 50 nm and below [31]. The high Nb content
in orthorhombic alloys decelerates diffusion processes in the bulk material and
leads to sluggish phase transformations. Thus, even relatively low cooling rates of
only 10 K/min are sufficient to fully retain the high temperature B, phase. Subse-
quent low temperature aging can produce very fine secondary orthorhombic laths
since the formation of the O phase from the supersaturated B, phase does not re-
quire long-range diffusion. However, such microstructures are not thermally
stable at elevated temperatures. Microstructures which are thermally stable to
700°C typically lead to room temperature yield strengths of up to 1100 MPa in Ti-
22A1-25ND (Fig. 3.4c). Other thermally stable microstructures such as fine-grained
equiaxed or coarse-grained lamellar microstructures exhibit lower yield strengths
in the range of 700 to 950 MPa (Fig. 3.4b,d).

With respect to fracture elongation, orthorhombic alloys show a special charac-
teristic not found in any other titanium aluminide alloy. Only orthorhombic alloys
enable a high room temperature ductility on the order of 13% with a coarse-
grained lamellar microstructure. This clearly demonstrates the inherently higher
ductility of the O phase in comparison to the a, phase. An important presump-
tion, however, is a low strength within the transformed B/, grains, i.e. coarse sec-
ondary orthorhombic lath size. Increasing the strength in a coarse-grained lamel-
lar material by decreasing the lath size eventually leads to low-energy intergranu-
lar fracture, which is promoted by grain boundary precipitation of the o, phase
(Fig. 3.4d). Thermomechanical treatments that reduce the grain boundary a,
phase enable a concurrent increase in strength and ductility in orthorhombic al-
loys with a lamellar microstructure [31]. Other parameters essential for controlling
ductility in orthorhombic alloys are the oxygen content and the amount of f,
phase. Oxygen is a strong stabilizer of the brittle a, phase and thus significantly
reduces elongation to failure for different microstructures if its content exceeds
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Fig. 3.5 Room temperature tensile properties of orthorhombic tita-
nium aluminides (Ti,AINb) in comparison to near-a titanium, TisAl-
based, and TiAl-based alloys, (a) typical range of ductility for different
microstructures, (b) fracture elongation vs. yield strength for different
compositions and microstructures.
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approximately 1000 ppm. A sufficient amount of ductile B, phase on the order of
15 volume percent is important to reduce stress concentration effects at inter-
faces. Crack initiation at O/O grain boundaries at low strain levels was obtained if
the By phase was not present at such locations having high strain incompatibil-
ities [32]. The volume fraction of B, phase is controlled by processing and chemis-
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try, predominantly by aluminum content. Thus, for thermally stable, near-equilib-
rium microstructures having adequate ductility, the aluminum content needs to
remain below 25 at.%. In addition, data available today on tensile properties of
ternary (Ti3Al+Nb)- and Ti,AINb-based alloys also clearly indicate that fracture
elongation and yield strength can be increased simultaneously by increasing Nb
content between 11 and 27 at.% (Fig. 3.5b). Finally, the product of fracture elonga-
tion and yield strength can be used as a measure of the quality of a specific mate-
rial, since unfavorable microstructural features as described above or chemical in-
homogeneities leading to brittle precipitates usually reduce fracture elongation
and/or tensile strength. High strength and high fracture elongation at the same
time require homogeneous microstructures, which significantly delay crack initia-
tion during tensile testing. The best balance of room temperature tensile proper-
ties can be obtained with a bimodal microstructure in the orthorhombic alloy Ti-
22A1-25Nb (Fig. 3.4Db). With such a microstructure yield strength values of
1100 MPa with a ductility of 4% can be obtained.

Results on the specific elevated temperature tensile strength of the orthorhom-
bic alloy Ti-22A1-25Nb are shown in Fig. 3.6. In spite of its higher density, the
simple ternary alloy Ti-22Al-25Nb reaches higher values in comparison to latest
generation near-o titanium alloys. However, as mentioned above, the thermal sta-
bility of the microstructures need to be considered for long-term service at ele-

30
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Fig. 3.6 Specific yield strength ranges as a function of temperature and
microstructure for an orthorhombic titanium aluminide alloy (Ti,AINb,
Ti-22Al-25Nb) in comparison to near-u titanium alloys (TIMETAL 834/
1100), a TisAl-based alloy (Ti-25Al-10Nb-3V-1Mo), a TiAl-based alloy (Ti-
46.5A1-3.0Nb-2.1Cr-0.2W), and a nickel-based alloy (IN718).
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vated temperatures. Allowing only thermally stable microstructures, as shown in
Fig. 3.6, the Ti-22A1-25ND alloy only achieves values a little above a third genera-
tion TiAl-base alloy (e.g. Ti-46.5Al1-3.0NDb-2.1Cr-0.2W) on a density corrected basis
[33, 34]. In addition, the maximum service temperature of orthorhombic alloys re-
mains approximately 70-90°C below the y TiAl alloys. This is mainly due to envi-
ronmental influences, which will be addressed in detail later.

3.3.3.2 Creep Behavior
Creep behavior of the orthorhombic titanium aluminides is strongly influenced by
microstructure, where the basic trends are known from titanium alloys and other
titanium aluminides. Extensive investigations have been performed on parameters
influencing minimum creep rate, while the primary creep regime is less explored.
In the case of the Ti-22Al-25NDb alloy a fine-grained equiaxed microstructure
leads to a high creep rate, while a coarse-grained lamellar microstructure reduces
the minimum creep rate by two orders of magnitude (Fig. 3.7a). Based on the cal-
culated apparent activation energies and creep exponents, grain boundary sliding
was determined to be the dominant creep mechanism for the duplex material at
650°C, while dislocation climb mechanisms control the creep deformation of la-
mellar Ti-22A1-25Nb between 200 and 400 MPa [35]. Studies on different ortho-
rhombic alloys in comparison to Ti;Al and conventional titanium base alloys
showed that orthorhombic alloys exhibited the highest activation energies for
grain-boundary diffusion and lattice self-diffusion, respectively [32]. Therefore, O
alloys exhibit a lower minimum creep rate than conventional titanium alloys, in-
dependent of microstructure (Fig. 3.7b) [36]. In comparison to Ti;Al-based alloys,
Ti,AIND alloys still show an advantage as long as crystallographic texture harden-
ing can be neglected and a high volume fraction of the O phase is present at test-
ing temperature [35, 37]. At higher stress levels, where dislocation-controlled
creep is dominant, the volume fraction of the O phase becomes important. With
increasing volume fraction of O phase in the microstructure, higher creep resis-
tance can be obtained [38]. In the low to intermediate stress regime, which is
usually most important for practical applications, grain size appears to be more
influential on minimum creep rate than phase composition, volume fraction, or
morphology. Thus, when designing creep-limited applications with orthorhombic
alloys, grain size needs special attention. However, the inherent ductility of the
orthorhombic phase eases achievement of an adequate balance between room
temperature ductility and creep resistance for Ti,AIND alloys in comparison to
TiAl-based alloys. In addition, the minimum creep rate of Ti,AIND alloys can be
improved significantly by partially substituting niobium with molybdenum [39].
However, it is important to note that the design of rotating components in engines
often limits creep strains to below 0.4%. Such strains are typically attained within the
primary creep regime of orthorhombic alloys, especially at higher stress levels [39]. In
TizAl-based alloys, and also in (0,+O)-based alloys, the lamellar microstructure
shows lower primary creep strains than equiaxed structures [18]. The same trend
could also be obtained for the orthorhombic alloy Ti-22Al-25Nb. No dependence
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Fig. 3.7 Creep performance of the ternary orthorhombic alloy Ti-22Al-
25Nb, (a) influence of microstructure on creep resistance, (b) tempera-
ture for total creep strain to 0.2% in 100 h in comparison to titanium
base alloys [61] and the TiAl-based alloy Ti-48Al-2Nb-2Cr [62].

of primary creep strain on lath dimensions was observed in B heat-treated structures
of TizAl-base alloys [18, 40]. However, a beneficial effect on primary creep was ob-
tained by adding a quaternary element, e.g. tungsten, to a Ti,AINDb-based alloy [41].

3.3.3.3 Fatigue Strength, Crack Growth Behavior, and Fracture Toughness

The highest payoft for new high temperature titanium based materials in aviation
can be expected in rotating components of jet engines, especially if the new mate-
rial is able to replace the heavy nickel-based alloys in the hot section of the com-
pressor. However, such components are fracture critical, i.e. failure of the compo-
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nent must be guaranteed not to occur during the lifetime under extreme cyclic
loading conditions. Therefore, high-cycle fatigue (HCF), low-cycle fatigue (LCF),
crack growth, and fracture toughness need special attention in comparison to the
well characterized materials used today.

HCF strength is determined by the material's resistance to crack nucleation,
which again is associated with first dislocation movements. An increase in yield
strength generally results in an increase in HCF strength as long as internal de-
fects in the material can be kept small so as not to act as crack initiation sites. In
this case the HCF strength of orthorhombic, near-a titanium, and TiAl-base alloys
are expected to follow the respective yield strength. Comparing the relative yield
strengths of these alloy classes in Fig. 3.6 with their respective HCF strengths in
Fig. 3.8a supports this assertion. Internal defects, which can lead to early crack
initiation during cyclic loading, and thus to lower HCF strength, are found to be
the grain-boundary o, phase in lamellar microstructures and interfaces between
o, particles in equiaxed microstructures [42]. Strain incompatibilities between the
B phase and the a, phase cause local stress peaks and thus early crack initiation
sites. Therefore, it is necessary to reduce or avoid primary o, conglomerates and
continuous grain-boundary o, phase in order to increase the HCF strength of
orthorhombic titanium aluminides. Thus, the optimum microstructure for HCF
strength in orthorhombic alloys is a fine-grained bimodal material with a homoge-
neous distribution of primary o, and a minimum of grain boundary a, phase.
Through these findings it is also obvious that a high chemical homogeneity of
orthorhombic ingots is an important prerequisite to obtain reliably high HCF
strength. Due to the slow diffusion rate of niobium, this requirement needs spe-
cial attention during the manufacturing of Ti,AINb-based alloys [31].

Ordered alloys are known to work-harden much faster than their disordered
counterparts [43]. This phenomenon can contribute quite significantly to the HCF
strength of titanium aluminides. Fig. 3.8b provides the fatigue strength values
shown in Fig. 3.8a normalized by the individual yield strengths of the different
materials. TiAl-based alloys reach HCF strength values on the order of 100% of
their yield strength below the brittle to ductile transition temperature, which is at-
tributed to a pronounced cyclic hardening effect [33]. Disordered conventional
near-o titanium alloys typically achieve a ratio of room temperature HCF strength
to yield strength at 107 cycles of about 0.56-0.66. The respective ratio of the
orthorhombic titanium aluminide alloy Ti-22A1-23Nb, however, is about 0.7-0.8
depending on microstructure [42], and thus bridges the gap between disordered ti-
tanium and TiAl-based alloys. The stronger directional atomic bonding in TiAl-
based alloys gives the material a limited plastic deformability, but also causes the
phenomenon of an essentially constant fatigue strength up to 600°C [33]. In the
case of the orthorhombic alloy Ti-22Al-23NDb, however, the high temperature HCF
strength at 540°C is decreased by 15-20%, depending on microstructure [42].

During low cycle fatigue (LCF), crack propagation becomes an important issue
in addition to crack initiation. The ranges of room temperature fatigue crack pro-
pagation rates for different microstructures are shown in Fig. 3.9a for two ortho-
rhombic alloys, a near-o titanium alloy, and a TiAl-based alloy. The crack growth
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Fig. 3.8 Constant-load-controlled fatigue behavior of Ti-22Al-23Nb
(Ti,AINb, [42]), Ti-46.5A1-3.0Nb-2.1Cr-0.2W (TiAl, [44]), and TIME-
TAL 834 (near-o titanium [50, 63]) at room temperature (R=0.1),
(@) maximum stress vs. cycles, (b) maximum stress normalized by
the yield stress of the individual alloy vs. cycles.

rates of the orthorhombic alloys are in between the TiAl-based alloy and the con-
ventional near-o titanium alloy. The lower crack-growth resistance of the orthor-
hombic alloys in comparison to the near-o titanium alloy may contribute to the
decreasing difference with respect to fatigue strength in the LCF regime between
the orthorhombic alloy Ti-22Al-23Nb and the near-o titanium alloy (Fig. 3.8a).
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Fig. 3.9 Fatigue crack growth behavior of the Ti,AINb-base alloys Ti-
22Al-25Nb and Ti-22AI-23Nb [42]), Ti-46.5Al-3.0Nb-2.1Cr-0.2W (TiAl,
[44]), and TIMETAL 834 (near-o titanium [63]), (a) room temperature,
(b) 650°C (IN 718 [64]).

The orthorhombic alloys with a lamellar microstructure show lower crack
growth rates in the near-threshold region than with an equiaxed microstructure
tested at room temperature in air. However, in the high growth rate regime, no
significant influence of microstructure was found. This general trend is also con-
firmed if crack closure effects are considered [42]. Increasing the temperature to
650°C significantly increases the crack growth resistance of the orthorhombic al-
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loy Ti-22A1-25Nb in comparison to the TiAl-based alloy (Fig. 3.9b). The increased
ductility of the orthorhombic alloy at 650°C reduces stress peaks at the crack tip,
which improves the crack growth resistance. However, 650°C is below the brittle-
to-ductile transition temperature of the TiAl-based alloy, providing an explanation
why the fatigue crack growth behavior does not change significantly in this tem-
perature regime [44]. Therefore, in the intermediate temperature regime of 500-
700°C, orthorhombic alloys exhibit a good fatigue crack growth resistance when
tested at higher frequencies. At lower frequencies (e.g. 1 Hz), however, environ-
mentally-assisted crack growth appears to degrade the cyclic properties of the
orthorhombic alloy [45]. It is also important to consider at this point that the fa-
tigue crack growth behavior of a material has a strong influence on the life-predic-
tion methods required. The relatively poor crack-growth resistance of TiAl-based
alloys most probably requires new design approaches if high-risk components in
jet engines are to be realized with this class of material [46]. Whether orthorhom-
bic alloys, however, will enable use of conventional design approaches based on
its crack growth behavior will therefore very much depend on the loading condi-
tion, and especially on the extent of environmental impact on the cyclic proper-
ties. Since the environmentally-assisted degradation of the mechanical properties,
and especially LCF strength, is a key concern for all high temperature titanium
base materials, this issue will be addressed in a separate chapter.

The influence of microstructure on room temperature fracture toughness is
shown in Fig. 3.10a for the orthorhombic alloy Ti-22Al-25Nb. Depending on mi-
crostructure, toughness values vary between 10 and 30 MPa m"/% The lowest frac-
ture toughness values result from equiaxed microstructures, while coarse-grained
lamellar microstructures can lead to low or high fracture toughness values de-
pending on colony size within the transformed B, phase, e.g. the size of the sec-
ondary O laths. Fractography revealed that coarse secondary O laths lead to a
rough and tortuous crack path. The same trend can be obtained for bimodal mi-
crostructures with fine or coarse secondary O laths. Thus, it appears that the in-
terfaces in the transformed B, phase, rather than grain size, predominantly con-
trol fracture toughness in orthorhombic alloys. It can be assumed that this behav-
ior is a result of crack deflection between differently oriented orthorhombic colo-
nies, i.e. large aligned packets with an O/B, lath structure. Such a behavior has
been shown for Ti;Al-based and near-a titanium alloys [47—49].

The room temperature fracture toughness versus yield strength for different mi-
crostructures of the orthorhombic alloy Ti-22A1-25Nb are shown in Fig. 3.10b in
comparison to a TiAl-base, TizAl-based, and a near-a titanium alloy. It is impor-
tant to note, that only microstructures resulting in a room temperature ductility
above 1% were considered. This is an important limitation since for Ti;Al- and
TiAl-based alloys a ductility-toughness inverse relationship exists at lower tempera-
tures [34, 47]. Microstructural features leading to high strength, i.e. fine grain or
fine secondary lath size, yield improved tensile properties but low fracture tough-
ness. In the TizAl-based alloy Ti-25Al-10Nb-3V-1Mo fracture toughness values up
to 50 MPa m'/? can be obtained with a microstructure resulting in zero room tem-
perature ductility during tensile testing. Since a minimum ductility is necessary
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Fig. 3.10 (a) Variation of fracture toughness (K,, Chevron specimens)
of the Ti,AINb-based alloy Ti-22Al-25Nb with microstructure at room
temperature, (b) K, vs. yield strength for Ti-22Al-25Nb (Ti,AINb), Ti-
25A1-T0Nb-3V-1Mo (TizAl), Ti-46.5A1-3.0Nb-2.1Cr-0.2W (y TiAl, [34]),
and TIMETAL 1100 (near-a alloy). Note that only microstructures of
the individual materials are considered, which lead to more than 1%
fracture elongation at room temperature.

for most applications, Fig. 3.10b gives a ranking of the strength-toughness cap-
abilities of the different titanium-based alloy classes. Therefore, a simple ortho-
rhombic alloy like Ti-22A1-25Nb does not achieve the same fracture toughness lev-
el as conventional near-o titanium alloys, but clearly demonstrates the highest
room temperature strength-toughness-ductility combination of all titanium alumi-
nides.
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34
Oxidation and Environmental Embrittlement

Environmental degradation of the mechanical loading capabilities of high tem-
perature titanium alloys is primarily a result of oxidation or subsurface embrittle-
ment by dissolution of interstitials from the atmosphere. The second mechanism
is usually named “environmental embrittlement”. Oxidation and environmental
embrittlement can become life limiting for many titanium-based alloys signifi-
cantly below a maximum temperature where the mechanical properties still meet
specific component requirements. The maximum service temperature of the latest
generation near-a alloys in jet engines is about 520°C, although their mechanical
loading capabilities for such applications would be sufficient up to 600°C [50]. A
detailed description of the oxidation behavior and ways to improve the oxidation
resistance of titanium alloys and titanium aluminides are given in Chapter 6. In
the following, the specific characteristics of oxidation and embrittlement of ortho-
rhombic titanium aluminides will be addressed and related to that of other tita-
nium-based materials.

Since the impact of environment on mechanical properties increases with tem-
perature, this issue is especially important for titanium aluminides designed for
service temperatures between 500°C and 800°C. Severe environmental degrada-
tion of mechanical properties at temperature as low as 550°C presented one ma-
jor barrier for implementation of Ti;Al-base alloys [1, 17, 18]. Thus, orthorhombic
titanium aluminides will only be considered for practical high temperature appli-
cations if they succeed to demonstrate to be less susceptible to environmental in-
fluences than TizAl and near-o titanium base alloys between 500 and 700°C. Ob-
viously, the availability of protective coatings would require a reassessment of the
service temperature potential of the different alloy classes [6].

As described in more detail in Chapter 6, like for all titanium-based alloys, alu-
minum is the primary element controlling oxidation of orthorhombic alloys. In-
creasing the aluminum content from about 10 at.% in conventional near-a alloys
to about 46 at.% in TiAl-based alloys increases the volume fraction of the protec-
tive alumina (Al,O;) in the oxide scale and thus leads to reduced oxidation rates.
Fig. 3.11 shows typical isothermal oxidation mass gain vs. time curves for near-o,
Ti3Al, and TiAl-based alloys tested at 800°C. Notably, the y TiAl alloy tested was a
second generation material whose oxidation resistance is far lower than that of lat-
est generation y titanium aluminides. In this comparison, after short-term expo-
sure at 800°C, orthorhombic alloys fall in the range of o, TisAl for Ti-20Al-25Nb
[51], in the range of y TiAl alloys for Ti-22Al1-25ND [52] and even below that for
more complex alloys such as Ti-22Al-21Nb-2Ta-0.5Si [51].

Adding niobium to Ti;Al not only improves the mechanical properties but also
the oxidation resistance [14]. However, a maximum in the oxidation resistance of
ternary Ti3Al+ND alloys is obtained at about 11 at.% [21]. This observation contrib-
uted to the definition of the well known TizAl-base alloy Ti-24Al-11Nb, which was
the first alloy of this class showing a more balanced profile between room and ele-
vated temperature properties. Increasing the niobium content further decreases
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Fig. 3.11 Isothermal oxidation resistance of different Ti,AINb-based
alloys relative to TiAl, TizAl, and near-o titanium alloys [21, 34, 51,
52, 54].

the oxidation resistance; however, it still remains higher than for binary Ti;Al [21].
In the orthorhombic regime of ternary Ti-Al-Nb alloys, the alloy Ti-25A1-21Nb was
found to exhibit the highest oxidation resistance [51]. Additions of Ta, Mo, and Si
to Ti-22A1-21ND were also found to improve oxidation. However, there is no gener-
al agreement on the beneficial effect of Mo and Si. While Ta appears to reduce
the oxidation rate of orthorhombic titanium aluminides, Mo and Si have no effect
on the scale growth rate [53]. Obviously, the optimum chemistry for maximum
oxidation resistance of orthorhombic titanium aluminides has yet to be explored.

Moreover, long-term oxidation resistance of orthorhombic alloys has not yet
been investigated in great detail. For example, Ti-22Al-25Nb undergoes breakaway
oxidation after 100 h exposure to air at 800°C, which leads to unacceptably high
oxidation rates [21, 54] such that the maximum service temperature of this alloy is
below 650°C [21]. The major issue for simple ternary orthorhombic alloys [54]
and even more complex chemistries [53] is their inability to form stable protective
alumina scales. The high Nb content in the alloy leads to formation of non-protec-
tive, Nb-rich oxides such as AINbO,. Even though alumina forms along with tita-
nia, usually no continuous alumina scale is found on these alloys [54]. While
more complex orthorhombic alloys such as Ti-22Al-20Nb-Ta-1Mo do not show
such a transition up to 500 h [55], the useful service temperature range of simple
ternary orthorhombic alloys seems to be limited to below 700°C. Protective coat-
ings might expand the temperature limit substantially [56, 57].

In contrast to the results for isothermal oxidation experiments described above,
thermal cyclic testing provides results more relevant to practical use of the alloys
(Fig. 3.12). Under thermal cyclic conditions, the orthorhombic alloy Ti-22A1-25Nb
exhibits similar behavior to the conventional near-a alloy TIMETAL 834. While
mass change curves are in the same range during the first few hundred hours of
exposure, adhesion of the oxide scale is obviously better for Ti-22Al-25Nb than
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TIMETAL 834; on the latter, the oxide scale started to spall off after roughly 300 h
of exposure. On Ti-22Al-25NDb spallation occurred after approximately 700 thermal
cycles, characterized by rapid loss of major parts of the oxide scale. Unlike the
orthorhombic and conventional alloys, mass gain of second and third generation
v TiAl alloys (Ti-48Al-2Cr-2Nb and Ti-45A1-8ND) is low and adhesion of the oxide
scale is excellent up to 1000 cycles with no sign of scale spallation. Obviously, the
oxidation rate alone is not sufficient to select a material for high temperature use.
However, for the orthorhombic titanium aluminides, rapid oxidation especially on
thermal cycling requires careful consideration at temperatures exceeding approxi-
mately 650°C for this class of alloys. Furthermore, environmental embrittlement
plays a major role with regard to the mechanical properties of the material. Simi-
lar to Tiz;Al-based alloys, orthorhombic Ti,AINbD alloys suffer from large hardening
of the subsurface zone, while for y TiAl alloys this phenomenon is observed at a
much smaller extent [58].

For near-o, Ti;Al-based, and TiAl-based alloys it is known that the fatigue and
fatigue crack growth crack growth behavior is very sensitive to environmental em-
brittlement. In all these alloy classes, embrittlement has been shown to become a
significant problem for higher strain range applications at temperatures as low as
100-200 °C below the temperature level where oxidation behavior becomes a limit-
ing factor [45, 51, 55, 59]. This kind of embrittlement can also be found in ortho-
rhombic alloys and can be monitored by using microhardness profiling methods
[52, 54, 55]. Fig. 3.13 shows such a profile for the alloy Ti-22Al-25Nb after aging
at 900°C for 500 h. The subsurface zone beneath the oxide scale shows higher mi-
crohardness values and exhibits a brittle fracture morphology, while the fracture
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Fig. 3.12 Cyclic oxidation behavior of orthorhombic alloy Ti-22Al-
25Nb compared to near-a alloy TIMETAL 834 as well as y TiAl alloys
Ti-48A1-2Cr-2Nb (2" generation) and Ti-45A1-8Nb (3" generation).
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surface of the unaffected material indicates a ductile failure mode. The depth of
embrittlement was found to be two times higher in a near-o titanium alloy in
comparison to the orthorhombic alloy Ti-22Al1-25Nb after aging at 650°C for
500 h, indicating that diffusion is slowed in the ordered alloy [52]. The main
sources of embrittlement of the subsurface zone after long-term aging were deter-
mined to be oxygen and nitrogen penetration, which can be dissolved interstitially
or form brittle phases [54, 55]. However, the mechanism of dynamic embrittle-
ment where a zone ahead of an advancing crack is embrittled within a very short
period of time appears to be a result of hydrogen sweeping into the slip planes of
titanium phases [17, 59]. In this case the hydrogen is released by dissociation pro-
cesses of moisture in the environment near freshly formed active metal surfaces.

In this context it is important to note that there is no simple correlation be-
tween oxidation rate and environmental embrittlement for titanium aluminides
[55]. Extensive investigations of different orthorhombic alloys revealed constant
embrittlement rates in spite of very different oxidation rates [51]. Therefore, the
impact of static and dynamic environmental embrittlement is a major issue for
evaluating the high temperature capabilities of orthorhombic alloys. Fatigue stud-
ies, especially in the high strain range regime (LCF), can be expected to be very
sensitive to environmental embrittlement [50].

Fig. 3.14 shows the impact of environmental embrittlement on the fatigue be-
havior for the orthorhombic alloy Ti-22Al-25Nb (Fig. 3.14a) in comparison to the
conventional high-temperature titanium alloy TIMETAL 834 (Fig. 3.14D). Polished
specimens were aged at 600°C between 10 and 1000 h and tested afterwards at
room temperature by total strain control (Re=&min/Emax=0). The aging treatment
after 600°C/1000h led to an embrittled subsurface zone with a thickness of
50 um and 15-20 um for TIMETAL 834 and Ti-22Al-25Nb, respectively. The refer-
ence curve was determined with polished specimens without any further treat-
ment. Both materials were tested with a bimodal microstructure, which did not
change during aging. In both cases it is obvious that the impact of the brittle sub-
surface zone increases with strain amplitude. Therefore, a minimum or critical
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Fig. 3.13 Microhardness profile of Ti-22AI-25Nb after 500 h expo-
sure to air and corresponding fracture surface.
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strain exists to initiate a surface crack and finally degrade the fatigue properties.
This critical stress was determined with stepped tensile tests with polished speci-
mens, which were observed in situ with a microscope. Fig. 3.15 shows that the
critical strain for initiating surface cracks decreases from 1.3% to 0.7% for Ti-
22Al1-25ND for aging times between 10 and 1000 h at 600°C. The critical strain to
crack initiation appears to follow a parabolic law, indicating that a diffusion-con-
trolled mechanism determines the depth of the embrittled zone and thus the
strain to crack initiation. Increasing the temperature to 700°C shifts € to lower
values. The corresponding line of the near-a titanium alloy is much steeper and
€qir decreases from 2.1% to 0.4% after aging at 600°C. The more rapid growth
rate of the brittle subsurface zone in the disordered near-o titanium alloy coin-
cides with the more pronounced embrittlement effect after long-term aging in
comparison to the orthorhombic titanium aluminide alloy Ti-22Al-25Nb. Even
after aging at 700°C for 1000 h, the orthorhombic alloy did not fail up to strain
amplitudes of 0.5% and 10° cycles (Fig. 3.14a). This is a significant improvement
in comparison to the latest generation near-o titanium alloy, where cracks initiate
during the first cycle at a maximum strain amplitude of only 0.4% after aging at
600°C for 1000 h. Also, the impact of environmental embrittlement on low-cycle
fatigue behavior of a TiAl alloy appears to be at least comparable to the ortho-
rhombic material [60]. Compared to tests in vacuum, constant strain rate low cy-
cle fatigue tests (R=0.1) in air of the y TiAl alloy Ti-47Al-2Nb2Mn+0.8 vol.% TiB,
resulted in a 95% reduction in the maximum number of cycles to failure at tem-
peratures as low as 600 °C.
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Tab. 3.4 Properties of orthorhombic titanium aluminides vs. advanced high temperature tita-
nium alloys and Ni-base alloys.

Near-a Ti Orthorhombic vy TiAl Ni-based
(e.g. TIMETAL TiAINb (e.g. IN 718)
834)

Density + +/- T+ _

HT spec. Young’s modulus +/- + ++ +

Coefficient of thermal expansion +/- + - -

RT ductility ++ ++ - +

Formability + + - +

Specific HT tensile strength - + +/- _

Creep resistance - + + ++

Specific RT-HCF strength + + - +/-

RT crack growth + +/- - +

RT crack growth threshold + +/- +/- +/—

RT fracture toughness + +/- - T+

Oxidation resistance - + + ++

HT embrittlement - +/- +

(Thickness of brittle subsurface

zone)

Embrittlement & RT fatigue - +/- + +

However, further investigation is necessary to quantify the high temperature
capability of orthorhombic alloys considering the issue of environmental em-
brittlement. In addition, dynamic environmental embrittlement needs more atten-
tion during crack growth experiments in different environments in order to give
more detailed understanding of the embrittlement effect in ordered and disor-
dered high temperature titanium-based alloys.

3.5
Concluding Remarks

Orthorhombic titanium aluminides based on the intermetallic compound Ti,AINb
emerged in the early 1990’s out of the group of titanium aluminides. Despite its
less mature development in comparison to other high temperature titanium-based
materials, existing orthorhombic alloys offer a balanced set of room and elevated
temperature properties. Thus, TiAINDb-based alloys show high room temperature
ductility as well as good formability, high specific elevated temperature tensile and
fatigue strength, reasonable room temperature fracture toughness and crack
growth behavior, good creep, and moderate oxidation resistance combined with a
low coefficient of thermal expansion. From Tab. 3.3 it is obvious that orthorhom-
bic titanium aluminides show a well-balanced property profile without significant
drawbacks. With the development of more complex orthorhombic alloys, more im-
provements can be expected.
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With respect to elevated temperature application, embrittlement rather than oxi-
dation is the most important environmental concern for orthorhombic titanium
aluminides. However, the impact of environmental effects on high strain range fa-
tigue properties (LCF) is less pronounced than in conventional near-a titanium al-
loys and at least comparable to y TiAl-based alloys. The maximum service tem-
perature of orthorhombic alloys is expected to be 50-90°C below y based alloys,
mainly due to a less pronounced strength retention capability with increasing
temperature. When considering orthorhombic titanium aluminides for potential
applications, their attractive properties are counterbalanced with higher material
(Nb) and machining costs. However, in order to develop a damage tolerant, light-
weight, high-temperature material, the orthorhombic titanium aluminides provide
progress in the right direction.

3.6
Referenced Literature and Further Reading

1 J.C. WirLiams: Intermetallics for Struc- in aeroengines, Advanced Engineering
tural Applications: Potential, Reality and Materials, 2(5) (2000) 265-269.
the Road Ahead, in ISSI — Structural In- 7 F. AppiL, U. BRoSsMANN, U. CHRISTOPH,
termetallics, TMS, Warrendale, PA. S. EGGERT, P. JanscHEK, U. LoreNz, J.
(1997). MULIAUER, M. OEHRING and ].D.H.

2 J. KumprerT, M. PETERS, U. ScHULZ and Paur: Recent Progress in the Develop-
W. A. Kaysser: Advanced Material and ment of Gamma Titanium Aluminide Al-
Coatings for Future Gas Turbine Tech- loys, Advanced Engineering Materials,
nology, in Gas Turbine Operation and 2(11), (2000) 699-720.

Technology for Land, Sea and Air Propul- 8 Y.-W. Kim: Gamma Titanium Alumi-
sion and Power Systems, Canada Com- nides: Their Status and Future, JOM,
munication Group Inc., St. Joseph Cor- 47(7) (1995) 39-41.

poration Company, Canada (1999). 9 D. BANERJEE, A.K. GogIa, T.K. NaNDY

3 J. KumprErt, R. LEUCHT, ]. HEMPTENMA- and K. MurALEEDHARAN: The physical
cHER and H.J. Dupek: Effects of Matrix metallurgy of Ti;Al based alloys, in ISSI-
Properties on TMC Properties, in ECCM- Structural Intermetallics, TMS, Warren-
7, The Institute of Materials, London, dale, PA, USA (1993).

UK (1996). 10 D. BANERJEE, A.K. Gogia, T.K. NANDY

4 C. LEveENns, M. PeTERS, D. WEINEM and and V.A. Josur1: A new ordered ortho-
W.A. Kaysser: Influence of Long-Term rhombic phase in a Ti;Al-Nb alloy, Acta
Annealing on Tensile Properties and Metallurgica et Materialia, 36(4) (1988)
Fracture of Near-o Titanium Alloy Ti-6Al- 871-882.
2.75Sn-4Zr-0.40Mo-0.45Si, Metallurgical 11 D. BANERJEE, R.G. RowE and E.L. HALL:
and Materials Transactions, 27A, (1996) Deformation of the Orthorhombic Phase
1709-1717. in Ti-Al-Nb Alloys, in High Temperature

5 C. Leyens, K.-H. TRAUTMANN, M. PETERS Ordered Intermetallic Alloys IV, MRS,
and W.A. Kaysser: Influence of Interme- Pittsburgh, PA, USA (1991).
tallic Ti-Al Coatings on the Fatigue Prop- 12 R.G. Rowe: Recent Developments in Ti-
erties of TIMETAL 1100, Scripta Materia- Al-ND Titanium Aluminide Alloys, in
lia, 36(11) (1997) 1309-1314. High Temperature Aluminides & Inter-

6 C. LEyENs, M. PeTERs and W. A. KAYSSER: metallics, TMS, Warrendale, PA, USA
Oxidation-resistant coatings for applica- (1990)

tion on high-temperature titanium alloys



86 | 3 Orthorhombic Titanium Aluminides: Intermetallics with Improved Damage Tolerance

13

14

15

16

17

18

19

20

21

22

23

R.G. Rowg, D.G. Kon1TZER, A.P. WOOD-
FIELD and J.C. CuesnuTr: Tensile and
Creep Behavior of Ordered Orthorhom-
bic Ti,AINDb-Based Alloys, in High-Tem-
perature Ordered Intermetallic Alloys IV,
MRS, Pittsburgh, PA, USA (1991).

M.]. BrackBurN, D.L. Ruckik and C.E.
BevaNn: Research to Conduct an Explora-
tory Experimental and ANALYTICAL INVES-
TIGATION OF Arroys, AFWAL, WRIGHT-
PatTErson AFB, OH, USA (1978).

M.]J. BrackBurN and M.P. SmitH: R&D
on Composition and Processing of Tita-
nium Aluminide Alloys for Turbine En-
gines, AFWAL, Wright-Patterson AFB,
OH, USA (1982).

J. KumprerT and C.H. Warp: Titanium
Aluminides, in Advanced Aerospace Ma-
terials, H. BuHL (ed), Springer Verlag,
Berlin (1992) 73-83.

C.H. WARD, J.C. WirLiams and A. W.
TaompsoN: Dynamic Environmental Em-
brittlement of an a, Titanium Alumi-
nide, Scripta Metallurgica et Materialia,
28 (1993) 1017-1021.

J. KumprerT: Gefiigemodellierung, Tex-
tur und mechanische Eigenschaften von
Ti3Al-Basislegierungen, Vol. Reihe 5,

Nr. 400, VDI Verlag GmbH, Diisseldorf,
(1995) 187.

H.T. KesTNER-WEYKAMP, C. H. WARD,
T.F. BRopERICK and M.]. KAUFMAN: Mi-
crostructure and phase relationships in
the Ti3Al+Nb system, Scripta Metallurgi-
ca et Materialia, 23 (1989) 1697-1702.
L.A. BENDERsKY. Ternary intermetallic
phases in Ti-Al-Nb system and micro-
structure of the Ti-30Al-20Nb (at%) alloy
based on their coexistence, in 3rd Inter-
national SAMPE Metals Conference,
SAMPE, Covina, CA, USA (1993).

C. Levens and H. GEpANITZ: Long-term
Oxidation of Orthorhombic Alloy Ti-22Al-
25Nb in Air Between 650 and 800°C,
Scripta Materialia, 41(8) (1999) 901-906.
P.K. SaGAR and Y.V.R.K. Prasap: Hot
Deformation and Microstructural Evolu-
tion in an 0,/O Titanium Aluminide Al-
loy Ti-25A1-15Nb, Z. Metallkd., 89 (1998)
433-441.

K. MURALEEDHARAN, T.K. NANDY, D.
BaNerJEE and S. Lere: Transformations
in a Ti-24Al-15NDb Alloy: Part II, A Com-

24

25

26

27

28

29

30

31

32

33

position Invariant fo/O Transformation.
Metallurgical Transactions A, 23A (1992)
417-431.

R. STRYCHOR, J.C. WiLLiaMS and W. A.
SoFFa: Phase Transformations and
Modulated Microstructures in Ti-Al-Nb
Alloys, Metallurgical Transactions A, 19A
(1988) 225-234.

L.A. BENDERSKY and W.]. BOETTINGER:
Phase Transformations in the (Ti, Al);
Nb Section of the Ti-Al-Nb System-II, Ex-
perimental TEM Study of Microstruc-
tures, Acta Metallurgica et Materialia,
42(7) (1994) 2337-2352.

V.K. VASUDEVAN, J. YANG and A.P.
WoopFrIELD: On the B to B2 Ordering
Temperature in a Ti-22AI-26Nb Ortho-
rhombic Titanium Aluminide, Scripta
Materialia, 15(9) (1996) 1033-1039.

F. Cuu, T.E. MITCHELL, B. MAJUMDAR,
D. Miracig, T.K. NaNDY and D.
BanerjEE: Elastic properties of the O
phase in Ti-Al-ND alloys, Intermetallics, 5
(1997) 147-156.

J. KumprERT, H. AssiERr, D.B. MIRACIE,
J.E. SpowarT: Transverse Properties of
Titanium Matrix Composites, in Materi-
als Week 2000, Munich.

J. Kumprert, C.H. WaARD, Y.T. LEE and
M. PeTERrs: Improvement of Ductility and
Strength of Ti-25A1-10Nb-3V-1Mo by
TMT, in Proc. Titanium '92, TMS, War-
rendale, PA, USA (1994).

C.H. WarD: Microstructure Evolution
and its Effect on Tensile and Fracture Be-
havior of Ti-Al-Nb a, Intermetallics, In-
ternational Materials Reviews, 38(2)
(1993) 79-101.

J. KumprerT and W.A. Kaysser: Ortho-
rhombic titanium aluminides — phases,
phase transformation and microstructure
evolution, Zeitschrift fiir Metallkunde,
92(2) (2001) 128-134.

C.]. BoEHLERT: Microstructure, creep,
and tensile behavior of a Ti-12A1-38Nb
(at.%) beta plus orthorhombic alloy, Ma-
terials Science & Engineering A, 267(1)
(1999) 82-98.

J. Kumprert, Y. W. Kim and D.M. Dimi-
puk: Effect of microstructure on fatigue
and tensile properties of the gamma TiAl
alloy Ti-46.5A1-3.0Nb-2.1Cr-0.2W, Materi-



34

35

36

37

38

39

40

11

42

43

44

als Science and Engineering, A192/193
(1995) 465-473.

Y.-W. Kim and D.M. Dimipuk: Design-
ing Gamma TiAl Alloys: Fundamentals,
Strategy and Production, in ISSI — Struc-
tural Intermetallics, TMS, Warrendale,
PA (1997).

J. KumprerT: Orthorhombische Titanalu-
minide am Beispiel der Legierung Ti-
22Al1-25NDb, in Werkstoffwoche 1998 —
Werkstoffe fiir die Verkehrstechnik, Wi-
ley-VCH, Weinheim, Germany (1998).

D. Banerjee: Ti3Al and its Alloys, in In-
termetallic Compounds, J. H. WESTBROOK
and R.L. FLEISCHER (eds.), John Wiley &
Sons, Chichester, UK (1995) 91-131.
R.G. Rowe and M. Larson: The Effect of
Microstructure and Composition on the
Creep Behavior of O Phase Titanium
Aluminide Alloys, in Titanium 95, The
Institute of Materials, London, UK
(1995).

P.R. Sm1TH and W.]. PorTER The effect
of heat treatment on the tensile and
creep behavior of “neat” matrix Ti-22Al-
23Nb, Journal of Materials Science,
32(23) (1997) 6215-6220.

P.R. SmriTH and J.A. Graves: Tensile
and Creep Properties of High Tempera-
ture Titanium Alloys, in Recent Ad-
vances in Titanium Metal Matrix Compo-
sites, TMS, Warrendale, PA, USA (1995).
R.S. Misura, D. BaANErJEE and A. K. Mu-
KHERJEE: Primary Creep in a Ti-25Al-
11ND alloy, Materials Science and Engi-
neering 3, A192/A19 (1995) 756-762.

F. Tang, S. Nakazawa and M. Haci-
wARA: Creep Behavior of Tungsten-Modi-
fied Orthorhombic Ti-22A1-20NDb-2W Al-
loy, Scripta Mater., 43(12) (2000) 1065—
1070.

S. LutjeriNG: The Effect of Microstruc-
ture on the Tensile and Fatigue Behavior
of Ti-22A1-23ND in Air and Vacuum, Uni-
versity of Dayton, OH, USA (1998) 185.
G. SAauTHOFF: Plastic Deformation, in In-
termetallic Compounds — Principles and
Practice, J. H. Westbrook and R.L. Flei-
scher (eds.), John Wiley & Sons, Chiche-
ster, UK (1995) 911-934.

J-M. LARseN, B.D. WoRrTH, S.]. BALSONE
and J.W. JoNEs: An Overview of the
Structural Capability of Available Gamma

45

46

47

48

49

50

51

52

53

3.6 Referenced Literature and Further Reading | 87

Titanium Aluminide Alloys, in Gamma
Titanium Aluminides, TMS, Warrendale,
PA, USA (1995).

S.J. Batsong, D.C. MaxwerL and T.F.
BropEerick: Fatigue Crack Growth Behav-
ior of Titanium Aluminide Ti-25A1-25ND,
in 23rd Symposium on Fracture Me-
chanics, ASTM, Philadelphia, PA, USA
(1993).

D.M. Dimipuk: Gamma Titanium Alu-
minides — An Emerging Materials Tech-
nology, in Gamma Titanium Aluminides,
TMS, Warrendale, PA, USA (1995).

J. KumprerT: Titanaluminide — eine neue
Legierungsklasse fiir Hochtemperaturan-
wendungen, in Titan und Titanlegierun-
gen, M. PetERrs, C. LEYENS, and J. Kume-
FERT (eds.), DGM Informationsge-
sellschaft, Oberursel, (1996) 71-106.

J. Kumprert, D. WeEINEM, M. PETERS and
W.A. Kaysser: Processing Window and
Mechanical Behavior for Fine Grained
Beta-Structure of the Near-Alpha-Tita-
nium Alloy TIMETAL 1100, in Micro-
structure and Mechanical Properties of
High-Temperature Materials, H.
MUGHRABI, et al. (eds.), Wiley-VCH,
Weinheim (1998) 79-94.

K.S. Cuan: Influence of Microstructure
on Intrinsic and Extrinsic Toughening in
an Alpha-Two Titanium Aluminide Alloy,
Met. Trans. A, 23A (1991) 183-199.

D. Herm: Application of Ti-Alloys as
Compressor Disks and Blades, in Fatigue
Behavior of Titanium Alloys, TMS, War-
rendale, PA, USA (1998).

W.J. BRINDLEY, J.L. SMIALEK, ].W. SMITH
and M.P. Brapy: Environmental Effects
on Orthorhombic Ti-Matrix Materials, in
Proceedings of the 1994 Orthorhombic
Titanium Matrix Composite Workshop,
WL-TR-95-4068, Air Force Wright Labora-
tory, Wright-Patterson AFB, OH (1994).
J. Kumprert and C. Levens: Microstruc-
ture Evolution, Phase Transformations
and Oxidation of an Orthorhombic Tita-
nium Aluminide Alloy, in International
Symposium on Structural Intermetallics,
TMS, Warrendale, PA (1997).

A. RarisoN, F. DETTENWANGER and M.
ScuUTZE: Oxidation of orthorhombic
Ti,AIND alloys at 800°C in air, Materials
and Corrosion, 51 (2000) 317-328.



88| 3 Orthorhombic Titanium Aluminides: Intermetallics with Improved Damage Tolerance

54

55

56

57

58

59

C. Levens: Environmental Effects on
Orthorhombic Alloy Ti-22A1-25Nb in Air
Between 650 and 1000 °C, Oxidation of
Metals, 52(5/6) (2000) 474-503.

M.P. Brapy, W.]. BRINDLEY, J.L. Smia-
LEK and I.E. Loccr: Oxidation and Pro-
tection of Gamma Titanium Aluminides,
JOM, 48(11) (1996) 46-50.

S.G. WARRIER, S. KRISHNAMURTHY and
P.R. SmrTH: Oxidation Protection of Ti-
Aluminide Orthorhombic Alloys: An En-
gineered Multilayer Approach, Metallur-
gical and Materials Transactions, 29A
(1998) 1279-1288.

J.R. DoBss, M.F.X. GiciiorTI and M.J.
Kaurman: Effect of exposure on the mi-
crostructure of coated and uncoated
orthorhombic Ti-aluminides, in Surface
Performance of Titanium, (1997) 139-
153.

M.P. Brapy, B.A. PinT, P.F. TORTORELLI,
[.G. WriGHT and R.]. HANRAHAN: High-
temperature oxidation and corrosion of
intermetallics, in Corrosion and Environ-
mental Degradation of Materials, M.
Schiitze (ed.), Wiley-VCH, Weinheim,
Germany (2000).

O. SCHAUERTE, A. GysitEr and G. LUTJER-
ING: Effect of Environment on High-
Temperature Fatigue of IMI 834, in Fa-
tigue Behavior of Titanium Alloys, TMS,
Warrendale, PA, USA (1999).

60

61

62

63

64

F.O.R. FiscHER, H.]. MaIEr and H.-J.
CHRisT: Influence of Environment, Mean
Stress and Temperature on the Low-Cycle
Fatigue Behavior of a Near-Gamma Tita-
nium Aluminide, in Titanium '99, Cen-
tral Research Institute of Structural Ma-
terials (CRISM) “Prometey’, Russia
(1999).

R. BoYer, G. WeLscH and E.W. Cotr-
iNGs: Titanium Alloys, in Materials Prop-
erties Handbook, S. Lampmann (ed.),
Vol. 1, ASM International, Materials
Park, OH, USA (1994).

M.M. KerLER P.E. JonEs, W.]. PORTER
III and D. Evron: Effects of Processing
Variables on the Creep Behavior of In-
vestment Cast Ti-48Al-2Nb-2Cr, in Gam-
ma Titanium Aluminides, TMS, Warren-
dale, PA, USA (1995).

F. Torster: Einflufl von Mikrostruktur
und Textur auf die Schwingfestigkeit der
Titanlegierung IMI834, TU Hamburg
Harburg, Hamburg (1995) 1-91.

J.N. VincenT and L. Remy: High Tem-
perature Fatigue of Superalloys for Cast
Turbine Wheel, in High Temperature Al-
loys for Gas Turbines 1982, D. Reidel
Publishing Company, Dordrecht, Holland
(1982)



4

y-Titanium Aluminide Alloys: Alloy Design and Properties

F. AppeL and M. OEHRING, GKSS Research Center Geesthacht GmbH, Geesthacht,
Germany

4.1
Introduction

There are ever increasing demands for the development of energy conversion sys-
tems with improved efficiency and ecological compatibility. Advanced design con-
cepts are based on higher service temperatures, lighter weight, and higher opera-
tion speeds. The conventional metallic systems currently in use have been devel-
oped over the last 50 years to near the limits of their capability. If further ad-
vances are to be made, new classes of materials will be required. Titanium alumi-
nide alloys based on the intermetallic phases y(TiAl) and a,(Ti;Al) are widely rec-
ognized as having the potential to meet the design requirements mentioned above
[1-6]. The outstanding thermo-physical properties of these materials rely mainly
on the strongly ordered nature and the directional bonding of the compounds.
These involve

¢ high melting point of 1460°C

e low density of 3.9-4.2 g cm™

e high elastic moduli

e low diffusion coefficient

e good structural stability

e good resistance against oxidation and corrosion

e high ignition resistance when compared with conventional titanium alloys.

Based largely on these properties, TiAl alloys could ultimately find use in a wide
range of components in the automotive industry, power plant turbines and gas tur-
bine engines. The intention in these applications is to substitute the heavier nickel-
or iron-based superalloys in certain ranges of stress and temperature. The industrial
implementation of a new material depends, apart from the improved performance
and possible innovations, also on availability of suitable processing routes for the
production of components. These requirements have initiated worldwide research
and development during the past decade, including alloy design, characterization
and processing. In Germany, long-term development was supported by government
projects, which involved research institutes and industrial laboratories. The state of
development achieved will be included in this article.
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The paper is organized so that the current knowledge concerning the composi-
tion, constitution and microstructure of alloys will be reviewed first, which is rele-
vant for engineering applications. Afterwards, the most important mechanical
properties will be described including strength, ductility, creep resistance, fracture
toughness, and fatigue. Optimization of these properties often leads to conflicting
alloy design concepts. The desired balance of properties can only be met if the re-
levant failure mechanisms are known. Thus, the third point of the discussion con-
cerns micromechanisms of deformation and fracture and the resulting structure/
property relationships. In the final section of the paper, the processing routes and
metallurgical techniques that are utilized for the production of semi-finished prod-
ucts and components are described. Metallurgical research in this field is mainly
driven by the requirements of industry; and, currently, a major need is for quanti-
tative, physically-based models that can be applied to metal-forming processes so
as to control, improve and optimize the microstructure and texture. The discus-
sion will be illustrated by results that have been obtained in our research on tita-
nium aluminide alloys at the GKSS-Research Center Geesthacht. The paper is
also oriented on recent conference proceedings [4, 7-9], in which the current sta-
tus of the research is documented; the reader is referred to these volumes for
more details and references.

4.2
Constitution of y-Titanium Aluminide Alloys

The binary Ti-Al phase diagram (Fig. 4.1) contains several intermetallic phases,
which represent superlattices of the terminal solid solutions, and have been long
recognized to be attractive bases for lightweight high-temperature materials [13].
Besides their reduced density compared to Ti alloys, these intermetallic com-
pounds promised high strength at elevated temperatures due to their high order-
ing temperatures. Further, their high Al contents indicated appreciable corrosion
resistance in comparison with Ti alloys. In the past two decades of research, how-
ever, structural materials have emerged only from alloys based on the a,(TizAl)
phase with hexagonal DO;q structure or the y(TiAl) phase with tetragonal L1,
structure (Fig. 4.2). Among these compounds, the interest is strongly focused on
y titanium aluminide alloys, which for engineering applications always contain
minor fractions of the o,(Ti3Al) phase. Here, the ternary intermetallic phase
Ti,AINDb with an orthorhombic structure should also be mentioned [14, 15], it
shows some remarkable properties and is therefore currently being explored as an
engineering material (see chapter 3).

Despite intensive research, the binary Ti—Al phase diagram presently remains a
matter of debate, which is predominantly caused by the high sensitivity of phase
equilibria to non-metallic impurities like oxygen [16, 17]. However, recent phase dia-
gram calculations have shown [12, 16-18] that the phase diagram (Fig. 4.1) sug-
gested by McCullough et al. [10] reasonably reflects the phase equilibria in a concen-
tration range of 40-55 at% Al, disregarding small deviations of the solubility lines.
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Fig. 4.1 Constitution of Ti-Al-alloys. (a) Binary Ti-Al-phase diagram as proposed by
McCullough et al. [10]. (b) Quasi-binary section of the ternary Ti-Al-Nb diagram for a
Nb concentration of 8 at% as determined by Zhang et al. [11] in comparison to the
binary phase diagram calculated by Okamoto [12].
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Fig. 4.2 Crystal structures of binary titanium a=0.5782 nm, c=0.4629 nm), (b) tetragonal

aluminide phases. (a) Hexagonal a,(TiAl) v(TiAl) phase (Strukturbericht designation
phase (Strukturbericht designation DOy, pro- L1y, prototype AuCu, Pearson symbol tP2,
totype Ni3Sn, Pearson symbol hP8, space space group P4/mmm, lattice parameters
group P6;3/mmoc, lattice parameters a=0.4005 nm, c=0.4070 nm).

Engineering alloys based on the y(TiAl) phase usually have Al concentrations of
45-48 at% and thus solidify peritectically according to the phase diagram. De-
pending on processing conditions and composition, even two peritectic reactions
might occur. During ingot processing or casting, the peritectic solidification often
results in macroscopic columnar grains and a pronounced microsegregation of
the alloying elements. Both of these features in the cast microstructure can be re-
moved only with difficulty [19], and might be harmful to the mechanical proper-
ties. The growth of columnar grains in preferential crystallographic orientations
with respect to the heat flow direction can further result in strong solidification
textures. The casting textures are particularly pronounced if grains of the hexago-
nal a solid solution solidify, as is the case for many engineering alloys [20, 21].
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Thus, the texture of cast alloy parts can be influenced by selecting different solidi-
fication paths through relatively small variations of the alloy composition, and this
is used in the development of directional solidification processing [22]. In particu-
lar, complete solidification through the B phase without a peritectic reaction is
possible for Al contents <45 at%, which currently is also being investigated for
the development of cast alloys [20].

After solidification, binary y(TiAl) alloys pass through the single-phase field of
the o solid solution, which decomposes on further cooling according to the reac-
tions @ —a+y—>0,+Y Or @ — 0, > 0ay+7Y [23, 24]. The existence of this single-
phase high-temperature field is a characteristic feature of y(TiAl) alloys in compar-
ison to other intermetallic alloys. Similar to steels after heat treatment in the aus-
tenite region, a variety of different phase transformations can occur on cooling
from the region or on subsequent heat treatments. These allow, in principle, a
wide range of microstructures to be obtained [24, 25]. Thus, the mechanical prop-
erties can be adapted to some extent to the intended application by conventional
metallurgical processing, and the limited damage tolerance of alloys may be con-
trolled, as will be described in more detail.

The eutectoid transformation o — 0,+7y on cooling should also be mentioned,
which occurs in all engineering y(TiAl) alloys. The mechanism of this reaction
seems to be identical to the reaction o— a+7, proceeding via nucleation and
growth of single y lamellae. The occurrence of a discontinuous reaction, which
evolves behind a moving interface, has not been observed up to now [26]. For al-
loy compositions that deviate from the eutectoid composition, the volume fraction
of the y phase has to increase abruptly, following thermodynamic equilibrium, if
the temperature falls below that of the eutectoid transformation. This can occur
by the formation of new y lamellae, or by growth of existing ones. The typically
applied cooling rates, however, often do not allow thermodynamic equilibrium to
be approached, and therefore the obtained microstructures are not stable at the in-
tended service temperatures of around 700°C. Thus, when selecting processing
conditions, an equilibration treatment or adequate cooling conditions have to be
taken into consideration.

In the past decade a broad range of engineering alloys has emerged as a result
of a number of alloy development programs for different processing routes and
applications. The alloys can be described by the general composition

Ti-(45-48)Al-(0.1-10)X (at9%),

with X designating the elements Cr, Nb, V, Ta, Mo, Zr, W, Si, C, and B [4]. Here it
should be pointed out that in this article all compositions are given in at%. For
the compositions mentioned above, the o, phase is generally present with a volume
fraction of up to 20%, with the remainder being the y phase. Considering the effect of
the various alloying elements on constitution, two alloying strategies might be dis-
tinguished. Metals in most cases are added to y(TiAl) alloys in solid solution to in-
fluence the properties of the y phase, such as planar defect energies or the diffusion
coefficient. In contrast, the alloying of non-metallic elements aims at the formation of
third (or more) phases to obtain precipitation hardening or grain refinement during
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casting. With respect to intrinsic properties on alloying, the solubility in the y phase,
partitioning of alloying elements to the a, and y phases, and occupation of the two
sublattices of the y phase by a certain alloying element are of interest. The known
ternary phase diagrams show [27-32] that most metals are only soluble up to around
2 at% in the y phase. For higher concentrations of the listed metallic elements, either
the bce B solid solution or the B2 ordered variant predominantly occur as the third
phase. However, in some systems like Ti-Al-Cr, further phases, e.g. the Laves phase
Ti(Cr, Al),, have been observed [27]. The alloying elements Zr, Nb and Ta are excep-
tional in that they are soluble at higher contents, up to around 9 at% in the case of Nb,
depending on temperature [30, 32]. In contrast to V, Cr, Mo, Ta, and W, which are
enriched in the a, phase, Nb and Mn are distributed in equal amounts to the a,
and y phases, whereas Zr is concentrated in the y phase. With respect to solid solu-
tion effects, Nb turns out to be favorable in comparison to binary alloys as it improves
the intrinsic properties of the y phase but does not change the constitution for con-
centrations up to 8 at% [11] (Fig. 4.1b). For more details on the effect of certain alloy-
ing additions the reader is referred to sections 4.5.2 and 4.5.4 of this chapter.

4.3
Phase Transformations and Microstructure

As described in the previous section, engineering y(TiAl) alloys pass the single-
phase region of the a solid solution after solidification. After the temperature has
fallen below the a-transus temperature, different phase transformations are possi-
ble and are dependent on the cooling rate. The o phase cannot decompose at the
highest cooling rates, but orders to the a, phase [33]. With decreasing cooling rate
the massive o — v transformation, the lamellar reaction (in which crystallographi-
cally oriented plates of the y phase are precipitated from o) and, at very low cooling
rates, the formation of y grains are observed [25, 34, 35]. The lamellar reaction shows
two variants at the highest cooling rates for which this reaction occurs. These are the
formation of Widmannstitten colonies in lamellar colonies [25] and “feathery struc-
tures” consisting of y lamellae with a misorientation of 2°~15° in comparison to the
common orientation relationship described in the following [35]. Furthermore, the
formation of the lamellar microstructure can be followed by a discontinuous coars-
ening reaction, which might significantly alter the microstructure [36]. For higher Al
concentrations around 49 at%, a secondary precipitation of o, Widmannstitten
plates from the y phase is possible on the four close-packed {111} planes [25]. How-
ever, based on the current knowledge, the best combination of mechanical properties
is achieved for lamellar microstructures that have fine lamellar spacings and small
colony sizes. For this reason, alloy development is mainly focused on this type of
microstructure, and lamellar microstructures are primarily considered in the follow-
ing. The potential diversity of possible microstructures has, however, only rarely
been investigated with respect to the resulting properties. In addition, the possible
reactions might occur unintentionally and have to be taken into account during
the development of alloys and processing, e.g. if the cooling rate varies locally due
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to different cross-sections of a component. In this respect it has to be considered that
the reaction kinetics can be sensitive to the alloy composition. For instance, alloying
with low amounts of B depresses the occurrence of an undesired massive reaction
even at the highest industrially possible cooling rates, thus allowing the formation
of fine lamellar microstructures [37, 38].

The formation mechanism of lamellar microstructures has not been completely
elucidated yet. It has been proposed by different researchers [39-41] that y lamel-
lae are formed from the o phase by the movement of Shockley partial disloca-
tions, which cause the lattice transition from hcp to fcc. This lattice transforma-
tion is coupled with diffusion processes to equilibrate the composition and to ob-
tain the chemical ordering of the y phase. Indeed, Sun has provided direct evi-
dence [33] that y lamellae are formed by a shear transformation. However, the
work of Aindow and collaborators shows [42] that this transformation proceeds by
the diffusion-controlled movement of interface ledges along close-packed planes.
The movement of Shockley partial dislocations can be involved in the motion of
ledges but is not required. In any case, the transformation is of a displacive type,
which leads to a crystallographic alignment between o, and y lamellae according
to the Blackburn relationship [39, 43]

(0001),,|[{111}, and (1120, [|(1T0], . (eqn.4.1)

The arising lamellar interfaces are atomically flat over large distances and are par-
allel to the basal planes of a, and the {111} planes of y. In the lamellar micro-
structure six different variants of y lamellae can occur, which can formally be de-
scribed by rotations of 60° around an [111] direction [3, 44—47]. Thus, besides the
ay/y interfaces, there exist different types of y/y interfaces, among which true
twin boundaries (rotation of 180° around (111)) are most frequent and have the
lowest interfacial energy [48]. Since the c/a ratio of the L1, structure slightly dif-
fers from unity, coherency stresses and dense networks of interface dislocations
also occur at y/y interfaces [5, 46, 47, 49]. Moreover, the anisotropy of the thermal
expansion coefficients causes internal stresses at interfaces between differently ori-
ented y lamellae. These structural features of lamellar microstructures are demon-
strated in Fig. 4.3. Under mechanical loading, stress-induced structural changes of
misfitting interfaces occur, which have various implications on the deformation
and fracture phenomena of lamellar titanium aluminides [50].

In addition to the described phase transformations, the microstructure can also be
influenced by recrystallization during hot working. As shown in Fig. 4.4 for hot ex-
truded material, the lamellar microstructures present in ingot material can be fully
converted to equiaxed microstructures having grain sizes in the range of several mi-
crons with thermomechanical treatment in the o, +7 or a+7 regions. By subsequent
heat treatment at temperatures close to the a-transus temperature, different fractions
of lamellar colonies can be obtained whose colony size and lamellar spacing are de-
pendent on the heat treatment conditions [24]. Fig. 4.4 displays a calorimeter trace of
the phase transformations on heating hot worked material, together with the types of
possible microstructures obtained for different heat treatment temperatures.
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Fig. 4.3 Structure of lamellar interfaces of a
two-phase alloy of composition Ti-48Al-2Cr.

(a) Transmission electron micrograph show-
ing the lamellar microstructure, with the la-
mellar interfaces being in edge—on orienta-
tion; foil orientation (011],. (b)—(d) High reso-
lution electron micrographs in (001] projec-
tion showing (b) an ay/y interface, (c) a co-

4.4
Micromechanisms of Deformation

4.4 Micromechanisms of Deformation

herent interface between 180° rotational vari-
ants y/yr with true twin orientation, (d) a
semicoherent interface between 120° rota-
tional variants v, /y, with matrix/matrix orien-
tation. Note the misfit dislocation (arrowed)
with a Burgers vector out of the interfacial
plane.

As with many other intermetallic phases, titanium aluminides are relatively brittle
materials, exhibiting little plasticity at ambient temperatures. Typical of such de-
formation behavior is that the gliding dislocations are either too low in density or
too immobile to allow the specimen to match the superimposed strain rate. The
brittle material behavior often persists up to relatively high temperatures and pro-
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Fig. 44 Phase transformations in an alloy Ti-
45Al-(5-10)Nb-X. (a) Differential scanning cal-
orimetry trace as obtained on heating the al-
loy with a rate of 20 K min™' (see Fig. 4.1 b).
The arrows designate heat treatment tempera-
tures, which have been chosen for the speci-
mens shown in (d)—(f). (b)—(f) Scanning elec-
tron micrographs taken in the back-scattering
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eletron mode of different microstructures ob-
tained in this alloy. (b) Ingot material, (c)
completely recrystallized equiaxed microstruc-
ture of material extruded slightly above the
eutectoid temperature, and microstructure of
extruded material after a heat treatment at
(d) 1280°C, (e) 1320°C, and (f) 1340°C.

vides severe constraints upon hot working procedures. Furthermore, structural re-
finement due to recovery and recrystallization is triggered by the imparted strain
energy and, thus, depends on the nature of the deformed state. At elevated tem-
peratures titanium aluminides suffer from insufficient creep resistance and struc-
tural changes. Such behavior is often associated with dislocation climb and the op-
eration of diffusion assisted dislocation sources. Thus, for the performance of
TiAl alloys, the micromechanisms governing the multiplication and mobility of
the dislocations might be important in several different ways and will now be con-

sidered.



4.4 Micromechanisms of Deformation

4.4.1
Slip and Twinning Systems

In ay(TizAl)+y(TiAl) alloys, that are of engineering significance, deformation is
mainly confined to the y(TiAl) phase. The deformation behavior of y(TiAl) is
closely related to the slip elements of the L1, structure that are illustrated in
Fig. 4.5. Slip occurs under most conditions on {111}, planes along the close-
packed (110) directions [3, 5] and can be provided by ordinary dislocations with
the Burgers vector b=1/2(110] and superdislocations with the Burgers vectors
b=(101] or b=1/2(112]. At very high temperatures, dislocations with a (100) Bur-
gers vector have also been observed [51]. The parentheses used with the Miller in-
dices follow the convention introduced by Hug [52], which denotes all distinct per-
mutations of +h +k. In addition, deformation can also be provided by mechani-
cal twinning along 1/6(112]){111}, (Fig. 4.5b). However, unlike disordered face
centered cubic materials, there is only one distinct twinning shear direction
b3=1/6(112] that does not alter the ordered structure of y(TiAl) [53-55]. Shear in
the reverse direction along —2b; is the “complementary” or “anti-twinning” mode.
Shear along b; and b, alters the ordering and is designated as “pseudo-twinning”.
Perfect and partial dislocations are liable to adopt different core configurations,
thus reducing their energy. Owing to the ordered L1, structure, different types of
planar faults are involved in the dissociation reactions, such as superlattice intrin-
sic or extrinsic stacking faults, antiphase boundaries and complex stacking faults.
Planar and nonplanar dissociations have been observed and theoretically justified
for (011] and 1/2(112] superdislocations [3, 52, 56, 57]; examples of planar disso-
ciations are shown in Fig. 4.5c. Non-planar dissociations often lead to the forma-
tion of sessile configurations [58-60]. Ordinary 1/2(110] dislocations seem to have
compact cores, which has been attributed to the high energy of the complex stack-
ing fault that would be involved in the dissociation [58, 61]. The observations fol-
low the plausible trend that the highest planar fault energies produce the smallest
spreadings. The differences in the dissociation modes of ordinary and superdislo-
cations have significant implications on their glide resistance and ability to cross
glide or climb. The energy of planar faults has been investigated as function of al-
loy composition by first principles electronic structure calculations [62]. Accord-
ingly, the formation energies for the above mentioned planar defects are signifi-
cantly reduced by micro-alloying with Cr, Nb and Mn, when compared with bina-
ry alloys of stoichiometric composition. It will be demonstrated in section 4.5.3
that these trends can be used in alloy design to optimize mechanical properties.
The relative contributions of the individual dislocation mechanisms mainly de-
pend on the aluminum concentration, the content of ternary elements and the de-
formation temperature. In the y phase of two-phase alloys, glide of superdisloca-
tions is difficult and requires significantly higher stresses when compared with or-
dinary dislocations and order twinning [3, 5, 56]. At room temperature, deforma-
tion is mainly provided by ordinary dislocations and mechanical twinning
(Fig. 4.6a), i.e. the vy phase exhibits a significant plastic anisotropy. Thus, in terms
of the von Mises criterion for a general plastic shape change of polycrystalline ma-
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1721121

(KD

Fig. 4.5 Potential slip and twinning systems b,=1/6[121]and bs=1/6[112] are the Burgers

in y(TiAl). (a) Atomic arrangement of the or- vectors of partial dislocations. b; is perpendi-
dered L1, structure of y(TiAl) with one of the cular to the Burgers vector b=1/2[T10] for or-
four octahedral {111}, planes involving the dinary slip and represents the Shockley partial

Burgers vectors 1/2[110], 1/2[112], [0T1], and dislocations for true twinning, whereas b, and
[101]. (b) Schematic drawing of the three-layer b, represent pseudo-twinning. (c) Schematic

sequence of atom stacking on the (111), drawing of planar dissociations of perfect dis-
plane shown by small, medium and large cir- locations with the Burgers vectors (i) b=1/
cles. The open and shaded circles denote Ti 2[110], (i) b=1]2[112], (iii) b=[0T1].

and Al atoms, respectively. b;=1/6[211],

terial, there is a lack of independent slip systems that can be activated at given
stress. In grains or lamellae that are unfavorably oriented for glide of ordinary dis-
locations or twinning, significant constraint stresses can be developed due to the
shape change of deformed adjacent grains. These constraint stresses often initiate
local glide of superdislocations, as demonstrated in Fig. 4.6b. The lamella v,
shown in this micrograph had an (110] orientation with respect to the sample
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0.5 pm

Fig. 4.6 Deformation structures in two-phase
titanium aluminide alloys. Ti-48Al-2Cr with a
lamellar microstructure, compression at room
temperature to strain €=3 %, transmission
electron micrographs with foil orientations
close to (101]. (a) Ordinary dislocations with
Burgers vector b=1/2(110] with mainly screw
character. Note the formation of dislocation
multipoles (arrowed), which probably contrib-

superdislocations in front of immobilized
twins. Due to its (110] orientation parallel to
the compression axis, lamella vy, is unfavor-
ably oriented for glide of 1/2(110] disloca-
tions and true twinning. The generation of
superdislocations (mostly of type 1/2(112] is
probably supported by high constraint stres-
ses exerted by the deformation twins immobi-
lized in the adjacent lamellae y; and vy,

ute to work hardening. (b) Generation of

axis and, thus, could not deform by ordinary dislocations or order twinning. The
extensive twinning of the adjacent lamellae, y; and ys3, probably generated high
constraint stresses, which led to the emission of superdislocations from the inter-
faces. An inability to accommodate such stresses apparently leads to premature
failure. Similar arguments probably hold for the o, phase.

Deformation studies performed on Ti;Al single crystals have shown that defor-
mation at room temperature is restricted to prism glide on (1120){1010} systems
[63]. Crystals or lamellae of the o, phase with an orientation of the ¢ axis parallel
to the tensile axis are extremely difficult to deform, which is a critical issue for
0(Ti3Al) +y(TiAl) alloys and certainly limits the ductility [64]. This plastic aniso-
tropy, together with the sensitivity of the material to cleavage fracture, is probably
the main reason for the low temperature failure of a,(Ti;Al)+v(TiAl) alloys (see
section 4.5.6). At temperatures above 700°C, the o, phase can also deform on py-
ramidal (1126){2021} slip systems [63]. This was also confirmed for a, lamellae
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in two-phase alloys by electron microscopy [65]. The propensity for twinning of
the y phase strongly increases with temperature in two-phase alloys. As will be
shown later, ordinary dislocations are able to climb under these conditions.
Furthermore, anti-twinning operations, supported by constraint stresses, may also
contribute to deformation [5, 66]. Taken together, these factors certainly reduce the
plastic anisotropy of the y and o, phases and make deformation of polycrystalline
a,(TizAl) + y(TiAl) much more easy.

4.4.2
Dislocation Multiplication

Ordinary dislocations with Burgers vectors b=1/2(110] have a compact core struc-
ture, which makes cross glide and climb relatively easy. Multiplication of these
dislocations can therefore take place through the operation of dislocation sources
incorporating stress driven cross-slip or climb, as has been observed in disordered
metals [5, 67]. At room temperature, multiplication has been found to be closely
related to jogs in screw dislocations, which were probably generated by cross-slip
[5, 50, 67]. The kinematics of the processes involved is sketched in Fig. 4.7a.
Since the jogs are immobile in the direction of the motion of the screw disloca-
tions, dislocation dipoles are trailed at the jogs (Fig. 4.7a, stage ii). The anchored
segments bow out under the applied stress in a fashion similar to a Frank-Read
source. The adjacent dipole arms can overcome their elastic interaction and pass
each other, if the applied shear stress is larger than [68]

g = ub/8n(1 —v)h. (eqn. 4.2)

Where p is the shear modulus, v is Poisson's ratio and h the height of the jog. If
the bowing process continues, the dipole arms can effectively behave indepen-
dently of each other and act as single ended dislocation sources (Fig. 4.7a, stage
iii). Fig. 4.7b shows a dislocation dipole trailed at a high jog, which is probably in
the initial stage of this multiplication mechanism. Due to the high flow stress of
the titanium aluminides, relatively narrow dipoles can probably act as dislocation
sources as suggested by Eqn. 4.2. Dipoles of smaller height, which cannot multi-
ply at the given stress, will be pinched off from the dislocation. These defects can
also operate as dislocation sources when, in later stages of deformation, the flow
stress increases due to work hardening (Fig. 4.7a, stage iv) [5]. The mechanisms
described here confirm the early models of dipole generation and dislocation mul-
tiplication, which were proposed by Gilman and Johnston [69].

At elevated temperatures dislocation multiplication can be supported by point
defect supersaturations and diffusion processes. As with disordered metals, in
v(TiAl) vacancies predominate in thermal equilibrium over interstitials because
their formation energy is significantly lower than that of interstitials [70, 71]. Pro-
cessing routes for titanium aluminide alloys often involve thermal treatments fol-
lowed by rapid cooling (see section 4.3), which certainly leads to large vacancy
supersaturations. Non-equilibrium concentrations of point defects may also occur
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Fig. 4.7 Cross-glide and multiplication of or-
dinary dislocations in y(TiAl). (a) Schematic
drawing of the behavior of a jogged screw dis-
location, (i) and (ii) anchoring of the disloca-
tion at jogs of height h, (iii) operation of di-
pole arms as single- or double-ended disloca-
tion sources, (iv and v) trailing and termina-
tion of dipoles at small jogs. At higher stres-
ses, the dipole arms may overcome their elas-
tic interaction and operate as single- or dou-
ble-ended dislocation sources (dashed lines).

(b) Initial stage of multiplication of an ordi-
nary 1/2(110] dislocation by cross-glide corre-
sponding to stage (iii) in Fig. 4.7a. The dipole
arms trailed at the jog (arrow 1) in the screw
dislocation are widely separated so that they
could pass each other and may act as single-
ended source. Note the emission of the dislo-
cation loops from the interface (arrow 2). Ti-
48Al-2Cr, compression at T=300 K to strain
£=3%.

due to hot or cold working of the material. Dislocation motion in large vacancy
supersaturations seems therefore to be a common situation for y(TiAl) alloys. The
resulting climb processes can apparently initiate multiplication. The details of the
mechanisms can hardly be deduced from post mortem electron microscopy be-

cause of their complex kinematics.
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In the present study direct information about climb processes have been de-
duced from in situ heating experiments. The samples were compressed at
T=300K to strain €=3%, which introduced sufficient dislocations for observation
and certainly a small supersaturation of intrinsic point defects due to jog drag-
ging processes. During the in situ experiments, the dislocations moved under the
combined action of thermomechanical stresses and osmotic climb forces due to
the chemical potential of the excess vacancies. As described above, this defect
structure is probably characteristic of the situation in industrial two-phase alloys
subjected to high temperature deformation.

Fig. 4.8 demonstrates the growth of climb sources during a long period of about
350 min by using a sequence of micrographs, part of an in situ study performed
at 820 K. Accordingly, dislocations were generated by the nucleation and growth
of prismatic loops (arrow 1). As schematically shown in Fig. 4.8 e, the expansion
of each loop is achieved by the removal of one atomic plane, thus the mechanism
is exhausted after only one cycle of the source. The expanding loop designated
with arrow 2 contains a jog so that climb on different atomic planes occurs. After
one cycle of the source, a new dipole is generated so that the mechanism is regen-
erative. The climb processes often lead to the formation of spiral sources, which
generate complex configurations of interconnected multiple loops [5]. Apparently,
the critical vacancy concentration c'/c; required to operate the Bardeen-Herring
climb sources is relatively low. The geometric situation occurring during the in
situ experiments has been described in [72, 73]. For a loop expanding from a
source of length L, the critical value is:

In(c'/ct) > [ubQ/L2n(1 — v)KT] In(La,/1,8b) . (eqn. 4.3)

Where ¢’ is the non-equilibrium concentration of the vacancies, ¢y the equilib-
rium concentration belonging to temperature T, Q is the atomic volume, a=4,
and v is Poisson’s ratio. For the present experimental conditions, T=820 K and
L=150-350D, the values c/c,=3-1.7 were obtained [5, 74]. These supersaturations
are small in comparison to those produced initially after rapid cooling, which are
easily on the order of 10°~10* [68, 73]. Thus, Bardeen-Herring sources can prob-
ably operate throughout the entire period during annealing out of excess vacan-
cies. Such processes are expected to be particularly important for creep deforma-
tion, where only slow strain rates occur [75]. It may therefore be concluded that
rapid quenches from high temperatures have detrimental effects on the creep re-
sistance of the material. If these quenches are required to establish a desired mi-
crostructure, the excess vacancies should be annealed out by careful heat treat-
ments of the sample.

It should be pointed out that the dynamic dislocation sources described here
were only observed on ordinary 1/2(110] dislocations. As described above, super-
dislocations exhibit wide and complex dissociations, which restricts cross-slip and
climb. Multiplication of superdislocations by the mechanisms described above is
therefore considered to be difficult. In view of these results it appears plausible
that the structure of deformed TiAl alloys mainly consists of ordinary dislocations.
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Fig. 4.8 Generation of ordinary dislocations
with Burgers vector b=1/2(110] at elevated
temperatures. (a—d) Operation of Bardeen-
Herring dislocation climb sources during an

of a dislocation loop containing two jogs
(small arrow). After one cycle of the source a
new dipole is generated so that the mecha-
nism is regenerative. Ti-48Al-2Cr, pre-deforma-

in situ heating experiment inside the TEM at
T=820 K. Details: (1) nucleation and growth
of prismatic dislocation loops, (2) expansion

tion at T=300 K to strain €=3%. (e) Sche-
matic drawing of the mechanism.

A mechanism common to both low and elevated temperatures is the emission
of dislocations from the lamellar interfaces. The process was found to be closely
related to mismatch structures and coherency stresses present at the semicoher-
ent interfaces described in Section 4.3. The coherency stresses are comparable
with the yield stress of the material and give rise to the formation of loop struc-
tures adjacent to the interfaces [49, 76, 77]. Dislocation segments of such a config-
uration are expected to be released from the interfaces when an additional shear
stress is superimposed. Extended dislocation glide processes starting from the in-
terfaces are therefore a significant feature of the deformation structure of lamellar
alloys. As an example Fig. 4.9 demonstrates the dislocation structure adjacent to
semicoherent a,/y interfaces observed after deformation at room temperature. In
most cases, the dislocations have a Burgers vector b=1/2(110] inclined to the la-
mellar interfaces and, thus, contribute to shear deformation across the lamellae.
Dislocation emission from the interfaces may effectively contribute to the accom-
modation of stress concentrations. In lamellae that are unfavorably oriented for
1/2(110] glide or twinning, significant constraint stresses can be developed due to
the shape change of deformed adjacent lamellae. The constraint stresses are be-
lieved to assist overcoming the high Peierls stresses expected for the superdisloca-
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Fig. 49 Generation of dislocations at lamellar interfaces. Ti-48Al-2Cr,
compression at T=300 K to strain e=3%. Initiation of glide processes
of ordinary dislocations with Burgers vector b=1/2(110] at a,/y inter-
faces. Foil orientation close to (101].

tions, thus glide processes of these dislocations are locally initiated, a behavior
that was demonstrated in Fig. 4.6b. The interface mechanisms support dislocation
generation and are therefore beneficial for the ductility and damage tolerance of
the material at ambient temperatures. The mechanisms are, on the other hand, a
serious limitation for the creep resistance and structural stability of the material
under long-term exposure.

443
Twin Nucleation

For y(TiAl) several heterogeneous nucleation mechanisms have been proposed
[57, 78-81], which basically are related to the dissociation of superdislocations and
the coalescence of planar defects; experimental confirmation is rare, however.
There is good evidence that the lamellar interfaces of two-phase alloys are the pre-
valent sites for twin formation [5, 82]. The nucleation occurs heterogeneously at
the misfit dislocations, with Burgers vector out of the interfacial plane. Dissocia-
tion of these dislocations provides Shockley partial dislocations with a Burgers vec-
tor parallel to the twinning shear direction n;=(112], thus supporting twin nuclea-
tion. An initial stage of this mechanism is demonstrated in Fig. 4.10 by a high re-
solution electron micrograph. More details concerning the dislocation reaction in-
volved are described in [82]. The view of heterogeneous nucleation is also sup-
ported by the fact that twinning in Al-rich single-phase alloys at low temperatures
apparently is very difficult. This might be in part a consequence of the fact that la-
mellar interfaces are almost absent in these materials. Thus, like in disordered
materials, in y(TiAl) twin nucleation can easily be rationalized, whereas the pole
mechanism proposed in literature does not satisfactorily account for the rapid
growth of the twins [79].



4.4 Micromechanisms of Deformation

Fig. 410 Generation of deforma-
tion twins in two-phase titanium
aluminide alloys. Heterogeneous
nucleation of embryonic twins at
an interface y/yr between v vari-
ants with true twin orientation. The
tilt misfit of the interface is accom-
modated by an array of misfit dis-
locations (arrowed). The narrow
twins (1) and (2) were nucleated
from the misfit dislocations. Ti-
48Al-0.37C, compression at 300 K
to strain £=3%.

4.4.4
Glide Resistance and Dislocation Mobility

As with many other materials, in y(TiAl) the mobility of dislocations is deter-
mined by interactions with various lattice defects. The relevant processes may be
described in terms of thermodynamic glide parameters. In doing so, dislocation
propagation is considered as a thermally activated process, and the strain rate is
described as [83, 84]

& = &y exp(—AG/KT) . (eqn. 4.4)

The stress experienced by an individual dislocation results from the superposition
of the applied stress, o, with stresses, o, from internal sources. The coherency
stresses existing at the lamellar interfaces of two-phase alloys represent typical ex-
amples of internal stresses. In the framework of this model the total stress, o, is
given by [5]

c=o0,+0* =0, + (f/V)(AF* + kTIn ¢/&). (eqn.4.5)

The other parameters involved in eqns. 4.4 and 4.5 are: AG — Gibbs free energy of
activation, AF* — free energy of activation, k — Boltzmann constant. &, is propor-
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tional to the mobile dislocation density and considered to be constant. The Taylor
factor £=3.06 was used to convert ¢ and ¢ to average shear quantities. V=IbAR is
the activation volume, which contains the obstacle distance, 1, the Burgers vector,
b, and the activation distance, AR. V can be described as the number of atoms
that have to be coherently thermally activated for overcoming the glide obstacles
by the dislocations [83, 84]. The activation parameters defined by Eqns. 4.4 and
4.5 were related to temperature and strain rate sensitivities of the flow stress by
83, 84]

_ Qe + Vo(T/pf) (0p/3T)
AG =T ) w/om) (eqn. 46)
with
V=1kT/(Ac/Alng); and Q.= AH = —-TV(Ac/AT),/f. (eqn.4.7)

Q. is the experimental activation energy, which is identical to the activation en-
thalpy, AH, when the obstacle distance is independent of stress [83, 84]. Different
deformation mechanisms exhibit characteristic activation volumes and energies. It
is therefore expected that these parameters will undergo significant changes when
there is a change of the mechanism that controls the glide resistance of the dislo-
cations.

The activation parameters were determined in a wide temperature range for var-
ious TiAl alloys with different microstructures and compositions [5, 67, 85, 86].
For a given composition and microstructure, the parameters depend on ¢, ¢ and
T. First, the values determined at the beginning of deformation at £=1.25% will
be considered. At constant temperature and strain rate, ¢ and 1/V are linearly re-
lated, according to Eqn. 4.5. The characteristic temperature dependence of these
two quantities is demonstrated in Fig. 4.11. The behavior is almost typical of all
two-phase alloys. The flow stress is nearly independent of temperature up to
about 1000 K, and then decreases. In contrast, 1/V passed through a broad mini-
mum at temperatures between 600 and 800 K, which indicates that significant
changes in the micromechanisms controlling the dislocation velocity occur. Thus,
separate consideration will be given to the domains I, IT and III designated in
Fig. 4.11. The activation parameters estimated in domain I (T=295 K) are typically
[5, 67, 85, 86]:

V = (70 — 130)b%, AG = 0.7 — 0.85eV, AF* =1.3eV .

V was referenced to the Burgers vector of ordinary dislocations, which in two-
phase alloys mainly provide deformation of the y phase. The small value of V and
the relatively high activation energies suggest that the glide resistance of the dislo-
cations arises from a dense arrangement of strong obstacles. These features of dis-
location dynamics become evident in the dislocation structure observed after room
temperature deformation. Fig. 4.12 demonstrates the strong bowing out of screw
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dislocations between glide obstacles, which were also observed in other studies
[87, 88]. Some controversy has arisen in the TiAl literature over the nature of the
glide obstacles. The ongoing discussion involves lattice friction, intrinsic mecha-
nisms like jog dragging, and extrinsic pinning by impurity related defects. In
Fig. 4.12a large fraction of the obstacles can undoubtedly be identified as jogs be-
cause dislocation dipoles and debris are trailed from them. However, it is tempt-
ing to speculate that extrinsic glide resistance is also present. In TiAl alloys, oxy-
gen, nitrogen and carbon are unavoidable impurity elements, which have a low
solubility in the y phase [89]. Thus, these elements can easily precipitate as ox-
ides, nitrides and carbides, which may act as localized glide obstacles. This hy-
pothesis was supported by Kad and Fraser [90], who observed anchoring of
1/2(110] dislocations at oxide particles. The presence of extrinsic glide resistance
is also suggested by the observed pinning of twinning partial dislocations [5, 86,
91]. This pinning process cannot be attributed to an intrinsic mechanism, like jog
dragging, because cross-glide and jog formation is impossible in partial disloca-
tions. Additional glide resistance certainly arises from a lattice friction mecha-
nism. Due to the directional bonding of y(TiAl), high lattice friction is expected
for all types of dislocations [92-95]. This is also suggested by the observation that
the dislocations in the unloaded TEM samples are still bowed out in a smooth
arc. It is therefore assumed that high lattice friction forces occur on all characters
of dislocations, which impede a complete relaxation of the bowed segments into
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Fig. 412 Dislocation dynamics in
domain | of the o(T)-curve shown
in Fig. 4.11. Pinning of screw dislo-
cations with Burgers vector b=
1/2(110] by localized obstacles and
jogs (arrow 1). Additional glide re-
sistance arises probably from a lat-
tice friction mechanism. This is in-
dicated by the observation that the
dislocations in the unloaded sam-
ple are still bowed out in a smooth
arc. Note the dislocation dipoles
and debris defects that are trailed
and terminated at jogs (arrow 2).
Ti-48Al-2Cr, compression at

T=300 K to strain e=3%.

0.1pm

the geometrically shortest configuration between the obstacles. This type of glide
resistance probably disappears at about 600 K, which is suggested by the small val-
ue of 1/V. Nevertheless, the flow stress, o, is practically constant in this tempera-
ture domain. It is therefore speculated that the dislocation mobility in domain II
of the o(T)-curve is impeded by another mechanism. Two-phase alloys exhibit dis-
continuous yielding and negative strain rate sensitivity in the intermediate tem-
perature interval (450-650 K). These phenomena are usually associated with the
Portevin-LeChatelier effect [68, 73], which arises from the dynamic interaction of
diffusing defects with the dislocations. The resulting glide resistance and strain
ageing effects were investigated using the classic yield-point return technique [91,
96, 97), as demonstrated in Fig. 4.13a. The observed fast kinetics (Fig. 4.13b) and
low activation energy of the aging process of Q,=0.6-0.8 €V [91, 96, 97] suggest
that rapid defect accumulation at the dislocations occurs at low temperatures. A
wide range of alloy compositions and microstructures was investigated in order to
identify the relevant defect species [98]. The strain ageing phenomena strongly de-
pend on off-stoichiometric deviations and are particularly pronounced in Ti-rich
alloys. This gives rise to the conclusion that Tis antisite defects, i.e. Ti atoms situ-
ated on the Al sublattice, are involved in the pinning process. In TiAl alloys no
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structural vacancies are formed, thus, deviation from stoichiometry is compen-
sated by antisite defects [70, 71, 99]. Association of the Tia; antisite defects with
vacancies leads to the formation of anti-structural bridges that provide paths of
easy diffusion. It is tempting to speculate that defect agglomerates consisting of
antisite atoms and vacancies will produce an asymmetric distortion. If such a de-
fect interacts with the stress field of a dislocation, vacancy jumps may be initiated
so that the vacancy/antisite complex is reoriented and the strain energy of the dis-
location is lowered. Locking of the dislocations, therefore, occurs in a fashion that
has been described for Snoek atmospheres [73]. As the test temperature is raised,
the strain ageing phenomena gradually disappear because the defect atmospheres
probably migrate with the dislocations and, thus, provide less glide resistance.

The observations indicate that in the intermediate temperature range T=(0.3—
0.4)Ty, (T — absolute melting temperature) fast and effective locking of the dislo-
cations occurs, analogous to the well known blue-brittleness in steels, which may
be harmful for ductility and damage tolerance of the material. Support of this
view is provided by recent studies of fracture toughness in y(TiAl)-based alloys,
which demonstrated the link between dislocation dynamics and the characteristics
of crack propagation [100, 101]. During service the components repeatedly pass
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Fig. 413 Deformation behavior in domain Il
of the o(T) curve (Fig. 4.11); Portevin-LeCha-
telier effect in a Ti-47Al-2Cr-0.2 Si alloy with

near gamma microstructure. (a) Sequence of
static strain aging experiments performed at
T=523 K under a relaxing load. The stress in-
crements were measured as the difference in

stress before aging and the peak level on re-
loading. Different time intervals, t,, between
unloading and subsequent reloading are indi-
cated. (b) Kinetics of strain aging under relax-
ing stresses and the deformation parameters
indicated.
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through the critical temperature range for atmosphere formation; thus, premature
failure of the components may occur, which requires adequate safety factors.

Deformation at elevated temperatures (domain III) is characterized by a strong
increase of 1/V with T. The activation parameters estimated for two-phase alloys
at T=1100 K are typically [85]:

V = (50 —90)b®>, AH =2.9 —3.2¢V .

For comparison, the Ti self-diffusion energy of v(TiAl) was estimated as
Qsa=3.01 eV [102], while recent measurements have led to Qzq=2.6 eV [103]. This
energy is indicative of a diffusion-assisted dislocation mechanism [101]. Under
these conditions, the interaction of the dislocations with vacancies leads to disloca-
tion climb, which is manifested by the formation of helical dislocation configura-
tions. The operation of the mechanism was confirmed by in situ TEM observations
[5, 104], which are demonstrated by a series of micrographs in Fig. 4.14. Climb was
preferentially observed on ordinary 1/2(110] dislocations, which is plausible as these
dislocations have a compact core structure [58, 61]. However, objection to the climb
hypothesis may be raised on the grounds that the associated activation volumes are
too large for climb. In the present evaluation, V was referenced to the Burgers vector
of ordinary dislocations, which mainly contribute to the deformation of two-phase
alloys. The values estimated at T=1100 K are (50-90) b, whereas from theory, climb
is associated with V=(1-10) b® [73, 84]. This significant difference indicates that the
activation parameters determined by deformation tests and microscopic features of
dislocation dynamics can be correlated in a very complex manner. There are mainly
three reasons that may account for the discrepancy. First, non-planar dissociation of
the dislocation core on intersecting {111}, planes can lead to locking of the respec-
tive dislocation segments. Supporting evidence for such a mechanism is provided by
the observation that the climb structure involves straight segments with (110) orien-
tations (Fig. 4.14). Climb of dissociated dislocations is expected to be impeded by
additional energy barriers [73]. Thus, climb may be restricted to the non-dissociated
parts of the dislocations, which can give rise to a larger activation volume. Second, it
is also possible that deformation is primarily accomplished by slip, but the factor
controlling the amount of slip is the climb of dislocations about strong obstacles.
The relative contributions of the two processes certainly depend on the deformation
conditions ¢ and T [104, 105]. It might be expected that at a deformation temperature
of 1000 K only relatively low strain rates can be realized by pure climb. At higher
strain rates dislocation glide certainly significantly contributes to deformation.
Thus, the total activation volume reflects the contributions of both glide and
climb. Third, the activation volume was calculated according to Eqn. 4.7 assuming
a Taylor factor of f=3.06. However, at elevated temperatures, strain accommodation
between differently oriented grains can in part be accomplished by climb of the dis-
locations out of their {111} slip planes, which tend to reduce the Taylor factor and
thus the values of V.

Another characteristic feature of high-temperature deformation is the strong in-
crease in the reciprocal activation volume with strain, &, when compared with low-
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Fig. 414 Deformation behavior in domain Il of the 6(T) curve

(Fig. 4.17); climb of ordinary dislocations in a deformed sample ob-
served during in situ heating inside the TEM. Ti-48Al-2Cr, pre-deforma-
tion at T=300 K to strain £=3%.

er test temperatures [104]. This indicates the onset of a new thermally activated
process as deformation proceeds. The behavior is demonstrated in Fig. 4.15,
where the values determined at T=293, 973 and 1100 K are compared. The rela-
tively weak increase of 1/V with & observed at 293 K can be attributed to a work
hardening mechanism due to dislocation dipoles [106, 107]. At elevated tempera-
tures, intensive climb interactions of dislocations and point defects are expected
due to enhanced diffusion. In order to realize the superimposed strain rate, a suf-
ficient number of dislocations must be present. Initially, the dislocations are prob-
ably generated by the cross-glide mechanisms described in section 4.4.2. Absorp-
tion of vacancies leads to climb bow-out and formation of helical dislocations, as
described before. Such configurations are relatively sessile with respect to glide be-
cause energy would be required in order to restore the dislocations to their origi-
nal glide plane. During plastic deformation and work hardening, the density and
mutual interaction of defects increase, as may the rate of climb processes. This
behavior is apparently reflected in the strong increase of 1/V with & and thus
lends support to the climb hypothesis.

m
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According to eqn. 4.5, an increase of 1/V is associated with an increase of the
thermal stress part, o*. Thus, the strain dependence of 1/V shown in Fig. 4.15
suggests that a thermal contribution to work hardening is produced by dislocation
climb. This speculation is supported by the observation that the work hardening
rate at high temperatures becomes strongly rate dependent.

Concerning this complex situation, it is difficult to make generalizations about
the ability of dislocations to climb in TiAl. Apart from the deformation conditions
T, € and ¢, careful attention has to be paid in each case to other climb-controlling
factors; these may involve alloy chemistry, constitution, microstructure, and im-
purity content. However, it is reasonable to assume that deformation of two-phase
alloys at T>1100 K, £>10% and £>10"*s™' is mainly determined by dislocation
climb. In this context, the effects of alloy composition will be considered in Sec-
tions 4.5.2 and 4.5.3.

4.5
Mechanical Properties

For engineering applications, titanium aluminides must possess a good balance of
various mechanical properties. In the following sections, the metallurgical factors
will be considered that determine strength, ductility, creep, toughness, and fatigue.

4.5.1
Grain Refinement

Two-phase titanium aluminide alloys contain dense arrangements of internal
boundaries due either to phase transformations or hot working. These boundaries
are known to be very effective barriers for all types of perfect and twinning partial
dislocations [5, 49]. As with many other metals, the stress required to transmit
dislocations through the boundaries is considered to be athermal in nature and
has often been described in terms of a Hall-Petch equation:
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6 =0,+ kyD’l/2 (eqn. 4.8)

Where k, is a material constant and D is a structural length parameter of the mi-
crostructure. 6, is a constant stress contribution, which has often been associated
with other types of glide obstacles. A typical example are glide obstacles, which
can be overcome with the aid of thermal activation, as described in Section 4.4.4.
On the basis of this approximation, Hall-Petch relations have been revealed for
several classes of two-phase alloys [108-110]. However, this is not considered to be
confirmation of the specific dislocation pile-up model behind the Hall-Petch de-
scription, but may only reflect the fact that the slip distance of the dislocations
correlates with the distance between phase or grain boundaries. However, the mi-
crostructures are mostly quite complex and rich in detail, encompassing different
length parameters being relevant for the slip path of the dislocations and twins.
This holds particularly for the analysis of duplex microstructures, where more
than one length parameter is needed. These involve the grain sizes of the differ-
ent phases, colony sizes and lamellar spacings. It is also often the case that coarse
microstructures are investigated so that an insufficient number of grains or colo-
nies is sampled. Thus, among the grains significant constraint stresses can be de-
veloped, which apparently lead to unrealistic yield stresses [111]. In fully lamellar
alloys, the relevant structural parameter determining the yield strength in terms
of the Hall-Petch equation is probably the lamellar spacing; this was shown by
computer modeling of the yield behavior [112] and deformation experiments per-
formed on PST-crystals [113-115]. The translation of shear processes through dif-
ferent lamellar interfaces was investigated by electron microscope observations [5,
49]. The investigations show that perfect and twinning partial dislocations are
piled-up at the interfaces, which leads to stress concentrations. In response to the
stress concentrations, new shear processes are initiated in the adjacent lamella,
the slip systems of which depend on the orientation relationships existing be-
tween the lamellae [5].

The use of powder metallurgy is advantageous for analyzing the effects of grain
refinement because fine-grained and texture-free materials with uniform micro-
structure and equiaxed grains can be obtained from consolidated powder. Thus,
evaluation in terms of the Hall-Petch equation is straightforward. Fig. 4.16 shows
the data measured at room temperature on a two-phase alloy and plotted accord-
ing to eqn. 4.8 [116]. By linear regression, the Hall-Petch constants c,=133 MPa
and ky,=0.91 MPa m'/? were determined. The stress part, 6,, which is indepen-
dent of the grain size, is generally very small. k, is at the lower limit of the values
reported in the literature for polycrystalline materials [108-110]. Nevertheless, the
term k,D™"/* accounts for about 70% of the yield stress of TiAl alloys with globu-
lar microstructure [5, 49]. This result clearly indicates that the strength of TiAl al-
loys is mainly determined by the microstructure. Thus, grain refinement is an im-
portant issue for the design of alloys with improved strength properties.

Alloys with fully lamellar microstructures are beneficial for high temperature
strength, fracture toughness and creep resistance, but suffer from poor ductility at
low and ambient temperatures. Duplex structures are conducive for tensile ductili-
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ty, but are inferior when fracture toughness, high temperature strength and creep
resistance are required. Thus, concerning the intended high temperature applica-
tions, lamellar alloys probably provide the best balance of mechanical properties.
With this perspective in mind, process development is currently focused on tech-
niques that provide fine-grained, fully lamellar microstructures. This concept was
successfully demonstrated on an extruded two-phase alloy [117, 118]. There are de-
tailed reviews on the correlation between microstructure and mechanical proper-
ties, the reader is referred to these articles for further details and references.

4.5.2
Effects of Alloy Composition

Extensive research performed during the last decade has demonstrated that alloy
composition significantly affects the mechanical properties. Nevertheless, the role
of the various alloying elements is not sufficiently clear. In the Ti-Al system the ex-
tension of the individual phase fields between a,(Ti3Al) and y(TiAl) shown in
Fig. 4.1 depends on the addition of a third element. Thus, microalloying alters the
path by which microstructures evolve. This may easily mask strength variations
caused by solid solution or precipitation hardening and makes an assessment of al-
loying effects difficult. Nevertheless, certain rules have been empirically established
that may be used as guidelines in alloy design towards desired properties [119].

¢ In general, a reduction in aluminum content tends to increase the strength lev-
el, but reduces ductility and oxidation resistance.

¢ Additions of Cr, Mn and V up to a level of 2 at% for each element have been
shown to enhance ductility.

o Additions of 1-2 at% Nb are required in order to achieve sufficient oxidation re-
sistance.

e W, Mo, Si, and C up to a level of 0.2-2 at% for each element are added in order
to improve the creep resistance.

e B additions of 0.2-2 at% act as grain refining coagulant and are used for stabi-
lizing the microstructure during high temperature service.



4.5 Mechanical Properties

Boron additions lead to the formation of different types of titanium borides; how-
ever, in most cases TiB, platelets are present. It is generally assumed that the bor-
ides affect the kinetics of the high-temperature phase transformations in that they
provide nucleation sites for the o and B phases [120-123]. The degree of grain re-
finement and the mechanical properties that can be achieved by boron additions
apparently also depend on the Al content and cooling rate that occurred in the
high-temperature phase field. Several aspects of the relevant mechanisms need
further investigation.

Based on these experiences, extensive alloy development has been performed
with the goal of improved mechanical properties. As with conventional materials,
solid solution and precipitation hardening were utilized. In the case of TiAl alloys,
the challenge is to strengthen the material without compromising other desired
properties, such as low temperature ductility and toughness. The complex situa-
tion in this field of metallurgy will be illustrated in the following two sections.

453
Solid Solution Effects due to Nb Additions

Recently, it has been shown that a significant strengthening effect can be
achieved when 5-10 at% Nb is added to TiAl alloys [86, 119, 124]. The reader is
referred to Fig. 4.11, where the yield stresses and the reciprocal activation volumes
of different alloys were compared. Accordingly, TiAl alloys with 5-10 at% Nb ex-
hibit yield stresses in excess of 800 MPa. These values are significantly higher
than those of conventional two-phase alloys, which are represented in Fig. 4.11 by
a Ti-47Al-2Cr-0.2Si alloy. Despite the extensive body of investigation broadly con-
firming these results, there is some controversy about the nature of the strength-
ening effect of Nb additions, i.e. whether it arises from solid solution hardening
or from a structural change. Atom location by channeling enhanced microanalysis
(ALCHEMI) studies have revealed that Nb solely occupies the Ti sublattice [125,
126]. Solid solution hardening would arise from a short-range interaction between
the dislocations and the Nb atoms, and thus should be manifested by an addi-
tional stress part, o*, and larger values of 1/V, according to eqn. 4.5. This is
clearly not the case, as demonstrated in Fig. 4.11. Solid solution hardening of the
Nb-bearing alloys would rely on the very small size misfit of Ti and Nb atoms,
which is about 0.2% maximum [127]. This seems unlikely to completely explain
the observed strengthening effect in Al-lean alloys. Strong solute dislocation inter-
actions are only expected for large misfits or defects that introduce non-centro-
symmetric distortions [73]. Thus, the viewpoint that the high strength of Nb bear-
ing alloys arises from NDb solution hardening [128] should be considered with cau-
tion. Since the activation volume is practically independent of the Nb content, the
strengthening effect should be attributed to an athermal mechanism that is prob-
ably associated with a structural change. This is supported by the observation that
Nb-bearing alloys exhibit almost the same yield stress as binary alloys with the
same Al content. Electron microscope observations have shown that the Nb addi-
tions lead to a significant structural refinement. In particular, the lamellar consti-
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tuents of the microstructure exhibit very fine lamellar spacings and a high density
of o, lamellae. This results in a dense arrangement of interfaces, which impede
dislocation glide and mechanical twinning. The characteristic features of micro-
structure and deformation of high Nb-containing alloys are demonstrated in
Fig. 4.17. In view of these findings, the high flow stress of alloys of the type Ti-
45A1-(5-10)Nb can be rationalized in terms of a Hall-Petch mechanism [86].

However, in spite of the similarity in the mechanisms determining the yield
strength of binary and Nb-containing alloys, several other aspects of dislocation
dynamics are notable. These are associated with the dislocation core structure, the
energies of planar defects and the diffusion properties. For Nb-bearing alloys, an
abundant activation of twinning has been recognized and the superdislocations
were found to be widely dissociated, an observation that suggests that the stacking
fault energies of y(TiAl) are lowered by the Nb additions. In many grains or la-
mellae, dissociated superdislocations, planar faults and twins coexist (Fig. 4.18).
Thus, it is speculated that twin nucleation can occur by the superposition of ex-
tended stacking faults on alternate {111} planes [82]. The strong contribution of
mechanical twinning and superdislocation glide certainly reduces the plastic an-
isotropy of y(TiAl) (see section 4.4.1), which is conducive for the deformation of
polycrystalline material. This might be the reason that optimized Nb-containing
alloys exhibit room temperature tensile yield stresses in excess of 1000 MPa and
plastic tensile elongations of 2-3% (section 4.7). The binary reference alloys exhib-
it only poor elongations of less than 1% under the same conditions.

Concerning high-temperature deformation and creep resistance, the important
point to note is that the activation enthalpy of high Nb-containing alloys is
AH=4-4.5 eV, which is significantly higher than that of conventional alloys [86,
129, 130] (section 4.4.4). This finding agrees with recent tracer measurements of
the ND solute diffusion, which revealed that Nb is a slow diffuser in y(TiAl) [131].
The result implies that diffusion-assisted deformation mechanisms might be im-
peded in such alloys. Furthermore, climb processes of the superdislocations are
difficult because of their wide dissociation. These characteristics of the dislocation
dynamics are probably the reason for the high yield stress of the alloys at 700°C.
ND is also a commonly added element because of its ability to improve oxidation
resistance [132]. Thus, alloys of the type Ti-45Al-(5-10)ND exhibit several desirable
attributes that give them the potential for expanding the service range of titanium
aluminides to higher temperatures [129, 130].

4.5.4
Precipitation Hardening

In TiAl alloys, appreciable improvements in strength and creep resistance can be
achieved by precipitation hardening from oxides [90, 133], nitrides [134], silicides
[135, 136], and carbides [91, 134, 137-139]. The strengthening effect critically de-
pends on the size and the dispersion of the particles. In this respect, carbides, ni-
trides and silicides appear to be beneficial as the optimum dispersion can be
achieved by homogenization and ageing procedures. Details of the hardening
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Fig. 417 Microstructure and deformation
mechanisms in high niobium containing al-
loys. (a) High resolution TEM micrograph
showing the lamellar microstructure of a Ti-
45AI-10Nb alloy that had been extruded below
the a-transus temperature. Note the small la-
mellar spacings, the high density of a, lamel-

lae, the ledges at the interfaces, and the do-
main boundary in one of the y lamellae. (b)
Deformation twins generated in a Ti-45Al-5Nb
alloy by compression at T=973 K to strain
€=3%. Twinning partial dislocations (ar-
rowed) are piled up against a lamellar bound-

ary.
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Fig. 418 Deformation structure observed in ciated superdislocations, stacking faults and
a Ti-45AI-10Nb alloy after tensile deformation deformation twins coexisting in a deformed y
at T=295 K to a plastic strain e=1% and flow grain.

stress 6=1050 MPa. Note the widely disso-

mechanism were investigated for carbides and will be considered here. A system-
atic series of carbon-doped alloys with the baseline composition Ti-48.5Al-(0.02—
0.4)C were subjected to different thermal treatments [91, 137, 138]. Annealing at
1250°C and quenching resulted in a carbon solid solution, whereas Ti3AlC perovs-
kite precipitates were formed by subsequent ageing at 750°C. Annealing at tem-
peratures above 800°C leads to the formation of the H-phase Ti,AlC with a plate-
like morphology [137]. Thus, the strengthening effect of the additional glide obsta-
cles could be quantitatively assessed.

Fig. 4.19 shows the dependence of the yield strength and of the reciprocal acti-
vation volume on the carbon concentration for the deformation temperatures
T=293 and 973 K [91]. For the quenched materials, in which carbon is thought to
be present as solute atoms (or tiny agglomerates), the flow stress was found to be
nearly independent of carbon concentration, ¢ (Fig. 4.19a). At room temperature,
the reciprocal activation volume 1/V; of these materials slightly increased with c,
which indicates the density of short-range obstacles increases with c. It is there-
fore concluded that carbon atoms in solid solution act as weak glide obstacles that
can apparently be easily overcome with the aid of thermal activation. Thus, the
mechanism is manifested in the activation volume, but is rather ineffective for
hardening the material.

In contrast, the flow stress increased with ¢ when the material was aged and
carbon was present as Ti;AlC precipitates. At room temperature, the reciprocal ac-
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Fig. 4.19 Precipitation hardening of a two-
phase titanium aluminide alloy with the base-
line composition Ti-48.5Al-(0.02-0.4)C. De-
pendence of the flow stress, &, and the reci-
procal activation volume on the carbon con-
centration, c. (a) Homogenized and quenched
alloys with carbon in solid solution or in form
of tiny agglomerates. The drawn lines refer to

the room temperature values of the materials
in the as HIPed condition where carbon is
present as coarse dispersion of the H-phase
Ti,AIC and the perovskite phase Ti;AIC. (b)
Quenched and aged materials that contain a
fine dispersion of Ti3AIC perovskite precipi-
tates. Values estimated at strain £€=1.25%.

tivation volumes of these materials slightly decrease with c. A natural explanation
of this behavior is that the perovskite precipitates are glide obstacles with a long-
range stress field that cannot be overcome by a single activation event. This im-
plies that the significant strengthening effect of the perovskite precipitates is
athermal in nature. This view is supported by the fact that the high flow stress of
the heavily doped material was maintained up to 973 K. The presence of the per-
ovskite precipitates probably reduces the plastic anisotropy of the y phase, which
is suggested by the observation that superdislocation glide and mechanical twin-
ning significantly contribute to deformation. The situation is similar to that ob-
served in the high Nb-containing alloys. The glide resistance provided by the per-
ovskite precipitates was investigated by TEM observations and specified in terms
of dislocation/point obstacle interactions [5, 91]. In confirmation of the mechani-
cal data, the perovskite precipitates were found to be strong glide obstacles for all
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characters of perfect and twinning partial dislocations, as demonstrated in
Fig. 4.20. The obstacle strength was characterized in terms of the parameters de-
fined in Fig. 4.20c. The interaction with (101] superdislocations is characterized
by obstacle distance 1.=50-100 nm, angle of attack y=110° and line tension
forces f,=1.5-10 N or f.,/ub*=0.57. The effective shear stresses acting on the
dislocation segments were determined by comparing their curvature with line ten-
sion configurations (Fig. 4.20a). This led to an average value t.=300 MPa. The

— I q
Fig. 420 Precipitation hardening of a two- segment analyzed, the length I.=110 nm, the
phase titanium aluminide alloy Ti-48Al-0.37C; half axis q=80 nm and effective shear stress
analysis of dislocation structures observed 1.=299 MPa were determined. (b) Pinning of
after room temperature compression to strain twinning partial dislocations (arrowed) by pre-
£=3% and stress =1000 MPa. Pseudo weak cipitates. Twinned and untwinned regions oc-
beam images recorded using g=(002)ria re- cur due to the immobilization of the twinning

flection from near the [020] pole in the g/3.1g partial dislocation. (c) Assessment of the pre-
condition. Note the high density of Ti3AIC-pre-  cipitation hardening in terms of dislocation/

cipitates that are manifested by strain con- point obstacle interactions; |. obstacle dis-

trast. (a) Pinning of superdislocations with tance, g major semi-axis of line tension con-
Burgers vector b=[011] by perovskite precipi- figurations of dislocations describing the cur-
tates Ti;AlC. The insert shows line tension vature of bowed-out segments, y angle of at-

configurations calculated for different stresses tack, f,,, interaction force.
and projected into the image plane. For the
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yield stress to deform the sample to strain £=3% was c=1000 MPa. From this val-
ue the applied shear stress t=0/f=330 MPa can be determined, which agrees well
with the value estimated by the line tension analysis. Thus, the hardening effect
achieved by the perovskite precipitates can solely be attributed to their elastic in-
teraction with the dislocations. Fig. 4.19 also includes the values of carbon-doped
materials, which were tested after HIP followed by slow cooling. Due to this treat-
ment, most of the perovskite precipitates were probably transformed into coarse
H-phase particles Ti,AlIC [137]. In this condition, the flow stress of the materials
is relatively low and almost independent of carbon concentration. The related reci-
procal activation volumes decrease significantly with ¢, which clearly indicates that
the Ti,AlC particles are also athermal glide obstacles. The coarse dispersion of
this phase seems to be less effective in strengthening the material. This observa-
tion agrees with the widely accepted view that both the size and dispersion of the
particles are important for an effective precipitation strengthening. Hardening of
v(TiAl)-based alloys by fine dispersions of perovskite precipitates seems therefore
to be a suitable technique for improving the high-temperature strength and creep
resistance. Industrial application of the technique might be difficult because high-
temperature annealing and quenching is required, which can be a problem for
large components.

4.5.5
Creep Resistance

As shown in section 4.4.4, the deformation behavior of TiAl alloys becomes
strongly rate dependent at homologous temperatures above 0.5Ty. Under these
conditions, creep and rupture processes of the material are primary design consid-
erations. In many high-temperature applications, e.g. gas turbines, the operating
temperature, and hence the efficiency, are limited by the creep characteristics of
the material. Designs are usually made on the basis of a maximum permissible
amount of creep, such as 0.1 or 1%, during the expected lifetime of a particular
component. In this respect, most y(TiAl)-based alloys are inferior to the nickel-
based superalloys, even if the comparison is made on a density corrected basis.
This deficit in creep resistance limits the substitution of superalloys by titanium
aluminides. The problem became evident during the past five years, and has at-
tracted many research activities [140-146]. The creep properties were found to de-
pend on both alloy composition and microstructure, and considerable improve-
ments have been achieved by optimizing these two factors. The data was summa-
rized and critically assessed in recent reviews [147, 148] to which the reader is re-
ferred for more details. As with many other materials, the creep characteristics of
TiAl alloys involve primary, secondary (or steady state) and tertiary regions, the ex-
tent of which depend on stress and temperature. The dependence of the steady
state or minimum creep rate, ¢, upon the testing conditions is often described in
terms of the Dorn equation

¢ = Ao, exp(—Qc/RT). (eqn.4.9)
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Where Q. is the activation energy, o, is the applied stress, A is a dimensionless
material constant, and R is the universal gas constant. Analysis of the data leads
to stress exponents n=3-8 and a correspondingly wide range of activation ener-
gies Q.=190-700 k] mol™" [148]. This indicates that several mechanisms are in-
volved in creep, which in certain ranges of stress and temperature are superim-
posed. At intermediate stresses and temperatures, which correspond to the in-
tended service conditions, the creep rate is apparently controlled by dislocation
climb, which is suggested by the estimated stress exponents of n=3—4 and activa-
tion energies Q.=300-400 k] mol ™", which are reasonably close to the Ti self-diffu-
sion energy of y(TiAl). However, many aspects of creep are still a matter of debate
and controversy. In particular, little information is available on the long-term
creep behavior under modest stresses and temperatures, although these condi-
tions are more appropriate for the anticipated engineering application. The inten-
tion of this section is to address this imbalance of information by analyzing such
experiments.

The tests were performed at 700°C and involve low stresses of 6,=80-140 MPa
in order to achieve low creep rates [75, 149, 150]. Fig.4.21 depicts the creep
curves of different two-phase alloys determined under these conditions. As with
other mechanical properties, the creep characteristics of y(TiAl)-based alloys are
sensitive to the nature and scale of the microstructure. Fully lamellar microstruc-
tures exhibit the best creep resistance [147] and, thus, will be considered here.
However, depending on temperature and stress, the primary creep strain of fully
lamellar materials can exceed that of duplex material. This might be a critical
problem for the application of the otherwise creep resistant material. There is
good evidence that the high primary creep rate of lamellar alloys is associated
with the emission of dislocations from the lamellar interfaces [74, 75], as was de-
scribed in Section 4.4.2. The creep behavior of two-phase alloys sensitively de-
pends on the processing conditions and the fine details of the microstructure.
This is demonstrated in Fig. 4.21b, where the creep curves of different microstruc-
tural forms of an industrial alloy are compared. The lamellar modifications (1)
and (3), distinguished significantly in the lamellar spacing, which might be the
main reason for the observed difference in creep behavior. It is well documented
that fine lamellar spacings are beneficial for a good creep resistance [147, 148].
Furthermore, processing of the alloy (1) involved investment casting followed by
fast cooling, which probably led to a significant vacancy supersaturation. Thus,
the fast creep rate may in part be attributed to the dislocation point defect interac-
tions, which were described in sections 4.4.2 and 4.4.4.

Under creep conditions, lamellar alloys suffer from spheroidization and coars-
ening. Since many aspects of this structural degradation are intimately linked to
defect configurations at the atomic level, standard techniques of metallography
are often inadequate to provide the necessary information. Thus, imaging tech-
niques of conventional transmission electron microscopy have been coupled with
high resolution electron microscopy to characterize the relevant processes. A pro-
minent feature in the microstructure of crept lamellar alloys is the existence of
multiple-height ledges at y/y interfaces. An initial stage of the process is shown
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Fig. 421 Creep characteristics of two-phase 1.5 um; (2) investment casting + HIP, duplex
titanium aluminides. (a) Ti-48Al-2Cr, duplex microstructure; (3) investment casting + HIP
structure containing a high volume fraction of ~ + heat treatment at T,+AT=1380°C, nearly
lamellar colonies. (b) Ti-47Al-3.7 (Nb, Mn, Cr, lamellar microstructure, lamellar spacings
Si)-0.5B; (1) investment casting, nearly lamel- 10 nm-0.5 pm.

lar microstructure, lamellar spacings 0.1-

in Fig. 4.22. The ledges had often grown into zones, which extended over about
10 nm. The atomic arrangement in these zones is reminiscent of a faulted 9R
structure. The growth of this phase can formally be rationalized by two shear pro-
cesses on adjacent (111), planes along the true twinning direction 1/6[112] and
one anti-twinning operation along 1/3[112] on every third (111), plane. It is
speculated that these large ledges arise from one-plane steps, which moved under
diffusional control along the interfaces and were piled-up at misfit dislocations
(arrowed in Fig. 4.22). Once a sharp pile-up is formed, the configuration may ar-
range into a tilt configuration with a long-range stress field. This would cause
further perfect or Shockley partial dislocations to be incorporated into the ledge.
This would explain the large height of the ledges (up to 200 nm) and the observa-
tion that in all cases they were associated with misfit dislocations. The 9R struc-
ture has probably a slightly higher energy than the L1, structure of y(TiAl) [151].
When the slabs grow further it might be energetically favorable to reconstruct the
L1, structure and to nucleate a new y grain, an earlier stage of this process is ap-
parently demonstrated in Fig. 4.23. The high resolution micrograph shows that
the grain is already completely ordered, which suggests that the ordering reaction
occurs during, or immediately after nucleation.

There is a significant body of evidence in the TiAl literature indicating that dis-
solution of the o, lamellae occurs during creep [74, 75, 139, 142, 152]. The phase
transformation is probably driven by a non-equilibrium constitution [150]. Since
the phase boundaries of the a+y phase field in the binary phase diagram are
strongly dependent on temperature, the volume fraction of the o, and y phases
might be particularly sensitive to the thermal history of the material. The thermo-
mechanical treatment of the alloy investigated here was carried out above the eu-
tectoid temperature, where a relatively high volume fraction of the o phase oc-
curs. Upon cooling, a significant excess fraction of the a, phase can be retained,
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Fig. 4.22 Structural changes of lamellar y/y misfit dislocation (arrowed) that is mani-
interfaces observed after long-term creep. Ti- fested by an additional (111), plane parallel
48Al-2Cr alloy with a duplex microstructure to the interface. Creep conditions:

containing a high volume fraction of lamellar 6,=140 MPa, T=700°C, t=5988 h, £=0.69%.
colonies. Formation of a high ledge, note the

since the o/o, -y phase transformation is sluggish. Thus, during long-term
creep, dissolution of the o, phase is expected in order to establish the equilibrium
concentration at the test temperature of 700°C. This interpretation is supported
by the high resolution micrograph shown in Fig. 4.24a. There is clear evidence
that the density of ledges in the a,/y interfaces is significantly higher than at the
v/y interfaces [74, 75]. This is probably a consequence of the complex transport
processes associated with the o,/y phase transformation. The interfacial ledges
are often associated with misfit dislocations having a Burgers vector component
perpendicular to the interfacial plane. Climb of these dislocations and propagation
of the ledges lead to a lateral migration of the interfaces. Not only must the stack-
ing sequence be changed during migration of the interface from the DOo struc-
ture of a,(Ti3Al) to the L1, structure of y(TiAl), but the local chemical composi-
tion also has to be adjusted. Accommodation of the composition requires long-
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Fig. 4.23 Recrystallization processes at y/y ledge of an interface joining twin related y
interfaces observed after long-term creep of a variants.(b) Higher magnification of the region
Ti-48-Al-2Cr alloy. Creep conditions: T=700°C, arrowed in Fig. 4.23a. Note the orientation re-
G,=140 MPa, t=5988 h, £¢=0.69%.(a) Recrys- lationship (001)||(111) between the recrystal-
tallized y grain (designated as v,) formed at a lized grain v, and the parent y lamella.

range diffusion, which is probably sluggish at the creep temperature of 700°C.
The process is probably supported by the mismatch structures present at the in-
terfaces. Interfacial dislocations and ledges represent regions where deviation
from the ideal crystalline structure is concentrated [73]. This provides paths of
easy diffusion, which can effectively support the required exchange of Ti and Al
atoms. Thus, it is speculated that misfit dislocations and ledges are strongly in-
volved in achieving the phase equilibrium during migration of the o,/y interfaces.

One may expect these processes to be thermally activated and supported by super-
imposed external stresses. The degree and fine details of the structural changes may
therefore depend on the applied deformation conditions. In this respect, the coher-
ency stresses present at the interfaces are certainly significant because they are com-
parable to or even higher than the shear stresses applied during creep tests and are
often associated with mismatch structures. Thus, it seems reasonable that degrada-
tion of the lamellar structure has also been observed after heat treatments at mod-
erately high temperatures without externally applied stress. The processes finally
end with the formation of new y grains and a complex conversion of the lamellar
morphology to a fine spheroidized microstructure. An initial stage of this phase
transformation and recrystallization process is demonstrated in Fig. 4.24b.

The boundaries between the newly formed y grains and the parent a, phase
contain a high density of misfit dislocations, which gives supporting evidence for
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Fig. 424 Phase transformation and recrystal-
lization processes observed after long-term
creep on a Ti-48Al-2Cr alloy with a duplex mi-
crostructure containing a high volume frac-
tion of lamellar colonies. Creep conditions:
6,=110 MPa, T=700°C, t=13400 h,

£=0.46%. (a) Low magnification image show-

ESNL, L T9T

ing v/y and 0,/y interfaces. Note the signifi-
cantly higher density of ledges in the o,/y in-
terfaces. (b) Conversion of the lamellar mor-
phology of a Ti-48Al-2Cr alloy during long-
term creep. Spheroidization of o, lamellae
due to the formation of y grains (designated
as vy).
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Fig. 425 Precipitation effects observed after long-term creep of a Ti-
48Al-2Cr alloy; creep conditions: 6,=110 MPa, T=700°C, t=13400 h,
£=0.46%.

the mechanisms described above. The phase transformation and recrystallization
processes certainly lead to a reduction of the high interface energy of the lamellar
morphology, which is probably another reason for the observed degradation of the
microstructure [74, 75].

The dislocation processes and structural changes described here can be effec-
tively impeded by precipitation hardening [75, 139], as has been described in Sec-
tion 4.5.4. A characteristic feature of the microstructure of crept samples is the
presence of precipitates. Most, if not all precipitates are situated at isolated dislo-
cations and the mismatch structures of sub-grain boundaries and lamellar inter-
faces (Fig. 4.25). Denuded zones were observed next to decorated defects, indicat-
ing that the precipitates were heterogeneously nucleated [75, 150]. The nature of
the precipitates could not be identified. However, it has been established by field-
ion microscopy [89] that o,(Ti;Al) preferentially scavenges oxygen, carbon and ni-
trogen from y(TiAl) in the two-phase alloys. Accordingly, in 0,(TizAl) the solubility
limit for these elements is at least one order of magnitude higher than in y(TiAl).
It may thus be envisaged that the precipitation effects result from the o, >y
phase transformation described in the previous section. In the newly formed vy
phase, the concentration of these elements can easily exceed the solubility limit so
that precipitation of oxides, nitrides or carbides occurs. The heterogeneous nuclea-
tion of the precipitates leads to a strong pinning of the dislocations and embrittle-
ment of the material, which is certainly harmful for its damage tolerance after
long-term service.
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4.5.6
Crack Propagation and Fracture Toughness

Like other intermetallics, titanium aluminides suffer from brittleness at low and am-
bient temperatures, which makes processing, machining and handling difficult. The
fracture behavior is known to be very sensitive to microstructure [153-156]. Intergra-
nular fracture and cleavage are the dominant fracture mechanisms in duplex micro-
structures, while interfacial delamination, translamellar fracture and decohesion of
lamellar colonies are the most important failure processes in lamellar alloys.

Fig. 4.26 shows a high resolution image of a crack that propagated in a thin foil
of a lamellar alloy [157]. The crack followed the {111}, planes, which indicates
that y(TiAl) is prone to cleavage fracture on these planes. This finding is consis-
tent with the earlier predictions of Yoo and Fu [158], who calculated the ideal
cleavage energies for different crystallographic planes of y(TiAl). The brittleness of
the material may in part also be attributed to the plastic anisotropy of the
a,(TizAl) and y(TiAl) phase that was described in section 4.4.1. The intrinsic brit-
tleness of two-phase alloys persists up to about 700°C; however, the transition to
ductile behavior depends on the strain rate.

Alloys with a fully lamellar microstructure and random colony orientations ex-
hibit a fracture toughness of Kq=25-30 MPa m®> at room temperature, while the
values for duplex microstructures are Ko=12-15MPam®’. The relatively high
fracture toughness of lamellar alloys was attributed to the formation of shear liga-
ments and micro-crack shielding [154]. As demonstrated in Fig. 4.26, crack propa-
gation across the lamellae is characterized by various interactions of the crack tip
with lamellar boundaries, involving crack deflection and crack tip immobilization
so that a much more tortuous crack path is traversed. Ahead the crack tip, a plas-
tic zone is formed, which is often extended over several lamellae and consists of
deformation twins and dislocations. Thus, the shape of the plastic zone is
strongly determined by the crystallography of these slip elements. In Fig. 4.26, the
crack tip plasticity apparently becomes evident by two dislocations, which are ar-
ranged in a dipole configuration. Stable crack growth requires the plastic zone to
keep up with the cleavage crack, which is difficult if the mobility and multiplica-
tion rate of the dislocations is low. The mechanisms governing the dislocation mo-
bility in the plastic zone at room temperature were found to be quite similar to
those in bulk material [50]. Due to this high glide resistance, the dislocations may
easily be outrun by the crack. In this respect, deformation twinning might be very
effective as twins can rapidly propagate. Furthermore, mechanical twinning pro-
vides shear components involving the c direction of the tetragonal unit cell, which
reduces the plastic anisotropy of y(TiAl). Crack tip shielding has been recognized
by electron microscope examination of crack tips [82, 159].

The variation of the fracture toughness with temperature is shown in Fig. 4.27
for two different microstructural forms of a two-phase alloy [100]. The data again
indicate that resistance against unstable crack propagation can most effectively be
derived from toughening mechanisms related to the lamellar morphology. How-
ever, the temperature dependence of the fracture toughness of the near gamma
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Fig. 426 Crack propagation in a lamellar the
oz +7 titanium aluminide alloy. Note the
cleavage-like fracture on {111}, planes, the generation of a dislocation dipole (insert),

deflection of the crack at the interface y1/v2, and the immobilization of the crack at the a,
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material suggests that crack tip plasticity can also lead to appreciable toughening.
From the discussion in section 4.4.4, it can be speculated that the high glide resis-
tance of the dislocations will be drastically reduced at elevated temperatures due
to thermal activation and diffusion assisted climb. Unlike the situation at room
temperature, the glide processes can easily spread within the plastic zone so that
the constraints due to the local crystallography and slip geometry are less restric-
tive. It is therefore expected that the problems associated with the lack of indepen-
dent slip systems (which can simultaneously operate at a given stress) can in part
be compensated so that the crack tips are effectively shielded. Thus, the fracture

In In 1/(1-F)

2.0 2.5 3.0 3.5
In [Ka(1/MPavim)]

Fig. 4.27 Dependence of the fracture tough- Fig. 428 Weibull-plot of the fracture tough-
ness, Ko, on the test temperature for the la- ness of different two-phase titanium alumi-
mellar and near gamma microstructural form nide alloys, (1-F) failure probability. Values
of a Ti-47Al-2Cr-0.2Si alloy. Values measured measured on chevron-notched bending bars
on chevron-notched bending bars. at T=25°C and a displacement rate of

Vm=0.01 mm min™". (O)) Ti-48AI-2Cr, lamellar
microstructure with preferred orientation of
the lamellae, crack propagation parallel to
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mechanism changes from cleavage at low temperatures to an energy absorbing
ductile form at elevated temperatures [100].

In view of the observed cleavage fracture, it is supposed that unfavorably ori-
ented y grains or lamellae may provide easy crack paths. Once nucleated on
{111}, planes, the cracks are subjected to high tensile stresses and can rapidly
grow to a critical length. It is speculated that large colonies with lamellar inter-
faces perpendicular to the loading axis have particularly detrimental effects on the
tensile strength and reliability of polycrystalline material. The variation of strength
within a given volume can be analyzed in terms of Weibull-statistics. Fig. 4.28
shows the data obtained on different two-phase alloys ranked in a Weibull plot
[100, 157]. Fine-grained alloys typically exhibit a Weibull modulus of m=18-24,
whereas the values for coarse-grained lamellar materials are m=7-10. For compar-
ison, values of m=>5-15 are common for glasses and ceramics. Thus, the reliabili-
ty of coarse-grained lamellar materials is a critical issue for the design of load-
bearing components, which requires adequate safety factors.

4.5.7
Fatigue Behavior

By far, the most anticipated engineering applications of TiAl alloys involve compo-
nents subjected to fluctuating or cyclic loading, which may result in failure by fa-
tigue. In this respect, TiAl alloys are considered with particular caution because
the material is prone to cleavage fracture. Once nucleated, cleavage cracks may
grow extremely fast under repeated rapidly applied loads.

This requires that the damage tolerance of materials with respect to intrinsic or
service-generated defects must be demonstrated. Understanding of fatigue and fa-
tigue crack growth properties is therefore of major concern in the assessment of
the potential of TiAl alloys. In an attempt to survey the behavior under cyclic load-
ing, a variety of TiAl alloys in cast and wrought forms were examined in a wide
temperature interval [4, 155, 156, 160-163]. Most fatigue data have been obtained
under constant load amplitude test conditions using sharp cracked specimens and
standard procedures. A significant body of data was determined at 25 Hz with a
stress ratio of R=0.1, where R=0i/0may is the ratio of the minimum stress,
Omin, t0 the maximum stress, 0., applied over the fatigue cycle. Basic fatigue
data in high-cycle fatigue are conventionally displayed on S/N plots, i.e. a plot of
cyclic stress levels versus the logarithm of cyclic life. Ductile metallic systems ex-
hibit a well defined “knee” in S/N plots at about 10° cycles. Beyond the knee, the
curves are horizontal, and the related stress amplitude is often considered a fa-
tigue limit. Unlike ductile metals, TiAl alloys exhibit flat S/N curves at low and in-
termediate temperatures, which at high cycle numbers continue to decline slowly
with increasing number of cycles to failure. For such materials, it is customary to
define the fatigue strength or endurance limit as the stress amplitude correspond-
ing to a specified number of cycles, often 10”. For duplex and lamellar TiAl alloys,
the 107 cycle fatigue strength is 70-80% of the tensile strength. While such data
may suggest a safe fatigue design at relatively high stresses, the component life-
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times can vary markedly at similar stress levels because knowledge and control of
the stress become extremely important.

Fractographic analysis has revealed that the propagation of fatigue cracks
strongly depends on microstructure [156, 160, 162, 163]. Crack propagation in la-
mellar alloys is very complex because the colony orientation strongly influences
the local crack growth direction [156]. Translamellar advance is observed when the
crack surface is nominally perpendicular to the lamellar plates, and interlamellar
failure or decohesion of the lamellae occurs if the crack plane is parallel to the in-
terfaces. Thus, the local crack growth rates are likely to vary substantially depend-
ing on lamellar orientation and crack advance mode. While this behavior bears
several similarities to the characteristics observed under monotonic loading,
toughening seems to be more difficult under fatigue conditions. It is well docu-
mented that crack bridging by shear ligaments significantly contributes to the
toughening of lamellar alloys under monotonic loading (Section 4.5.6). Under fa-
tigue conditions, shear ligaments are seldom observed, and if formed, such liga-
ments apparently fail easily [160]. Thus, it is tempting to speculate that a signifi-
cant crack resistance under fatigue conditions is only obtained when the crack is
forced to propagate across the lamellae. Duplex and equiaxed microstructures fail
primarily by transgranular cleavage of the gamma grains, which results in very
poor fatigue crack growth resistance.

These differences in the failure modes are probably the reason why fatigue
cracks in equiaxed gamma and duplex microstructures propagate significantly fas-
ter than in lamellar alloys. However, at room temperature, crack growth is gener-
ally very rapid when compared with ductile metals. Fatigue crack growth resis-
tance curves (represented as crack growth increment per cycle, da/dN, versus the
alternating stress intensity factor range, AK) are very steep, i.e. the crack growth
rate is extremely sensitive to the applied stress intensity factor. In duplex alloys,
for example, the crack growth rate spans four to six orders of magnitude for
1 MPam®® change in applied stress intensity. Crack growth data have often been
generalized by the Paris law:

da/dN = Cp(AK)" . (eqn. 4.10)

Where n is constant and Cp is an empirical parameter that depends upon materi-
al properties and frequency. The fast cyclic crack growth at room temperature
translates into large exponents of the Paris law [164], which are 5-10 times higher
than typical values of ductile metallic systems, depending on microstructure. This
also implies that the fraction of the total fatigue life resulting from crack propaga-
tion is very small.

The influence of high test temperatures on the fatigue life is difficult to assess
because it can be overshadowed by the spurious effects of oxidation and corro-
sion. There is good evidence, however, that the growth rates in duplex alloys at inter-
mediate temperatures of 540-600°C are faster than at room temperature. At tem-
peratures above the transition from brittle to ductile material behavior, the crack
growth rates tend to be lower than at room temperature. Under these conditions,
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duplex alloys exhibit smooth crack surfaces, indicating a less tortuous fatigue crack
path. Above 800°C, the fatigue life seems to be limited by oxidation [4].

Environmental embrittlement seems also to be an important issue in the fa-
tigue life of TiAl alloys. Tests performed in vacuum at room temperature lead to
significantly lower crack growth rates than those performed in air [161]. These ob-
servations were discussed in terms of hydrogen embrittlement.

In view of these findings, it may be summarized that the fatigue crack growth
rates for TiAl alloys will often be higher than allowed by current design require-
ments for moving components in high temperature applications. It should be
noted, however, that the sub-critical crack growth at R=0.1 occurs at relatively
high fatigue thresholds of AKy,=5-10 MPa m®®, which are comparable to, or even
slightly higher than, those of ferritic and austenitic steels. A damage tolerant de-
sign may therefore be based on the fatigue threshold value in that the stress in-
tensity during service is kept below AKy, [4, 155]. In this context, many problems
have to be solved; these involve the growth behavior of small cracks and the effect
of the stress ratio on the threshold stress intensity.

4.6
Basic Aspects of Processing

For the manufacture of semifinished products and components from y(TiAl) al-
loys, conventional metallurgical processing techniques are applied or are under
development. However, the processing conditions have to be adjusted to the par-
ticular properties of the ordered intermetallic phase, which have been described in
the previous chapters. With respect to processing, these peculiarities involve:

e the limited ductility and susceptibility to cleavage fracture require a certain mi-
crostructural condition and control of microstructural defects, and limits work-
ability, even at high temperature

e the significant plastic anisotropy

o the low dislocation mobilities and difficulty of dislocation cross glide and climb,
both of which impede recovery

o the relatively low diffusivity

e the low grain boundary mobility, which retards recrystallization.

In the following, basic problems and effects of cast and wrought processing will
be reviewed. The important development of industrial processing technologies for
v(TiAl) alloys is treated in Chapter 14 [165] of this volume.

4.6.1
Manufacture of Ingots

Ingot production of y(TiAl) alloys closely follows that for conventional titanium al-
loys, with some special alterations. Vacuum arc remelting (VAR) of the elements
or master alloys is currently the most widely used practice. In order to ensure a
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reasonable chemical homogeneity throughout ingots of 200 to 300 mm diameter,
the meltstocks are usually double or triple melted. Plasma arc melting and induc-
tion skull melting are currently being developed as cost-effective technologies for
clean melting and production of large-scale ingots [166-169].

Longitudinal macro-sections of the as-melted ingots are usually characterized by
large columnar grains growing inwards and upwards along the direction of heat ex-
traction. These lamellar grains have grains sizes from a few hundred um up to a
few mm and exhibit a significant texture, as already mentioned in section 4.2. The
peritectic solidification leads to an unavoidable micro-segregation that, together
with macro-segregation, is the most serious problem of ingot production. Fig. 4.29
shows the dendritic microstructure as observed in a 150 kg ingot of nominal compo-
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sition Ti-45Al-10ND. Elemental EDX mapping reveals that interdendritic regions are
rich in Al and depleted in Nb, whereas Nb is enriched in the dendritic cores [19].
From the corresponding concentration profile (Fig. 4.29), it is seen that interden-
dritic areas contain approximately 50 at% Al and are thus single-phase 7. If one re-
gards the length scale of the concentration variations, it is apparent that such inho-
mogeneities pose a serious problem to the mechanical properties and that they are
only eliminated with difficulty by homogenization heat treatments, particularly for
heavy elements like Nb, Ta and W [166-168, 170, 171].

VAR ingots typically contain 100 to 300 ppm nitrogen and 500 to 800 ppm oxy-
gen by weight. Ingots with oxygen levels in excess of 1200 ppm are generally un-
acceptable for subsequent hot working. Prior to further processing, the ingots are
usually hot isostatically pressed (HIP) in the o+y phase field at about 200 MPa
for several hours in order to close casting porosity.

4.6.2
Casting

Casting of y titanium aluminide components was explored early, and has been de-
veloped sufficiently to allow successful gas turbine engine tests of low-pressure
turbine blades [172] and the commercial use of turbocharger wheels [173]. For
these applications the widely used Ti-48Al-2Cr-2Nb alloy [174, 175] and a high Nb-
containing alloy [176], respectively, have been utilized. As already reported, large
columnar grains are often formed on solidification, which grow in the direction of
heat flux. Through subsequent solid-state phase transformations, lamellar or du-
plex microstructures with a high fraction of lamellar colonies are obtained. Due to
the size and the pronounced anisotropy of the lamellar colonies, the casting tex-
ture is of significant importance for components. For engineering alloys, the tex-
ture is often determined by the growth of columnar grains of the a phase,
although it is expected from the binary phase diagram for Al contents <49 at%
that primary B grains should be formed. The reason for this behavior could be
that the selection of the primary phase on solidification strongly depends on the
cooling rate [177]. Another explanation would be that the peritectically formed o
phase determines the texture. Thus, the lamellar interfaces in most cases are par-
allel to the long axis of a component, and despite relatively large colony sizes of
300-400 pm, acceptable ductility and strength are attained. A significant achieve-
ment in the casting of y titanium aluminides was the development of the “XD” al-
loys [178, 179], for which Ti borides are used as a grain refiner (see Section 4.5.2).
By adding B, the grain size after casting can be reduced to about one third [123,
180]. Despite this progress, the current problems of casting y(TiAl) alloys origi-
nate mainly from insufficient microstructural control over the whole component,
and from casting porosity that is not satisfactorily governed. This requires post-
casting HIP treatments for consolidation and a careful quality control of compo-
nents.
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4.6.3
Dynamic Recrystallization on Hot Working

The coarse, non-uniform, textured and segregated microstructure, as well as the
poor fracture resistance of y titanium aluminide alloys make hot working of ingot
material difficult, although research in this field has made significant progress in
the last several years [181-183]. The range of potential temperatures and strain
rates for hot working operations of ingot material is usually evaluated through
compression testing of cylinders with a volume of a few cubic centimeters. In this
way workability maps can be established that define a domain where uniform and
crack-free deformation is possible. Accordingly, isothermal forging can be carried
out near the eutectoid temperature with strain rates up to 1072 s [184, 185]. The
flow stress response observed in this domain reflects the effect of dynamic recrys-
tallization in that the flow curves exhibit a broad peak at low strains (e=10%), fol-
lowed by flow softening to an ostensibly constant stress level (Fig. 4.30). Under
these conditions, the evolution of the microstructure occurs by thermally activated
deformation and recovery processes, and thus depends on temperature, strain rate
and strain. Likewise, the peak stress exhibits a systematic variation with testing
conditions. A detailed study of these effects was performed on a Ti-45.5Al-2.2Cr-
2Nb alloy in the temperature range 1093 to 1320°C [186]. On average, a strain
rate sensitivity of m=0.28 was found, and the apparent activation energy was de-
termined to be Q=417 k] mol™" (4.3 V), a value that is significantly higher than
the activation energy Qq=250k] mol™" (2.6 eV) for Ti self-diffusion [103]. The ef-
fects of strain rate and temperature are often incorporated into the Zener-Hollo-
mon parameter, Z, which is defined as:

Z = ¢exp(Q/RT). (eqn. 4.11)

For the range of testing conditions mentioned above, the peak stress o, was
found to be uniquely related to Z according to:

cp = CZ™ . (eqn. 4.11)
600 — 1 T T T T T 1 Fig. 429 Microsegregation in ingot
I 1 material of composition Ti-45AI-10Nb.
500 N The ingot of 150 kg weight was pro-
400 | i duced by triple VAR melting. (a)—(c)
= i Elemental mapping by energy disper-
o 950 °C 1
S a0l 7. sive X-ray analysis, (d) scanning elec-
5 1000 °C | tron micrograph obtained in the back-
200 o scatter-
1(1)28 08 ] ing electron mode, (e), (f) line profiles
100 1150 °C - of the alloying elements. The concen-
1200 °C 1 tration profiles were taken along the
0 IR N S N S i line shown in (d) exhibiting Al enrich-

0.0 0.2 0.4 0.6 0.8

log. strain¢



4.6 Basic Aspects of Processing

For isothermal tests, the magnitude of the coefficient is C=2-10"> MPa. The pa-
rameters so determined are almost consistent with the assumption that diffusion-
assisted, non-conservative dislocation processes are strongly involved in hot work-
ing of y-based alloys.

By hot working under the conditions mentioned above, the predominantly la-
mellar microstructures of ingot material are transformed to fine equiaxed micro-
structures by dynamic recrystallization/globularization. Although there is a vast
body of literature going back more than 10 years and a collection of reviews, the
exact nature of the recrystallization, globularization and phase transformation pro-
cesses in y-based alloys during hot working is not yet clear. Recrystallization of or-
dered structures is expected to be difficult for mainly two reasons [187]. First, the
ordered state has to be restored and, second, there is a drastic reduction in grain
boundary mobility compared with disordered metals. A study of recrystallization
during creep showed that recrystallized grains are formed at ledges of lamellar
grains. This process obviously is closely related to the mismatch structures at
these interfaces [75]. After hot working, however, formation of recrystallized
grains at colony boundaries [188] as well as a bulging process of recrystallization
[189] were also observed.

In contrast to the fundamental mechanisms, the influences of alloy composi-
tion and initial microstructure on recrystallization have been elucidated in more
detail. The kinetics of dynamic recrystallization has been systematically investi-
gated on a series of binary and engineering alloys with Al contents ranging from
45 to 54 at% [188]. The samples were deformed in compression at T=1000°C to
different strains between 10% and 75%, and subsequently the volume fraction of
recrystallized/spheroidized grains was determined by quantitative metallography.
The fraction of this microstructural constituent generally increased with strain;
however, no recrystallization occurred before the flow stress peak. For higher
strains there was a marked effect of the Al concentration on the recrystallization
behavior (Fig. 4.31). The largest volume fractions of recrystallized grains were
found in alloys with Al contents of 48-50 at% [188].

As cast, these alloys had a duplex or near-gamma microstructure with relatively
small grain sizes of 50 to 100 um. Deformation occurred by mechanical twinning
and glide or climb of ordinary dislocations. Dynamic recrystallization was primar-
ily initiated at pre-existing grain boundaries. This combination of fine as-cast
grain size and deformation processes is apparently a good precondition for a
homogeneous refinement of the microstructure. The reasons for the slow recrys-
tallization kinetics on the Ti-rich side of stoichiometry are not altogether clear be-
cause the deformation mechanisms are almost the same as in the alloys with
near-stoichiometric compositions. The Ti-rich alloys had a coarse-grained, lamellar
structure with colony sizes up to 2000 um. In these alloys highly localized shear
bands were often observed, which apparently originated from local bending of the
lamellae [188]. Investigations on specimens with a preferential orientation of la-
mellae of 0°, 45° and 90° to the deformation axis have further shown that shear
bands were formed in specimens of the ‘hard orientations’ (0° and 90°), but were
almost absent in those of the ‘soft orientation’ where slip propagated along the la-
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mellae. The shear bands consisted of very fine, equiaxed grains and often com-
pletely traversed the work piece. Subsequent deformation therefore probably was
concentrated in shear bands where it preferentially occurred by grain boundary
sliding. Thus, outside the shear bands, the amount of imparted strain energy was
relatively low, making recrystallization sluggish (Fig. 4.32) [188]. These mecha-
nisms not only result in an inhomogeneous microstructure, but often lead to pre-
mature failure of the work piece. Strain localization and shear band formation are
therefore critical issues in hot working of y-based alloys, in particular for engi-
neering alloys, which have Al concentration of 45-47 at% and, thus, exhibit fully
lamellar microstructures in the as-cast condition.
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On the Al-rich side of stoichiometry, the decrease of recrystallization probably
was a consequence of the particular deformation mode of such alloys. Deforma-
tion of Al-rich alloys is mainly provided by superdislocations, while mechanical
twinning is almost absent. Hot deformation of these alloys at 1000°C exhibited a
strong work hardening compared with Ti-rich alloys. This indicates that sufficient
strain energy is imparted. However, the restricted ability of the superdislocations
to cross-glide and climb apparently makes formation of sub-boundaries and re-
crystallization difficult.

The dynamic recrystallization of y titanium aluminide alloys can be accelerated
when small particles such as borides or silicides are present in the alloys, as was
recognized in early work by Nobuki et al. [184]. This is demonstrated in Fig. 4.31
where B and Si containing alloys are compared with the equivalent binary alloys
[188]. In contrast, alloying additions up to 2 at% of the metallic elements Cr and
Nb have almost no effect on the recrystallization behavior as concluded by compar-
ing the alloy Ti-48Al-2Cr-2Nb with its binary counterpart (Fig. 4.31). The beneficial
effect of the boride particles may arise for two reasons. Boron is known to signifi-
cantly refine the as-cast microstructure, which is generally a good precondition for
homogeneous hot working and recrystallization. However, it might also be specu-
lated that particle-stimulated dynamic recrystallization occurs. This is expected
when dislocations are accumulated at the boride particles during deformation. At
high temperatures, the dislocations may be able to overcome the particles with
the aid of thermal activation without forming pile-up structures. Thus, particle-stim-
ulated recrystallization will only occur for larger particles, lower temperatures and
higher strain rates. In this case, optimization of particle sizes and hot working con-
ditions are of major concern for ingot breakdown of boron-containing alloys.

The failure criteria and hot working limits of y-based alloys seem to be closely
related to the deformation mechanisms described in preceding sections. In TiAl,
the {111} planes serve as dislocation glide planes and twin-habit planes. It is now
fairly well established that the cohesion energy of these planes is relatively low [5,
50, 55], making the y(TiAl) phase prone to cleavage fracture on {111} planes.
Thus, blocked slip or twinning may lead to crack nucleation. Unfavorably oriented
grains or lamellar colonies may therefore provide easy crack paths, so that the
crack can rapidly grow to a critical length. As described in section 4.5.6 stable
crack growth requires that the plastic zone follows the cleavage crack, which ap-
pears to be difficult given low dislocation mobility (see section 4.5.6). This combi-
nation of low dislocation mobility and susceptibility to cleavage fracture limits the
ability of the material to accommodate constraint stresses and thus severely limits
the working window to high temperatures and low strain rates [190].

4.6.4
Development of Hot Working Routes

As has been described in the preceding sections, lamellar microstructures with
small colony sizes and lamellar spacings are currently preferred within the differ-
ent possible microstructural morphologies due to their superior combination of
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mechanical properties. In order to refine the colony size, rapid grain growth in
the o field at temperatures above 1300°C has to be limited since lamellar colonies
are formed from prior a grains. This can be achieved in principle by applying two
types of wrought processing routes. One type utilizes processing in the o field,
which allows refinement of the o grain size by dynamic recrystallization [4, 117,
181]. After processing in the o field, however, subsequent hot working steps, e.g.
closed-die forging, are not useful because the refined lamellar microstructures
would be again broken up. For the other type of hot working routes, processing is
performed below the a-transus temperature resulting in fine equiaxed or duplex
microstructures, which increase the workability in any further working step. The
lamellar microstructure has to then be formed by a final heat treatment. Control
of the o grain size can be provided in this case by the presence of additional
phases, e.g. borides. For both types of processing routes the lamellar spacing de-
pends on the cooling rate, i.e. on the undercooling, and on the alloy composition,
which influences the transformation kinetics, e.g. via the number of sites for het-
erogeneous nucleation, the driving force and the diffusion coefficient. In this re-
spect, additions of B might be detrimental as borides serve as heterogeneous nu-
cleation sites of y lamellae [37] and, thus, cause the formation of relatively coarse
lamellar spacings.

Primary ingot breakdown of y titanium aluminide alloys can be accomplished by
isothermal forging [24, 109, 191], conventional canned forging [192, 193] and extru-
sion [170, 194]. Typical conditions for large-scale industrial isothermal forging are
T=1000 to 1200°C and logarithmic strain rates in the range $=10" to 105"
[129, 181, 183, 195]. Under these conditions, billets of 50 kg can be successfully
forged to a strain of 80% [157]. The microstructure typically developed appears as
an inhomogeneous, partially recrystallized lamellar structure. In an attempt to
further improve the structural homogeneity, isothermal forging has been modified
in several different ways. Canning and thermal insulation of the work piece is very
effective in avoiding surface chilling and cracking [181]. This technique expands the
processing window by decreasing the minimum temperature, increasing the highest
strain rate, and increasing the maximum strain under which deformation occurs
without observable macroscopic failure. Thus, by canned forging, a larger amount
of strain energy can be imparted, which is certainly beneficial for homogeneous dy-
namic recrystallization. Canned forging makes it possible to obtain significant re-
finement of the microstructure, as demonstrated in Fig. 4.33 [157]. However, even
under these conditions, recrystallization of the lamellar structure is incomplete. A
more homogeneous refinement of cast microstructures can be achieved by two-step
isothermal forging (Fig. 4.33), which may involve an intermediate heat treatment for
static recrystallization.

Fully recrystallized microstructures can be obtained by the “o-forging” process
[181]. The practice comprises billet pre-heating to a temperature high in the a+y
phase field, followed by rapid cooling to a temperature low in the a+v field and
subsequent forging. Due to the high cooling rate, the o phase is retained in a
metastable condition. The technique is, however, restricted to relatively small bil-
lets in order to attain sufficient cooling rates.
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Fig. 4.32 Recrystallization behavior in dependence of the orientation of lamellae. Metallographi-
cally determined fraction of recrystallized grains as obtained after forging. The specimens of
alloy Ti-48Al-2Cr had three preferential orientations of lamellae at angle « to the deformation
axis. Forging was performed at 1000°C and a strain rate §=5-10"*s™' to different strains [188].

Extrusion has turned out to be an effective primary process, which is per-
formed at relatively high temperatures in either the a+y or a phase fields. Under
these conditions, severe oxidation and corrosion occur and, thus, the work piece
has to be encapsulated. Conventional Ti alloys or steels are used as can material.
At the extrusion temperature the can materials have significantly lower flow stres-
ses than the y(TiAl) alloy billet. This flow stress mismatch is often as high as
300 MPa and leads to inhomogeneous extrusion or even cracking. The problems
can largely be overcome by a thermal insulation, which reduces the heat transfer
from the work piece to the can and enables controlled dwell periods between pre-
heating and extrusion [181]. For extrusion temperatures above 1000°C, as is gen-
erally applied for y(TiAl) alloys, heat losses are mainly caused by radiation; how-
ever, heat losses of the billet can effectively be prevented with a can design involv-
ing radiation shields [196]. Taking advantage of these concepts, extrusion pro-
cesses have been widely used for y(TiAl) alloy ingot breakdown. The high hydro-
static pressures involved should allow for forming of virtually any composition de-
sired. For example, 80 kg ingots of composition Ti-45Al-(5-10)Nb-X were uni-
formly extruded with a 10:1 reduction in cross-section into differently shaped
dies, including those with rectangular geometry [157], obtaining bars with a
length of 6-8 m.

After extrusion, fully recrystallized microstructures are observed for extrusion
ratios > 6:1. The microstructural condition can be varied between equiaxed, du-
plex or fully lamellar microstructures by selecting the extrusion temperature
(Fig. 4.34). The lamellar materials exhibit colony sizes < 100 pm and small lamel-
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Fig. 433 Microstructure of ingot material after isothermal forging. Alloy Ti-45Al-
10Nb. (a) Forging at 1100°C, (b) canned isothermal forging at 1000°C, (c) two-
step forging at 1150°C. Scanning electron micrographs taken in the backscat-
tering electron mode. The forging direction lies vertically in the images.

lae spacings < 200 nm and have excellent mechanical properties [4, 117, 129, 157).
However, after extrusion the lamellar microstructures are still inhomogeneous,
showing bands that consist of fine and coarse grains or of lamellar colonies and
equiaxed grains. These inhomogeneities in the microstructure are associated with
significant variations in the local chemical composition that arise due to solidifica-
tion segregation (Fig. 4.35). This observation provides supporting evidence that dy-
namic recrystallization during hot working is strongly affected by local composi-
tion. The coarse-grained bands probably originate from prior Al-rich interdendritic
regions, where no o, phase was present. Thus, grain growth following recrystalli-
zation is not impeded by particles of the o phase. On the contrary, fine-grained
bands or bands of lamellar colonies are formed from the former Al-depleted core
regions of dendrites.

In general, on hot working textures are formed that might be of particular im-
portance for y-based alloys since the desired lamellar microstructures exhibit
strong anisotropic mechanical properties. Compared to solid solution phases, the
analysis of texture evolution suffers from some peculiarities of y-based alloys in-
cluding the occurrence of ordinary and superdislocations, recrystallization of an
ordered phase as well as the presence of different phases at the working tempera-
ture and the subsequent phase transformations. Up to now, only a limited num-
ber of investigations were devoted to texture development, mostly for tempera-
tures where the y phase strongly predominates [197, 198]. In these studies, the ob-
served hot working textures could be mainly described as deformation textures of
the y phase. On extrusion, which is carried out at higher temperatures, a signifi-
cant temperature dependence of texture formation was observed (Fig. 4.36). As
shown by pole figures, on extrusion below the o-transus temperature, weak (111)-
and [001]-fiber textures are formed in the extrusion direction, whereas extrusion
in the a phase field leads to (112) and (101) textures [199]. The texture compo-
nents mentioned can be ascribed first to the deformation of the y phase because
for these orientations multiple symmetrical slip is possible on extrusion. The lat-
ter components might be explained by prismatic slip in the hexagonal a phase
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and by the transformation to the y phase on cooling, according to the Blackburn
orientation relationship (section 4.3) [199]. Apparently, no texture components are
generated by dynamic recrystallization. This could be understood in terms of a
bulging mechanism of recrystallization [189, 190]. The complex processes of tex-
ture evolution, however, are far from being completely elucidated. Although the
textures occurring after extrusion only show pole densities up to 2 mrd, material
extruded above the a-transus temperature has a significant orientation depen-
dence of the mechanical properties [38]. This might be attributed to the pro-
nounced anisotropy of lamellar microstructures and has to be considered with re-
spect to the main loading axis of a component.

As already mentioned, the refinement obtained in the microstructure after pri-
mary processing increases the workability, thus enabling secondary processes like
sheet rolling [195], superplastic forming [182] and isothermal closed-die forging.
Wrought processing routes involving closed-die forging are of interest for manu-
facturing a variety of components, in particular turbine and engine parts that
have to withstand severe loading conditions. As an example, the processing route
for the fabrication of high-pressure jet engine turbine blades will be presented,
which has been jointly developed by Rolls-Royce Deutschland (Dahlewitz, Ger-
many), ThyssenKrupp Turbinenkomponenten (Remscheid, Germany) and GKSS
Research Center. The processing involved extrusion of ingot material, subsequent
isothermal forging in several steps, and a final heat treatment. Finishing of the

al. Bright bands contain 2 high fraction Of 02 Fig 436 Texture formation on extrusion of
whereas dark bands are single-phase y with an alloy Ti-47A1-3.7(Nb, Cr, Mn, Si)-0.5B. In-
grain sizes up to 10 ym. verse pole figures of the extrusion direction.

Extrusion ration 7:1. (a) Extrusion tempera-
ture 1250°C, (b) extrusion temperature
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blades was carried out by Leistritz Turbomaschinen (Nuremberg, Germany) using
electro-chemical milling [38]. For processing, a B-containing alloy of composition
Ti-47A1-3.7(Nb, Cr, Mn, Si)-0.5B was used, which turned out to be quite workable.
After forging, a fine-grained equiaxed microstructure with improved homogeneity
was found, when compared to the extruded condition. The blades were finally
heat-treated for a short duration directly at the o-transus temperature and
quenched in oil. Thus, a lamellar microstructure with small colony size and la-
mellar spacing was formed, showing good homogeneity over the entire compo-
nent. The 610 MPa yield strength, oy, obtained probably cannot be further in-
creased for this type of alloy by conventional metallurgical processing. In sum-
mary, it can be concluded that B-containing alloys based on Ti-47Al are well sui-
ted for wrought processing due to their fast recrystallization kinetics (section
4.6.3), as manifested in the successful production of more than 200 blades
(Fig. 4.37). Demands for high strength and better oxidation resistance have in-
itiated another project aimed at the development of hot working routes for the
production of turbine blades from high Nb alloys.

4.7
Conclusions

In recent years, considerable progress has been achieved in the development of y
titanium aluminide alloys, which now exhibit significantly increased creep and
corrosion resistance as well as room temperature strengths similar to high-
strength titanium alloys. However, neither the toughness nor the ductility has
been improved substantially, and due to the physical metallurgy of this alloy class,
further improvement of these properties seems hardly possible. Recently, Dimi-
duk has critically assessed the currently achievable property profile of y alloys
within the competition of high-temperature structural materials [2]. One of his
main conclusions may be drawn from Fig. 4.38 showing specific strength data of
several high temperature alloys. As can be seen from this diagram, conventional y
alloys similar to Ti-48Al-2Cr-2Nb cannot compete with most Ti alloys and Ni-
based superalloys, while more recent titanium aluminide alloys are clearly superi-
or for temperatures up to 750°C. Furthermore, recent generation alloys have an
acceptable room temperature ductility of about 2.5% and, besides their excellent
specific stiffness, exhibit specific creep strengths exceeding those of most superal-
loys [2]. In contrast to Fe and Ni aluminides, y alloys are unique as a structural
material in a certain temperature range. If applications are considered where the
materials have to withstand severe loading conditions, wrought high-strength vy al-
loys are of particular interest. Due to the current state of development, prototype
components of such alloys can be manufactured, but the development of a repro-
ducible industrial processing technology and the qualification of a component is
still at its beginning. Considering the complex metallurgy of v alloys, process de-
velopment on an industrial scale will require enormous efforts, as was the case
for other structural materials. However, the expected innovation potential of y al-
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loys for jet engine, automotive and stationary gas turbine applications seems to be
comparable to that of superalloys and Ti alloys, thus indicating an urgent need
for increased development efforts. Despite first commercial applications, this also
holds for casting technologies, as only cheap near net-shape casting will open the

possibility to fabricate mass products like turbocharger wheels.
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Fatigue of Titanium Alloys

L. WAGNER, TU Clausthal, Institut fiir Werkstoffkunde und Werkstofftechnik,
Clausthal-Zellerfeld, Germany

J.K. BiconEy, Springfield Metallurgical Services, Inc., Springfield, VT, USA

5.1
Introduction

There are three main reasons to use titanium as a structural material: excellent re-
sistance to chloride-containing fluids, high specific strength, and exceptional bio-
compatibility. Therefore, titanium and its alloys have primarily found application
in the chemical and aerospace industry, as well as in biomedicine. During these ap-
plications titanium structures are often exposed to fatigue loading. The lifetime of
such a cyclically loaded, initially defect-free component can be separated into a por-
tion describing crack initiation (Nj) and a portion describing crack propagation (Ng).

Investigations of fatigue on titanium alloys have shown that for high stress or
strain amplitudes, the crack initiation life can be very small compared to the over-
all fatigue life, i.e. Nj/Ng=0.01 [1, 2]. Therefore, under low-cycle fatigue (LCF)
conditions the component lifetime is dominated by resistance to fatigue crack pro-
pagation. With decreasing load amplitudes, the portion attributable to crack initia-
tion life continuously increases. Therefore, for titanium alloys, which are typically
defect-free, the high-cycle fatigue (HCF) strength (the highest fatigue load ampli-
tude a component endures without fracture after a large number of cycles, e.g.
107) can be considered a good measure of resistance to fatigue crack initiation.

It is useful to subdivide the fatigue crack propagation phase into components
described by an initial stage of small surface crack or microcrack growth and a
subsequent stage of macrocrack growth. Microstructural parameters such as grain
size or phase dimensions can have contradictory influences on microcrack and
macrocrack propagation [3, 4]. As a rule of thumb, the lifetime of small, highly
stressed components (small critical crack length) is primarily controlled by the re-
sistance to microcrack propagation whereas for large, low-stressed components
(large critical crack length) component life is determined by the propagation of
macrocracks.

The following chapter will highlight the most important metallurgical parame-
ters which influence fatigue strength and fatigue crack propagation.
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5 Fatigue of Titanium Alloys

5.2
Influence of Microstructure

Depending on the alloy class, the parameters possibly having an influence on the
fatigue life of titanium alloys include grain size (or phase dimension and mor-
phology), age hardening condition, degree of work hardening, elastic constants,
and crystallographic texture.

5.2.1
Commercially Pure Titanium, a Alloys

Usually the microstructure of a alloys consists exclusively of o grains. Conse-
quently, grain size, interstitial oxygen content, and degree of work hardening can
be varied. The influence of these parameters on the fatigue strength of commer-
cially pure titanium is shown in Fig. 5.1 [5].

A reduction of grain size from 110 to 6 um increases the fatigue strength of
commercially pure titanium from 160 to 210 MPa (Fig. 5.1a). Increasing the oxy-
gen content increases strength and thus improves fatigue strength (Fig.5.1D).
Likewise the fatigue strength increases after increasing strength via work harden-
ing (Fig. 5.1c¢).

The da/dN-AK plots of Fig. 5.2 show the influence of two different grain sizes
and oxygen contents on the propagation of long fatigue cracks for unalloyed tita-
nium. Large grains reduce crack propagation rates, and increased oxygen content
also has a beneficial influence on da/dN-AK behavior. These relationships of grain
size and oxygen content on da/dN observed for long cracks are not necessarily the
same for short surface cracks. Also, interaction effects can play a role. High oxy-
gen content generally increases the influence of grain size on da/dN-AK behavior.

In addition to grain size and oxygen content, the fatigue behavior of o alloys is
furthermore controlled by the degree of age hardening [6]. As an example, Fig. 5.3
shows the influence of fine coherent Ti;Al particles on the high cycle fatigue
strength of the experimental o alloy Ti-8.6Al. Tensile properties are listed in
Tab. 5.1. Due to the tendency of Ti-8.6Al to planar slip, the increase in yield stress
due to age hardening goes along with a strong reduction in ductility [8].

The effect of age hardening on fatigue strength is explained in a similar way to
the way grain size and oxygen content control fatigue strength, namely, through
their influence on yield stress.

In Ti-8.6Al fatigue cracks nucleate along planar slip bands within o grains
(Fig. 5.4). At a given value of AK, microcracks propagate faster in coarse-grain
structures than in fine-grained material (Fig.5.5). This is a consequence of the
higher grain boundary density [3], since grain boundaries are known to effectively
hinder microcrack growth. The superior behavior of fine-grained material concern-
ing microcrack growth is different from the behavior of macrocracks (Fig. 5.5) [9].
For comparable AK-values, macrocracks propagate much more slowly in coarse-
grained structures than in fine-grained material. This difference is primarily due
to the fact that for macrocracks additional crack retardation factors are effective,
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Tab. 5.1 Tensile properties of Ti-8.6Al (100 um grain size).

Age hardening G0.2/MPa &F
- 775 0.38
10 h 500°C 880 0.08

such as crack front geometry (i.e. all deviations from an ideal crack front) and so-
called crack closure, which is particularly important at low R values [9-11].
Furthermore, increasing oxygen content or age hardening often intensifies the in-
fluence of grain size on macrocrack propagation through the influence on crack
closure.
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In addition to o grain size, degree of age hardening, and oxygen content, the fa-
tigue properties of two-phase near-o and a+f alloys are strongly influenced by the
morphology and arrangements of the two phases o and B. Lamellar, equiaxed, and
bimodal microstructures (primary o in a lamellar matrix) can be generated. Bi-
modal microstructures are also referred to as duplex structures. Important micro-
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structural parameters include prior B grain size, colony size of a and  lamellae,
and the width of o lamellae in lamellar microstructures. Additional parameters
for duplex structures are grain size and volume fraction of the primary o phase.

Tab. 5.2 lists typical tensile properties for the alloy Ti-6Al-4V where the micro-
structural parameters o lamella width and o grain size are varied.

The high cycle fatigue behavior of these microstructures is shown in Fig. 5.6.
Reducing the o lamellae width from 10 to 0.5 pm in lamellar microstructures
raises the fatigue strength from 480 to 675 MPa (Fig. 5.6a) [12]. Similarly, reduc-
ing the grain size from 12 to 2 um in equiaxed microstructures increases fatigue
strength from 560 to 720 MPa (Fig. 5.6b) [12, 13]. For duplex structures, reducing
the o lamellae width in a lamellar matrix from 1 to 0.5 pm leads to an increase in
fatigue strength from 480 to 575 MPa (Fig. 5.6¢) [14].

Fig. 5.7 shows typical crack initiation sites for these microstructures [15]. In la-
mellar microstructures (Fig. 5.7a), fatigue cracks initiate at slip bands within the
a lamellae or at o along prior § grain boundaries [15]. Since the resistance to dis-
location motion as well as fatigue crack initiation depends on the o lamellae
width, there is a direct correlation between fatigue strength and yield stress. For
equiaxed structures, fatigue cracks nucleate along slip bands within o grains
(Fig. 5.7b). Thus, fatigue strength correlates directly with the grain size dependent
yield stress (Tab. 5.2). In duplex structures, fatigue cracks can either initiate in the
lamellar matrix, at the interface between the lamellar matrix and the primary a
phase, or within the primary o phase. The precise crack initiation site depends on
the cooling rate [16], and the volume fraction and size of the primary a phase [17,
18]. An example of crack initiation within the lamellar part of a duplex structure
is shown in Fig. 5.7c.

Fig. 5.8 shows typical crack propagation behavior for microcracks in two ex-
treme microstructures of Ti-6Al-4V, a coarse lamellar (Fig. 5.8a) and an equiaxed
structure (Fig. 5.8b) [10].

The da/dN-AK plot (Fig. 5.9) clearly shows the inferior microcrack propagation
behavior of the coarse lamellar structure compared to the equiaxed structure.
However, the ranking of both microstructures changes for macrocrack propaga-

Tab.5.2 Tensile properties of typical microstructures in Ti-6Al-4V (24 h/500°C).

Microstructure Go.2/MPa 173

fine lamellar, 0.5 pm* 1040 0.20
lamellar, 1 pm* 980 0.25
coarse lamellar, 10 pm * 935 0.15
fine equiaxed, 2 pm** 1170 0.55
equiaxed, 6 pm** 1120 0.49
coarse equiaxed, 12 um** 1075 0.38
duplex, 6 pm***, 40% a, 1110 0.55

duplex, 25 pm ***, 40% o, 1075 0.45

* o lamella width, ** o grain size, *** a, grain size
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a)

b)
Fig. 5.7 Fatigue crack initiation in Ti-6Al-4V,
6,=775 MPa (R=-1). a) Lamellar micro-
structure; b) equiaxed microstructure; c) du-

c) plex microstructure.

tion (Fig. 5.9). As already outlined in section 5.2.1, this is due to additional crack
propagation resistance caused by crack front geometry and crack closure effects,
which retard crack propagation compared to microcracks [15]. Similar results are
reported for the o alloy Ti-2.5Cu [19]. The inferior microcrack propagation behav-
ior of coarse structures correlates with the low density of phase boundaries in the
coarse lamellar microstructures, which also leads to low ductility. Crack propaga-
tion tests on fine lamellar microstructures and duplex structures in Ti-6Al-4V
have shown that these da/dN-AK curves fall in between those determined for
coarse lamellar and equiaxed structures [10].

The microstructural morphology (lamellar, equiaxed, or a mixture of both (du-
plex)) has a substantial influence on fatigue crack propagation behavior, as will be
demonstrated for the alloy Ti-6Al-4V (Fig. 5.10). The da/dN-AK curves reveal con-
tradictory influences of microstructure for long cracks (Fig. 5.10a) and small sur-
face cracks (Fig. 5.10b). For long cracks, fatigue crack growth behavior is superior
for coarse lamellar structures compared to a fine equiaxed structure; the behavior
is reversed for small cracks.
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b)

87x103

Fig. 5.8 Microcrack propagation in Ti-6Al-4V, 6,=775 MPa (R=-1).
a) Coarse lamellar; b) equiaxed.

For a given microstructural type in near-a and a+p alloys, the influences of a
grain size and oxygen content on fatigue crack growth are similar to those ob-
served for a alloys. For a lamellar microstructure, lamellar width should be con-
sidered instead of grain size. Fig. 5.11a shows that for two-phase alloys, the reduc-
tion of crack growth rates by grain coarsening is quite measurable. However, due
to the relatively small variations in absolute values, in this case from 2 um to
12 um, differences are not as pronounced as for a alloys, where grain variations
from 20 pm to 200 um are possible. For the same structural morphology and «
grain size, the crack growth rate is slightly lower when the oxygen content is re-
duced (Fig. 5.11Db). Often, however, an unambiguous determination of the influ-
ence of oxygen is difficult, due to its indirect effects on other microstructural pa-
rameters such as lamellae packet size [24, 25].

Because of the high silicon content (0.45 wt.%) in the near-a alloy TIMETAL
1100 and the resulting high silicide solvus temperature (Tss), fine prior B grain
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tures and in duplex microstructure of an a+f nealed condition [27].

sizes and correspondingly fine colony sizes can be generated after B-annealing be-
low Tsg [28-30]. Tab. 5.3 compares tensile properties of fine and coarse grained la-
mellar microstructures with two duplex structures that only differ in primary a
volume fraction.

A reduction of prior B grain size in lamellar structures significantly increases
ductility (Tab. 5.3). There are, however, no significant differences in ductility noted
for duplex structures when their primary o volume fraction is varied between 20
and 60%. Because of similar cooling conditions from the solution heat treatment
temperature, lamellar and duplex structures show similar yield stress values. The
fatigue strength behavior of TIMETAL 1100 is shown in Fig. 5.12.

A reduction of prior B grain size in lamellar microstructures (Fig. 5.12a) and a
reduction of the primary o volume fraction in duplex structures (Fig.5.12b) in-
creases both LCF life as well as fatigue strength [31, 32]. Simultaneously, this
structural modification increases the resistance to crack growth (Fig. 5.13). There-
fore, the fine grained lamellar microstructure shows superior crack growth behav-
ior over the coarse grained lamellar structure (Fig. 5.13a), while for duplex struc-
tures the lower primary o volume fraction is superior to the higher one

Tab. 5.3 Tensile properties of typical microstructures in TIMETAL 1100 (8 h/650°C).

Microstructure 60.2/MPa &F

coarse grained lamellar, LC 955 0.10
fine grained lamellar, LF 935 0.22
duplex (60% ap), D60 955 0.36

duplex (20% ap), D20 965 0.32
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Fig. 5.12 High cycle fatigue behavior (R=-1) of TIMETAL 1100.
a) Lamellar microstructure (LC: coarse grained lamellar, LF: fine
grained lamellar); b) duplex microstructure (D20: 20% o, con-
tent, D60: 60% o, content).

(Fig. 5.13Db). The latter can probably be explained by the (near) absence or lower
presence of agglomerates of primary a grains and simultaneously reduced pri-
mary o volume fractions. These primary a clusters can act as large single grains,
which are easy for microcracks to propagate through [31, 32].

5.23
B Alloys

Depending on the alloy class (solute-rich or solute-lean B alloys), the following mi-
crostructural parameters are important for the control of the fatigue strength of B
alloys: B grain size, degree of age hardening, and precipitate-free zones in solute-
rich alloys such as Beta C. In addition, for solute-lean alloys such as Ti-10V-2Fe-
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structure (LC: coarse grained lamellar, LF: fine

3Al, grain boundary o, primary o grain size and primary o volume fraction have
to be considered [33].

Fig. 5.14 shows typical microstructures of Beta C: a conventional aging treat-
ment (Fig. 5.14a) is compared to two-step aging (Fig. 5.14b) [34]. As opposed to
conventional aging, two-step aging results in a homogeneous precipitation of oy
particles within the B grains. The tensile properties of these microstructures are
listed in Tab. 5.4. The two-step aging treatment 4 h/440°C + 16 h/560°C was cho-
sen to compare the fatigue behavior with conventional aging (16 h/540°C) on the
basis of identical yield stress.

The S-N curves for the different conditions of Beta C are compared in Fig. 5.15.
While aging significantly increases fatigue strength as a result of increased yield
stress, two-step aging is superior by about 50 MPa when compared to conventional

a)

Fig. 5.14 Microstructures in Ti-3Al-8V-6Cr-4Mo-4Zr. a) Conventional aging; b) two-step aging.
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Tab. 5.4 Tensile properties of Beta C.

Aging condition 60.2/MPa &
- 850 0.97
16 h/540°C 1085 0.26
4h/440°C+16 h/560°C 1085 0.27
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Fig. 5.15 High cycle fatigue behavior (R=-1) of Ti-3Al-8V-6Cr-
4Mo-4Zr.

aging. The inferior behavior after conventional aging (Fig. 5.14a) is caused by the
presence of precipitate-free zones within the B grains [35, 36], which were identified
as crack nucleation sites (Fig. 5.16). Microhardness measurements have revealed that
these zones have a lower local yield stress than the solution treated condition [34].

Fig. 5.17 shows the microcrack growth behavior for different conditions of Be-
ta C [34, 35]. No significant variations were observed between the different condi-
tions. This result is consistent with tests on macrocracks performed on C(T) speci-

Fig. 5.16 Fatigue crack initiation in Ti-3Al-
8V-6Cr-4Mo-4Zr, 6,=675 MPa (R=-1).
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mens [37]. Obviously, the variation in fatigue crack growth resistance is much
smaller for solute-rich B alloys than for a+f alloys.

The alloy Ti-10V-2Fe-3Al represents the class of solute-lean B alloys. Here micro-
structures can be more drastically varied due to the fact that primary o volume
fractions can be generated in a manner similar to those of a+f alloys [38—41].
Typical microstructures for Ti-10V-2Fe-3Al with 15 and 30% primary o are shown
in Fig. 5.18 [42, 43].

In Tab. 5.5 the tensile properties of these microstructures are compared with a
B-annealed (without primary o) microstructure as well as a microstructure with
5% primary o.

Fig. 5.19 shows the S-N curves of the various microstructures. For these differ-
ent conditions (Fig. 5.20), fatigue cracks nucleate at § grain boundaries in B-an-
nealed structures (Fig. 5.20a), within B grains (Fig. 5.20b) and at thick o along f
grain boundaries (Fig. 5.20¢).

The superior behavior of the microstructures with low primary o volume frac-
tions of 5 and 15% is probably due to the absence of a continuous grain boundary
a film as well as to their relatively high strength values (Tab.5.5). This is also
documented in high 03(107) /00, ratios of 0.58 and 0.55 for primary o volume
fractions of 15 and 5%, respectively. For the B-annealed microstructure this ratio
is only 0.45. This indicates that the presence of a soft grain boundary a film not
only dramatically influences ductility (Tab. 5.5) but also reduces the resistance to
fatigue crack initiation, without influencing the macroscopic yield stress. Increas-



168

5 Fatigue of Titanium Alloys

a)

Fig. 5.18 Microstructures in Ti-10V-2Fe-3Al. a) 5% a, content; b) 15% a, content.

Tab. 5.5 Tensile properties of typical microstructures in Ti-10V-2Fe-3Al (8 h/480°C).

Primary a content % 60.2/MPa EF
1555 0.02

5 1370 0.09
15 1330 0.11
30 1195 0.25
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Fig. 5.19 High cycle fatigue behavior (R=-1) of Ti-10V-2Fe-3Al.

ing the primary o content to 30% raises the 6,(107)/c, ratio to 0.52. This corre-
sponds to a decrease in strength difference between grain boundary o and the in-
terior of the grain. In this case, the reduced macroscopic yield stress is caused by
the contribution of the high volume fraction of primary « in the B matrix and
consequently the reduced age hardening response from secondary o [42-44].
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a)

c)

Fig.5.20 Fatigue crack initiation in Ti-10V-2Fe-3Al, ,=825 MPa (R=-1). a) 0% o, content; b)
5% a, content; c) 30% a, content.

53
Influence of Crystallographic Texture on Fatigue Life

Due to their body centered cubic crystal structure, B alloys are generally isotropic.
The mechanical properties of o and a+f alloys can, however, be quite anisotropic
due to the anisotropy of the hexagonal crystal structure. Not only single crystals
possess strongly orientation-dependent properties, but textured polycrystalline ma-
terials with high volume fractions of o phase can also reveal quite anisotropic fa-
tigue behavior. Since crystallographic textures can be more strongly varied in o+
alloys than in o and B alloys, the influence of texture on the fatigue behavior was
primarily investigated on the alloy Ti-6Al-4V [45-50]. Various textures of the a
phase are found in equiaxed microstructures [12].

The four basic types of textures are the basal texture (B), transversal texture (T),
mixed texture (B/T), and a weak texture (W). These textures are generated by ap-
propriate thermomechanical treatments [12].

Fig. 5.21a and b show S-N curves for an equiaxed microstructure of the alloy
Ti-6Al-4V with different types of sharp textures [12]. A B/T texture loaded parallel
to the rolling direction (RD) showed the highest fatigue strength (725 MPa), while
the lowest values (580 MPa) were found for a T texture loaded perpendicular to
RD in the rolling plane (ID). When these results, which were generated in air
(Fig. 5.21a), are compared to tests performed in vacuum (Fig. 5.21D), it is obvious
that laboratory air has to be considered a corrosive environment for Ti-6Al-4V.
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Fig. 5.21 High cycle fatigue behavior (R=-1) of Ti-6Al-4V
(equiaxed microstructure). a) Laboratory air; b) vacuum.

Furthermore, the reduced fatigue strength caused by the environment strongly de-
pends on the crystallographic texture and the loading direction [12]. For example,
the reduction of fatigue strength is most pronounced for B/T and T textures
loaded in directions with a high yield stress, owing to the fact that the stressed
axis is perpendicular to basal planes (B/T-TD, T-TD). This behavior can probably
be related to stress corrosion cracking of o+f titanium alloys, which is pro-
nounced when the tensile axis is perpendicular to basal planes [12]. Compared to
equiaxed and lamellar microstructures, the fatigue strength of duplex structures is
less strongly influenced by the environment. Obviously, this behavior is due to the
absence of a/a phase boundaries, i.e. isolated primary grains [12].

The influence of the degree of texture on fatigue strength of equiaxed micro-
structures is shown in Fig. 5.22. A reduction of the deformation from 75 to 60%
for uniaxial rolling at 800°C also results in a slight reduction of fatigue strength
from 650 to 580 MPa [13].
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Fig. 5.22 High cycle fatigue behavior (R=-1) of Ti-6Al-4V
(equiaxed microstructure).

5.4
Influence of Mean Stress on Fatigue Life

It has been known for quite some time that near-a and o+ f alloys react quite sen-
sitively to variations in mean stress during high cycle fatigue testing. This so-
called anomalous mean stress effect is shown in the Smith diagram in Fig. 5.23,
where the maximum stress for 107 cycles is plotted versus mean stress [51, 52].
For the alloy TIMETAL 1100 at low mean tensile stresses, the fatigue behavior
at room temperature (Fig. 5.23a) of duplex structures is significantly inferior to la-
mellar structures [53]. These results confirm earlier work on the alloy Ti-6Al-4V
[54]. Although the exact mechanism of the anomalous sensitivity on mean stress
is not yet fully understood, the following statements can be made [55, 56]: The
anomalous sensitivity on mean stress is controlled by crack initiation and is also
present in an inert environment. Usually, B-annealed (lamellar) microstructures
do not show this effect. For a+B-annealed microstructures (equiaxed or duplex
structures) the degree of the anomalous sensitivity on mean stress depends on
the crystallographic texture and on loading direction. Recent results on TIMETAL
1100 [56] point out the anomaly disappears at higher temperatures (Fig. 5.23b).

5.5
Influence of Mechanical Surface Treatments

Mechanical surface treatments such as shot peening, mechanical polishing, or
deep rolling can be utilized to improve the fatigue life of titanium alloys [57, 58].
In most cases the following three surface properties are modified:

e surface roughness
o degree of cold work or dislocation density
e residual stresses.

7
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Fig. 5.23 Influence of mean stress on the high cycle fatigue be-
havior of TIMETAL 1100. a) Room temperature; b) 600°C.

Since the fatigue life is simply the sum of the numbers of cycles to crack initia-
tion and those of crack propagation, modifying surface properties using these
treatments may well have contradictory effects on fatigue life. The surface rough-
ness determines whether fatigue strength is primarily crack initiation (smooth
surface) or crack propagation controlled (rough surface) [59]. For smooth surfaces,
a hardened surface layer leads to a retardation of crack initiation owing to the in-
crease in strength. For rough surfaces, there may even be no crack initiation
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phase at all and the hardened surface layer is a disadvantage for crack propaga-
tion owing to the low residual ductility [60]. Compressive residual stresses in the
surface layer are very favorable since they strongly retard microcrack propagation
if cracks are present (Tab. 5.6) [61, 62].

However, one has to keep in mind that changes induced by mechanical surface
treatments are not necessarily stable:

e Thermal or mechanical stress relief can eliminate or reduce residual stresses.

e Recovery and recrystallization can eliminate or reduce the amount of cold work
(dislocation density).

o Further mechanical surface treatments, such as polishing, can reduce surface
roughness.

Moreover, the favorable residual compressive stresses can also be reduced by fa-
tigue (i.e. by the loads imposed on components in service). However, appropriate
surface treatments can be tailored in the design phase according to the intended
application of the titanium component.

Fig. 5.24, for example, shows a set of S-N curves for Ti-6Al-4V at ambient
(Fig. 5.24a) and elevated temperature (Fig. 5.24b) [59, 60]. The electrolytically pol-
ished condition (EP) serves as a reference, since it is free of residual stresses, has
a low dislocation density in the near-surface area, and has a very smooth surface.
Compared to EP, shot peening (SP) significantly improves fatigue strength at
room temperature (Fig. 5.24a). On the other hand, at elevated temperature, SP re-
duces fatigue strength when compared to the reference condition (Fig. 5.24b). To
explain this behavior, the individual contributions of surface properties to fatigue
life have to be considered. For example, stress relieving (SR) for one hour at
600°C after SP (SP+SR) leads to a decrease in fatigue strength at room tempera-
ture compared to SP. It does not, however, change the fatigue strength at 500°C.
Indeed, SR has no influence at cyclic loading at elevated temperature. If residual
compressive stresses were the only operating mechanism, one could argue that
SP cannot improve fatigue behavior at elevated temperatures. On the other hand,
an extra surface treatment which reduces surface roughness, in the present inves-
tigation electrolytic polishing (SP+EP), shows that work-hardening of near-surface
layers can be utilized to improve fatigue strength, irrespective of stress relieving
(SP+SR +EP). The amount of near-surface cold work (dislocation density) is only
slightly changed by SR and therefore improves fatigue strength.

Tab. 5.6 Influence of surface properties on the fatigue behavior.

Surface Property Crack Initiation Microcrack Propagation
roughness accelerated -
cold work retarded accelerated

residual stresses small influence retarded
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Fig. 5.24 High cycle fatigue behavior (R=-1) of Ti-6Al-4V. a)
Room temperature; b) 500°C.

Fig. 5.25 compares crack propagation rates of microcracks of conditions SP and
SP+ SR with the reference condition EP. At room temperature (Fig. 5.25a), crack
propagation is drastically retarded for SP, but accelerated by SP+SR when com-
pared to EP. The difference in crack propagation rates between curves SP and
SP+SR is caused by residual compressive stresses in SP, whereas the difference
between curves SP+SR and EP is due to the high dislocation density in SP+SR.
At higher temperature (Fig. 5.25b), there is no difference in microcrack propaga-
tion rates between curves SP and SP+SR, since at these temperatures residual
stresses are absent. The inferior behavior of SP and SP+SR compared to refer-
ence EP is caused by the negative influence a high dislocation density, and hence
low residual ductility, has on crack propagation resistance [61-63].
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Fig. 5.25 Microcrack propagation in Ti-6Al-4V (R=-1). a) Room temperature (,=775 MPa); b)
500°C (c,=400 MPa).

5.6
Influence of Thermomechanical Surface Treatments

The near-surface microstructure of titanium alloys can be specifically modified to
increase the resistance to crack initiation in the surface, leaving the initial micro-
structure unchanged in order to better fulfil the various requirements the material
has to resist (similar to carburizing steel). As will be outlined in the following ex-
amples, cold work induced by mechanical surface treatments can be used to gen-
erate a near-surface microstructure different to the bulk material [64-66]. This al-
lows the optimum properties of both structures to be combined. This is particular-
ly important in cases where conventional thermomechanical treatments cannot be
carried out, as in a thick section of large components. An explicit advantage of the
modified near-surface microstructure is that these modifications are more stable
than those induced by mechanical surface treatments alone.

5.6.1
o Alloys

A mechanical surface treatment combined with a subsequent recrystallization an-
neal offers the possibility to combine the high quasi-static strength and fatigue
strength properties of fine grained structures with the superior macrocrack fatigue
propagation resistance and the excellent fracture toughness of coarse grained struc-
tures. To optimize fatigue life in thick section components, fine grains are required
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Fig. 5.26 Near-surface microstructure (cross section) of Ti-8.6Al. a) Shot peened; b) shot peen-
ed and recrystallized.
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Fig. 5.27 High cycle fatigue behavior (R=-1) of Ti-8.6Al
(T=350°C).

at the surface where high resistance to crack initiation and microcrack propagation
are essential. However, for the bulk of the component, coarse grains are required to
reduce the driving force for propagation of long cracks. For the coarse-grained Ti-
8.6Al model alloy, it was demonstrated that shot peening with subsequent heat treat-
ment for 1 h at 820 °C led to localized cold work and recrystallization in the near-sur-
face area (Fig. 5.26). The improvement of fatigue strength due to the fine-grained
(20 um) surface compared to the coarse-grained (100 pm) structure of the bulk ma-
terial was significant: about 50 MPa at 350°C (Fig. 5.27) [60].

5.6.2
Near-a and a+p Alloys

These two alloy classes, particularly near-a alloys, are usually considered for appli-
cations at elevated temperatures (e.g. in gas turbines), so that good creep behavior
is important. Therefore, lamellar microstructures should be preferred. However,
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these structures show poor fatigue behavior, particularly under LCF conditions,
where microcrack propagation determines lifetime. In these cases a change of
phase morphology between the surface and the bulk of a component by means of
shot peening and subsequent heat treatment can be advantageous (Fig. 5.28).

The improvement of the high cycle fatigue behavior at elevated temperature
after such a thermomechanical treatment is shown in Fig. 5.29 for the alloy Ti-
6242. Here the creep resistant lamellar bulk material was combined with a fine
equiaxed surface layer to generate superior fatigue behavior [60].

5.6.3
B Alloys

Both shot peening and deep rolling, in combination with specially developed age-
hardening treatments, were performed on Ti-3Al-8V-6Cr-4Mo-4Zr [66, 67] to exclu-
sively harden the surface. These new thermomechanical surface treatments demon-
strated a high potential for application in a high-strength spring or fastener alloy.
Fig. 5.30 shows the near-surface region of shot peened material after selective
surface aging (SSA). The high strength in the surface layer is aimed at increasing
the fatigue strength beyond the values of conventional age hardening, while the
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Fig. 5.30 Near-surface microstructure of Ti-
3Al-6Cr-4Mo-4Zr, shot peened and aged.
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high ductility of the solution heat treated condition (SHT) in the bulk of the mate-
rial results in high notch ductility and fracture toughness [67].

Fig. 5.31 shows the changes to the high cycle fatigue behavior after deep rolling or
deep rolling followed by selective surface aging. Deep rolling alone improves notch
fatigue strength (o, - k) of the SHT structure from the low value of 400 MPa to
1100 MPa. Depending on the subsequent aging treatment, the HCF behavior can
slightly deteriorate (SSA 1) or be substantially improved (SSA 2) (Fig. 5.31). These
results indicate that residual compressive stresses can be substantially reduced after
deep rolling in condition SSA 1, however not for condition SSA 2 [67].

5.7
Titanium Aluminides

For titanium aluminides based on the o, phase (TizAl), da/dN-AK curves of
macrocracks show slightly higher threshold values and crack propagation rates
than near-o and a+p titanium alloys. Fig. 5.32 shows fatigue crack propagation
curves for alloys Ti-24Al-11Nb and Super Alpha 2. Both alloys exhibit equiaxed o,
grains with the B phase at grain boundaries. The o, volume fraction is 74% for
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Ti-24Al-11Nb and 50% for Super Alpha 2. However, these differences are not im-
portant for fatigue crack propagation.

Detailed investigations of the influence of microstructure on fatigue crack prop-
agation of macrocracks in y titanium aluminides based on TiAl demonstrate that
the behavior is similar to that observed for a+f alloys. The da/dN crack growth
rates decrease in the order near-gamma (equiaxed), duplex, and lamellar
(Fig. 5.33). Similar to a+p alloys, chemical composition is of less importance. In
Fig. 5.34, three y TiAl alloys having a lamellar microstructure are compared. The
material containing boron additions has a lamellae packet size of 150 um, the two
other alloys have substantially larger lamellae packet sizes (500-1000 pm for Ti-
48Al-2Nb-2Cr and 1200-1400 pm for Ti-47Al-2.6Nb-2(Cr+V)). The finer micro-
structure exhibits slightly higher crack propagation rates than the coarse struc-
ture.
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Fig. 5.33 Fatigue crack propagation curves for the y TiAl alloy Ti-
48A1-2Cr [70].
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Fig. 5.34 Fatigue crack propagation curves for three different y TiAl alloys
with lamellar microstructure: Ti-47AI-2Nb-2Cr-0.2Nb with fine lamella packet
size [71] Ti-48Al-2Nb-2Cr [72] and Ti-47Al-2Nb-2(Cr+V) with coarse lamella
packet size [73].

5.8
Composite Materials

Metal-matrix composites based on titanium alloys provide an alternative to fiber-
reinforced polymers since they can also be used at elevated temperatures. Gener-
ally, the properties of composites are largely controlled by the interface between fi-
ber and matrix. A strong bonding between fiber and matrix is beneficial for the
strength perpendicular to the fiber direction. However, for fatigue crack propaga-
tion perpendicular to the fibers, weak bonding is preferred since cracks then prop-
agate parallel to the loading direction, dissipating energy in the delamination pro-
cess at the interfaces. The influence of the interface on crack propagation in a
composite material is shown in Fig. 5.35. If no delamination occurs, the crack
path is perpendicular to the fiber direction and da/dN-AK curve (a) is measured.
However, if specimens show pronounced delamination, crack propagation and
crack branching occur along fiber/matrix interfaces (curve (b)).

Since titanium-based metal matrix composites are considered for high tempera-
ture use, the stability of the adhesion between fiber and matrix at high temperatures
plays a dominant role for long-term applications. For this reason, the influence of
annealing on fatigue crack propagation was investigated for various types of fibers
[74-76]. In most cases, annealing led to a reduction of da/dN [75, 76]. An example
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Fig. 5.35 Influence of bonding between fiber and matrix on da/dN-
AK: curve (a): strong bonding, crack propagation perpendicular to
fibers; curve (b): weak bonding, crack propagation and crack deflec-
tion parallel to fibers [74].

is shown in Fig. 5.36 for the alloy Ti-6Al-4V reinforced with B fibers, which had been
coated with boron carbide. Annealing for 4.5h at 900°C and for 7 days at 500°C
shifts the da/dN-AK curves to lower crack propagation rates. It was also reported
that annealing for 9 h at 850°C could lead to higher da/dN rates in Ti-6Al-4V rein-
forced with uncoated boron fibers [75]. Only longer annealing times cause a reduc-
tion of the crack propagation rate due to delamination mechanisms. If the boron
fibers are coated with B,4C, this effect occurs after 30 hours; for Ti-6Al-4V reinforced
with SiC fibers delamination is observed only after 60 hours [74].

5.9
Summary

The most important microstructural parameters controlling fatigue crack initia-
tion and propagation behavior of conventional titanium alloys were presented
using typical examples for the respective o, o+, and B alloy classes. In addition,
crack propagation results on titanium aluminides and titanium matrix composite
materials were highlighted.

Mechanical surface treatments such as shot peening and/or deep rolling, either
alone or in combination with thermal treatments, can guarantee optimum fatigue
properties in mechanically stressed components. The specific treatments should
be tailored to the needs of the various alloy types (o, o+, or B), to provide opti-
mum properties through heat treatment and/or thermomechanical treatment.
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6
Oxidation and Protection of Titanium Alloys

and Titanium Aluminides
C. LEYENs, DLR — German Aerospace Center, Cologne, Germany

6.1
Introduction

Excellent mechanical properties combined with a low density make titanium al-
loys and titanium aluminides attractive structural materials for aerospace applica-
tions with maximum service temperatures in the range of to 540 and 800°C, re-
spectively. The use of these materials, e.g. in the compressor section of a gas tur-
bine engine, is mainly determined by their mechanical properties. However, the
high temperature capability of these alloys is often limited by relatively poor resis-
tance against hot gas.

The formation of corrosion reaction products (mainly oxides) results in a loss of
the load-bearing cross section and may eventually limit the time at temperature to
maintain integrity of the component. Further, oxygen and nitrogen ingress into
the subsurface zone of a component directly affect mechanical properties by em-
brittlement. Both modes of degradation, reaction product formation and embrittle-
ment, require specific attention for component design and usage. Hot corrosion
attack during high temperature exposure can limit the lifetime of a component
and, like mechanical properties, must be considered carefully.

In the following the oxidation behavior of titanium alloys and titanium alumi-
nides will be described in a general way. For in-depth information the reader is re-
ferred to the literature where appropriate. The phenomena described in this chap-
ter apply to both monolithic and long-fiber reinforced titanium-based materials
(see Chapter 12); however, only monolithic materials will be considered to simpli-
fy the discussion.

Despite the fact that titanium alloys used in industrial environments may be ex-
posed to molten salt deposits, and titanium aluminides may be in contact with
hot combustion gases, the majority of work has so far been focussed on the effect
of oxygen and nitrogen on the environmental resistance of these materials. As a
major constituent of the surrounding air, nitrogen has drawn much attention with
regard to its effect on oxidation of y TiAl-based alloys.

Following a general overview of the basics of high temperature oxidation of me-
tallic materials, the oxidation behavior of titanium alloys and titanium aluminides
will be addressed, including the effect of oxidation phenomena on mechanical
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properties. Furthermore, measures to improve environmental resistance through
alloying, pre-oxidation, and coatings will be described. By far not complete, this
chapter aims at making the reader acquainted to the wide field of high tempera-
ture corrosion of titanium-based alloys.

6.2
Fundamentals of Oxidation of Metals

The following description of the fundamentals of oxidation of metals aims at pro-
viding general information to the reader and tries to give an overview of the ma-
jor aspects of materials behavior at moderately elevated or high temperatures. The
general topic is addressed in much more detail in monographs and publications
by O. Kubaschewski and B.E. Hopkins [1], P. Kofstad [2-5] as well as A. Rahmel
[6]. The first part of this chapter is mainly based on these references. In this con-
text, the outstanding work of Carl Wagner must be highlighted, who paved the
way to modern oxidation and hot corrosion science in the 1950s [7, 8].

In a simple chemical reaction, oxidation of a metal M in pure oxygen O, form-
ing an oxide M,Oy as a reaction product can be described by the following equa-
tion:

x-M +%o2 & M0, (eqn. 6.1)

In the real world, the oxidation behavior of materials can usually not be described
by this simple equation. A number of parameters and, depending on the materi-
als and the environment, their sometimes completely different effect on materials
behavior, make oxidation and hot corrosion highly complex processes — particu-
larly for industrially relevant material systems in service environments. Due to
metal consumption during oxide scale formation an oxidation reaction is usually
not desired. However, knowledge of the relevant degradation mechanisms and
adequate measures of protection enables the use of these materials under harsh
industrial conditions.

Notably, use of metallic materials at high temperatures for long service times
(e.g. 1000°C for >20000 hours in stationary gas turbines for power generation)
would be impossible without the oxidation reaction mechanism described in eqn.
6.1. The formation of an oxide scale separates the metal surface from the environ-
ment, thus providing a barrier layer that slows down further oxidation reaction
and reduces metal consumption. Therefore, the key issue for all metallic high
temperature materials in terms of their resistance to hot gas is the ability to form
protective oxides scales that provide long-term protection under the particular ser-
vice conditions a component is expected to operate.

Since oxidation and hot corrosion reactions predominantly occur at the materi-
al's surface, studies can be limited to areas close to the component surface; the in-
terface between the metal and the oxide as well as between the oxide scales them-
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selves, the latter of which are usually of major interest. Depending on the operat-
ing conditions, the oxide scales must fulfill some or all of the following require-
ments:

¢ high thermodynamic stability in the respective operating environment

e low interdiffusion of the oxide scale-forming elements (low oxide scale growth
rate)

e low vapor pressure of the oxide

e crack healing ability

¢ good adhesion with the metal

o thermomechanical compatibility with the metal.

Technically, Cr,0;, SiO, and Al,O; are the oxides that meet the requirements
best. However, Cr,0;-forming materials are limited to service temperatures below
1000°C due to the formation of volatile CrOs; and at low O, partial pressures,
SiO, dissociates to volatile SiO.

Since Cr-containing steels are widely used in industrial applications, Cr,O3-for-
mers cover a large portion of metals used at high temperatures. For the highest
temperature applications only nickel- or cobalt-based superalloys can be used.
These are usually Al,O;-formers similar to metallic coatings of MCrAlY type
(M=Ni, Co, Ni+Co), which are widely used to further improve hot corrosion and
oxidation resistance of superalloys.

As common for all chemical reactions, oxidation reactions depend on thermody-
namic and kinetic aspects. While the equilibrium of a reaction and the stability of
the reaction products can be described by thermodynamics, the time dependence
of the reaction is a matter of kinetics.

6.2.1
Thermodynamics of Oxidation

Thermodynamically, the oxidation reaction in eqn. 6.1 can be described by the
change of the free enthalpy AG, e.g. by the difference between the free enthalpy
of the reaction product M,O, and the reactants M und O,. For AG <0 the reaction
proceeds in the direction considered (from metal to oxide), while for AG>0 there
is the tendency for reaction in the opposite direction (reduction from oxide to me-
tal in this case). For AG=0 equilibrium conditions have been established, so both
reaction products and reactants are present. Since G depends on the concentra-
tion of the reactants and the products, it is usually replaced by the standard en-
thalpy of formation, AG®, where the normal state of the reaction is defined when
the activities of the reacting metal M and the metal oxide M,Oy are set to one. For
almost all metals relevant to industrial applications, the standard enthalpy of for-
mation is negative, so the oxides are usually stable in oxygen-containing environ-
ments while the respective metals are unstable. The enthalpy of formation is cor-
related to the standard enthalpy of reaction, AH®, the entropy of formation, AS®,
and the reaction temperature, T
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AG® = AH® — T - AS°® (eqn. 6.2)

Since formation of an oxide reduces the entropy of the system, AG® increases at
the same time, resulting in a decrease in oxide stability with increasing tempera-
tures. The standard enthalpy of formation is temperature dependent and corre-
lated to the oxygen partial pressure, po,, of the oxide according to

AG° = RTInpo, (eqn. 6.3)

where R describes the general gas constant and T the absolute temperature.

The dissociation pressure describes the O, partial pressure at which, for a given
temperature, the oxide is still stable. Below this pressure, the oxide decomposes
into metal and oxygen. Fig. 6.1 shows the dissociation pressures as a function of
temperature for several oxides, according to eqn. 6.3. With the exception of some
noble metals, the oxygen partial pressures necessary for dissociation are very low
or the temperatures where dissociation occurs are above the boiling temperatures
of the metals or alloys, so that for major industrial applications at high tempera-
tures oxidation occurs. In addition to the stability of the oxide of a particular met-
al, Fig. 6.1 allows comparison of relative stabilities for different oxides. For alloys,
the oxide with the lowest dissociation pressure at a given temperature is thermo-
dynamically the most stable one. For example, for Fe-Cr alloys Cr,O; is more
stable than FeO.

Thermodynamic data such as standard enthalpy of formation and dissociation
pressure allow predictions to be made about the oxidation products formed; they
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Fig. 6.1 Dissociation pressures of selected oxides vs. temperature. Curves
for TiO and Al,Oj3 are close together.
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do not, however, provide any information about the reaction rates. In industrially
relevant systems, the formation of thermodynamically favorable oxide phases can
be sufficiently slow such that less stable oxides form first. Furthermore, it should
be mentioned that the activity of a single element in an alloy is lower than unity,
compounds could be formed or there might be complete or limited miscibility in
the solid state. Hence, in many cases the findings for binary alloys cannot be
translated to more complex alloy chemistries. In this context ternary or multi-com-
ponent phase diagrams are needed, in particular for different gas mixtures; how-
ever, their availability is so far very limited.

6.2.2
Oxidation Kinetics

Considering a pure metal surface, formation of an oxide scale can be divided into
four steps (Fig. 6.2):

[

) oxygen adsorption at the surface

b) oxide nucleation

) lateral growth of the nuclei

d) formation of a compact oxide scale.

(s

When lateral growth of the nuclei is concluded, the metal surface is completely
covered with a thin oxide film and thus separated from the gaseous environment.
At elevated temperatures and sufficiently high oxygen partial pressures, steps
(a—c) occur very rapidly, hence having only a minor effect on the oxidation
kinetics. However, the initial phase of oxidation can substantially influence the
formation of the oxide scale, as will be shown later.

Once a thin, compact film has been formed on the metal surface, further
growth of the oxide scale is controlled by mass transport through the oxide scale.
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Fig. 6.2 Model of oxide scale formation on a
metallic surface. (a) Oxygen adsorption at the
surface, (b) formation of nuclei, (c) lateral

©@

growth of nuclei, and (d) growth of the com-
pact oxide scale.
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Depending on the type and morphology of the oxide scale, the following mecha-
nisms can contribute to mass transport to varying extents:

e gas transport through micro/macro cracks and voids
e grain boundary diffusion
¢ volume diffusion.

The single transport mechanisms can effect the growth rate of the oxide scale. At
low temperatures, mass transport is predominantly influenced by grain boundary
diffusion due to its lower activation energy, and by cracks and voids that may pro-
vide direct access of oxygen to the metal surface. At elevated temperatures, mass
transport can be dominated by volume diffusion. Along with temperature, the oxy-
gen partial pressure, oxidation time, surface condition, and pretreatment of the
metal may substantially affect oxidation kinetics.

6.2.2.1 Disorder Features in Oxides
Oxides are compounds characterized by a high portion of ionic bonding. Metal
ions and oxygen ions form cation and anion partial lattices, which, as a whole,
form an electrically neutral lattice. Continuing oxide scale growth is only possible
if diffusion processes through the oxide scale provide mass transport (Fig. 6.3).
Determination of the oxide scale growth, the diffusion rate of the reactants, and
the migration mechanisms is closely linked to the disorder of the reaction prod-
uct. Particularly at elevated temperatures, any solid matter deviates from the ideal
crystallographic lattice configuration. Point defects such as vacant lattice sites (va-
cancies), or interstitial lattice sites are important for mass transport. During oxida-
tion the following reaction products can be formed:

o compounds with stoichiometric composition
¢ compounds with non-stoichiometric composition.

For stoichiometric compounds, four borderline cases can be distinguished that
each describes anion or cation mobility or diffusion of both species (Frenkel and
Schottky disorder). For oxides that deviate from stoichiometric composition, main-
taining electroneutrality dictates electron disorder in addition to ion disorder.
Since electron mobility is several orders of magnitude higher than ion mobility,

Q, Atmosphere

Fig. 6.3 Schematic representation of mass transport (anions,
cations and electrons) through oxide scales.
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these compounds are practically pure electron conductors (semiconductors). Semi-
conductors are divided into the following groups relevant to describe oxidation
processes:

e electron excess conductors (n-conductors) with
—metal excess (metal ions located at interstitials)
—non-metal deficit (non-metal ion vacancies)
o electron defect conductors (p-conductors) with
—metal deficit (metal ion vacancies)
—non-metal excess (non-metal ions located at interstitials).

NiO is an example of an electron defect conductor with metal deficit; the oxide
has a NaCl structure (Fig. 6.4). Due to the electroneutrality condition, the nickel
vacancies must be compensated by a corresponding number of positive charges.
In a simplistic description this can be achieved by Ni** ions that are incorporated
into the Ni** lattice resulting in electroneutrality of the complete crystal.

For both electron excess and electron defect conductors, the dependency of the
vacancy concentration on the oxygen partial pressure can be calculated by:

-1
N

n-conductor: [vacancies| = po, (eqn. 6.4)

p-conductor: [vacancies] ~ po," . (eqn. 6.5)

The value of v depends on the composition of the oxide formed and is typically
between 2 and 8. Therefore, the disorder of the oxide determines which species
are mobile in the course of oxidation. The driving force for diffusion is the con-
centration gradient of the vacancies in the oxide such that, e.g. in NiO, nickel

@ Vacancy

- T 1\ 0=
[+ L) 0
 — Py s
; ;, ) 0 Ni
| "' 4 4 d— . Ni3*
Fig. 6.4 Model of disorder in NiO. Since NiO is an electron defect

conductor, diffusion is via nickel ion vacancies. For electroneutrality
bivalent nickel ions are replaced by trivalent nickel ions.
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Fig. 6.5 Transport mechanisms through ox- tivity grow at the metal-oxide interface and
ide scales without (a, b) and with (c, d) crack can heal cracks by oxide formation (a and c).
formation. Oxide scales with cation conduc-

ions diffuse outward since, according to eqn. 6.5, the nickel vacancy concentration
is highest at the oxide/oxygen interface.

Therefore, disorder in oxides does not only determine the location for scale
growth, but also influences the crack healing capability of the oxide scale, i.e. the
ability of the oxide scale to close cracks by oxide re-growth during high tempera-
ture exposure (Fig. 6.5).

Oxide layers with predominantly cation conductivity grow at the oxide-gas inter-
face (Fig. 6.5a), while predominantly anion conductivity leads to scale growth at
the metal-oxide interface (Fig. 6.5b). Obviously only oxide scales with cation con-
ductivity can close cracks (Fig. 6.5¢). Crack formation in oxide scales with anion
conductivity results in enhanced local attack of the base material (Fig. 6.5d) since
these cracks can not heal and oxygen is continuously supplied to the crack tip.

6.2.2.2 Kinetics
Growth of the oxide scales as a function of time can be described by growth laws.
For diffusion-controlled scale growth a parabolic dependency is found:

dx _kp
T (eqn. 6.6)

or

X =k, t+C (eqn. 6.7)
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Fig. 6.6 Schematic representation of rate laws for oxide scale forma-
tion. In practice, often more complex and combined rate laws are ob-
served.

where x is the thickness of the oxide scale, k;, is the parabolic rate constant, and C
is an integration constant. In practical applications a number of different growth
laws are reported, some of the borderline cases are displayed in Fig. 6.6.

However, even more complex or combined growth laws can be observed, for ex-
ample, if the oxide scale grows linearly after initial parabolic oxidation, or if linear
kinetics are followed by the formation of a protective oxide layer leading to para-
bolic, cubic, or logarithmic growth. However, often the parabolic rate constant, kp,
is used as a measure to characterize and compare the oxidation resistance of dif-
ferent materials.

The temperature dependency of the rate constant, k, of the reaction can be de-
scribed with an Arrhenius law:

k=Xko- e (&) (eqn. 6.8)

where k; is a temperature-independent pre-factor, Q is the activation energy, R is
the general gas constant, and T the absolute temperature. Arrhenius diagrams,
where the parabolic rate constant ki, or log ky, are displayed vs. 1/T, enable com-
parison of the oxidation resistance of different materials over a wide temperature
range, and allow calculation of the activation energy, Q, of the oxidation reaction.

6.2.3
Oxidation of Alloys

In principle, the oxidation of multi-component alloys does not differ from that of
pure metals. Depending on the type, quantity, and number of alloying elements,
the oxidation behavior of an alloy can be substantially different compared to pure
metals. The following factors must be considered:
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e influence of the base metal

e alloy composition

o enthalpy of formation of the relevant oxides

o effect of dissolved oxides of the alloying elements on the disorder of the protec-
tive oxide scale

o formation of mixed oxides

o formation of ternary oxides (e.g. spinels)

e diffusion within the alloy

e solubility and diffusion of oxygen in the metal phase (internal oxidation)

e ratio of the rate of formation of different oxides.

In the following, two phenomena will be briefly described which are typically ob-
served during oxidation of alloys: selective oxidation (usually desired) and internal
oxidation (usually not desired). Both types can be influenced by some of the pa-
rameters listed above.

6.2.3.1 Selective Oxidation

Selective oxidation is often observed in alloys with widely differing stabilities of
the alloying elements. The less noble element forms a continuous oxide layer,
which, under ideal conditions, remains stable for long service times and effec-
tively reduces the corrosion rate of the material. As already mentioned, the selec-
tive oxidation of alloying elements forming continuous SiO, Al,Os;, and Cr,0;
scales is key for the good oxidation resistance of high temperature materials.
For example, nickel-based superalloys rely on the selective oxidation of aluminum
(5-8 wt.%), which forms continuous alumina scales.

Selective oxidation is not only influenced by the type of alloying addition, but also
depends on temperature and oxygen partial pressure. As already discussed in section
6.2.1, the latter parameters decide whether or not the respective oxide scales can be
formed from a thermodynamic standpoint (Fig. 6.1). For example, in Al-containing
superalloys the dissociation pressure of alumina is much lower than that of nickel
oxide thus making alumina the thermodynamically stable oxide.

Moreover, for a particular alloy system, and given oxidation conditions, a critical
content of the active constituent is required to bring about selective oxidation.
Considering an A-B alloy that does not form mixed oxides or spinels, and where
B is the less noble element, three borderline cases can be distinguished (Fig. 6.7):

a) For low B concentrations, only A forms an oxide (Fig. 6.7a). B is enriched at
the alloy/A oxide interface until the critical concentration to form B oxide is
reached.

b) If the concentration of B is sufficiently high, only B oxide is formed and A dif-
fuses into the alloy (Fig. 6.7b). Once the B content falls below a critical value,
e.g. due to A enrichment in the diffusion zone, A oxide can be formed.

c) For intermediate concentrations of A and B, both A and B oxide form
(Fig. 6.7 ¢).
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Fig. 6.7 Diffusion processes during oxidation of a binary A-B alloy. Selective oxidation to form a
continuous protective layer is for case (b) only.
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According to Wagner [7, 8], the critical concentration, N, beyond which only B
oxide is formed can be expressed for compact and void-free oxide scales by:

v n-ky\?
NB — P .6.9
crit. Zp - MO ( D ) (eqn )

where: V:' molar volume of the alloy
zg: valency of the B atoms
M. atomic weight of oxygen
D: self-diffusion coefficient of B in the alloy

ky: parabolic rate constant for exclusive formation of B oxide.

For many materials used in industrial applications the critical content can be cal-
culated with reasonable accuracy. However, there are exceptions where the calcula-
tions are not in agreement with the experimental data. A detailed description can
be found in [7, 8].

6.2.3.2 Internal Oxidation

If oxygen can be dissolved in an A-B alloy during oxidation, oxide formation of
the less noble constituent, i.e. B, can occur within the alloy. The following prere-
quisites for this to happen must be fulfilled:

e Oxygen solubility in metal A and alloy A-B

e B has a greater oxygen affinity than A

¢ oxygen must have a higher diffusion rate into the alloy than B diffuses to the
surface

B must not exceed a maximum concentration leading to external oxide scale for-
mation.

A transition from internal to external (selective) oxidation is observed if a critical
concentration is reached by enrichment of the less noble B constituent, which re-
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sults in formation of an external B oxide layer. According to Wagner [7, 8], the
critical concentration for the transition from internal oxidation to external scale
formation can be expressed by the following relationship:

" 1
ng NoDoVM 2
Nf = (22220 °N .6.10
B ( 2DgVo, (eqn. 6.10)

where NoDg is the oxygen permeability in A, Dy the diffusivity of B, g* a factor
(typically ~0.3) and V) and Vg, are the molar volumes of the alloy and the ox-
ide, respectively.

Wagner’s theory for internal oxidation is based on a number of idealizations,
which often are not fulfilled in a real system; so, in practical applications, many
examples seem to contradict his theory. A critical review of this topic has been
published by Douglass [9], who focused particularly on the following issues: (a) ef-
fect of alloy element concentration and the effect on the reaction kinetics, (b) mor-
phology of precipitates, (c) internal oxide bands, (d) intergranular internal oxida-
tion, (e) non-stoichiometric precipitates, (f) precipitates with a high solubility
product, and (g) absence of further oxidants. Douglass concludes from his work
that indeed there are many examples for which Wagner’s theory does not apply;
however, it is undoubtedly the basis for a better understanding of oxidation phe-
nomena [9].

6.3
Oxidation Behavior of Titanium Alloys and Titanium Aluminides

As already discussed in detail in Chapter 1, the classic high temperature titanium
alloys are from the classes of a+ or near-a alloys, which provide the best combi-
nation of mechanical properties and oxidation resistance. For higher application
temperatures, these conventional alloys are supplemented by titanium alumi-
nides. In both classes of alloys, aluminum is the most important alloying ele-
ment. Modern conventional high temperature titanium alloys contain up to 6
wt.% aluminum, while the aluminum content of titanium aluminides is typically
between 25 and 50 at.%.

There are two principal effects relevant to the oxidation of titanium alloys and
titanium aluminides:

e formation of an oxide scale
e dissolution of non-metals in the subsurface zone of the alloys.

Depending on the alloys, both phenomena can have different effects on the oxida-
tion behavior and the mechanical properties of the entire system. Since many of
the aspects discussed in the following are common for titanium alloys and tita-
nium aluminides, there will be no explicit distinction between the alloy classes
unless stated otherwise.
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6.3.1
Oxide Scale Formation

6.3.1.1 Ti-Al-O Phase Diagram

Unlike high temperature materials based on Fe, Ni, or Co, where excellent oxida-
tion resistance relies on the formation of thermodynamically stable Cr,03, Al,Os3,
or SiO, scales, the stability of Al,O3 and TiO are very similar (Fig. 6.1). This fact
hinders the selective oxidation of Al to form Al, O3, so the titanium base metal is
oxidized as well. Due to the strong disorder in their lattice structure, TiO and
other titanium oxides are fast growing and do not form protective oxide scales;
therefore, sufficient oxidation resistance can only be achieved by the formation of
an Al,O; layer. Note, in the following discussion Al,O3 (or alumina) will always
refer to the a-Al,O; phase since for titanium-based alloys the corundum phase is
almost always found at relatively low oxidation temperatures. Moreover, in prac-
tice TiO; is usually found rather than TiO since the monoxide is rapidly oxidized
to the dioxide. However, for thermodynamic consideration, TiO is typically used
in the literature.

A prediction of the stability of TiO or Al,0; in equilibrium with one or more
metal phases of an alloy is only possible if the activities of Ti and Al in the respec-
tive phases are known. For the Ti-Al system the activities of the constituents Ti
and Al deviate from ideal Raoult behavior, which predicts a linear relationship of
the activities and the chemistry. This deviation is mainly caused by the formation
of intermetallic phases. Therefore, the stability of TiO and Al,O; depend on the
composition of the respective metallic phases. Initial thermodynamic calculation
by Rahmel and Spencer [10] as well as by Luthra [11] have indicated that alumina
is more stable than titania if the aluminum content is in excess of 50-55 at.%.
The resulting ternary Ti-Al-O phase diagram is shown in Fig. 6.8a. More recent
calculations based on the measurement of the Al and Ti activities in the Ti-Al sys-
tem provide evidence that TiO is more stable than Al,O; [12, 13]. However, exactly
the opposite effect was found by experimental investigation of the phase equilib-
ria in the Ti-Al-O system, namely Al,0; being more stable than TiO. Surprisingly,
this is not only true for the y and y+a, regions relevant to titanium aluminides,
but also for aluminum contents between 1 and 25 at.% [14-16]; the resulting ter-
nary phase diagram is shown in Fig. 6.8b [17]. This result is particularly surpris-
ing since there obviously does not exist a thermodynamic barrier for the forma-
tion of Al,Oj; layers over the entire region of industrially relevant compositions of
the Ti-Al system. However, in practice, protective alumina scales are rarely found,
particularly for low Al contents as present in conventional titanium alloys, o, tita-
nium aluminides, and orthorhombic Ti,AINDb-based titanium aluminides (see
Chapter 3).

Among the potential reasons for the differences in the thermodynamic calcula-
tions and the experimentally determined Ti-Al-O phase diagram, differing oxygen
solubilities in the various Ti-Al phases are believed to play a key role. These were
neglected in the early thermodynamic calculations and might be important for the
formation of the relevant oxide phases [15, 18]. Thermodynamic modeling has re-
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Fig. 6.8 Isothermal section of the Ti-Al-O phase diagram: (a) calculated at
800°C after Luthra [11], (b) after experimental data [17].



6.3 Oxidation Behavior of Titanium Alloys and Titanium Aluminides

vealed that calculations of the Ti-Al-O phase diagram can be adjusted more pre-
cisely to experimental findings when oxygen solubilities are considered [15, 19].

Moreover, formation of a new ternary Ti,Al,O, phase is discussed, designated as
“Z’or “X” phase. This phase (or phases), which has a composition range of Ti-
(25-35)Al-(15-20)O (at.%), is particularly found in the Al-depleted, oxygen-rich zone
beneath the oxide scale on vy titanium aluminides. The existence of this Ti-Al-O
phase, whose thermodynamic properties are largely unknown and whose stability
[20] or metastability [21] is not clear yet, might also contribute to the discrepancy
between calculated and experimentally verified phase equilibria in the Ti-Al-O sys-
tem reported above [22]. Obviously, intensive research efforts are necessary to clarify
the phase equilibria in the Ti-Al-O system. However, it should be mentioned again
that contrary to common sense, alumina is the thermodynamically stable oxide
phase for y and y+a, alloys, so there is no thermodynamic barrier for the formation
of alumina layers on these alloys. Kinetic effects that hinder the formation of protec-
tive alumina layers on industrial alloys have not yet been identified [17].

Even if the discussion of the Ti-Al-O phase diagram has not been concluded
yet, it clearly indicates the issues of protective alumina scale formation particular-
ly for low Al-containing titanium alloys. Therefore, phenomenological aspects of
titanium alloy and titanium aluminide oxidation will be discussed to help general
understanding of material behavior under oxidizing conditions, rather than pro-
vide detailed knowledge for specific alloys. The oxidation behavior of orthorhom-
bic titanium aluminides is described in more detail in Chapter 3.

6.3.1.2 Oxide Scale Growth
The formation of an oxide scale during thermal exposure of titanium alloys is di-
rectly influenced by thermodynamics, such as the similar stabilities of TiO and
Al,03, and kinetic aspects, such as the high growth rate of TiO, relative to Al,Os.
Fig. 6.9 shows a sketch of the oxide scale and oxygen interdiffusion zone of tita-
nium-based alloys with different aluminum contents exposed to identical thermal
conditions. For pure titanium, more than 50% of the oxygen is incorporated into
the metal forming an oxygen diffusion zone, while a minor amount contributes
to formation of an external TiO, layer. The reasons for, and the impact of, the
high oxygen solubility in titanium will be addressed in more detail in section
6.3.2. Addition of aluminum decreases the width of the oxygen-affected zone
while, on a relative basis, the portion of the external oxide scale increases. The ox-
ide scale typically now has a multilayer microstructure consisting of a heteroge-
neous mixture of TiO, and Al,O3 in varying proportions and of a TiO, top layer
[23-27]. Addition of more aluminum leads to a reduction in oxide scale thickness,
e.g. the oxidation resistance of the oxide scale is generally improved. However, for-
mation of alumina scale alone is observed for TiAl;, which also yields a very thin
oxygen-affected subsurface zone.

Beneath the oxide scale within the oxygen-enriched zone, an aluminum-de-
pleted zone can form as a result of scale-forming aluminum depletion, which in
turn has a direct effect on the stability of the types of oxides formed (see also sec-

201



KiXy

20

40

&0

&0

202 | 6 Oxidation and Protection of Titanium Alloys and Titanium Aluminides

1105, (ALO,) oAl 0
Tio,
Tio, L2 S B - /
AlO4+TIO, |/ /L

| ALOy+TIO i =

Fa ML TiO,+ALO, |/ |_T|02+AI203

\ / Al O,

\| TiograLo, | /] Oxveen
/| Diffusion Zone
Oxygen J
Diffusion Zone Oxygen /

Diffusion Zone |/

Increasing Oxidation Resistance ——»

Fig. 6.9 Schematic representation of oxide scales and oxygen diffusion zones of titanium-base
alloys (after Smialek et al. [149]).

tion 6.3.1.1). According to eqn. 6.9, defining the critical aluminum content that
must not fall below a certain level in order to form alumina, the rate at which the
critical level is reached strongly depends on the oxidation kinetics and the diffusiv-
ity of aluminum. It is therefore possible that after initial formation of a protective
alumina scale a heterogeneous mixture of TiO, and Al,0; can be formed during
extended exposure. This is particularly relevant in the case of phase transforma-
tions (e.g. TiAl - Ti3Al). In this context it must be noted that most titanium alloys
have multiphase microstructures, so the alloy microstructure can also influence
the formation of the oxide scale. For example, a coarse cast microstructure of a
(Ti;Al+TiAl) alloy promotes formation of a heterogeneous TiO,-Al,O3 scale while
for a fine lamellar arrangement of Ti;Al exclusive formation of Al,O; was ob-
served, resulting in low oxidation rates [28]. A similar effect was found for conven-
tional titanium alloys. Near-a alloy TIMETAL 1100 with a lamellar microstructure
has a greater oxidation resistance than with a bimodal microstructure [29].

The schematic presentation in Fig. 6.9 does not describe the arrangement of ox-
ide scales of particular alloys in a universally valid way; however, it provides a clue
about principal differences. Oxide scale formation in isolated cases depends on a
number of parameters such as alloy chemistry, exposure temperature and time, as
well as oxidizing atmosphere. The structure of oxide scales on multi-component
alloy systems can be far more complex than that shown in Fig. 6.9. In Fig. 6.10 a
cross section through the oxide scale of y TiAl alloy Ti-45Al-8Nb is shown after
200 h oxidation in air at 1000°C. The multilayer oxide scale consists of an outer
alumina scale that is locally interrupted by TiO,. Underneath this layer a two-
phase zone is formed with TiO, being the predominant oxide phase present. Al-
most mid-way, a zone consisting of a mixture of NbO, and Al,Os is observed,
again followed by a mixture of TiO, and Al,0;. In the oxide-metal transition zone
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a Nb-rich layer is evident. Locally enhanced oxidation occurs for this alloy (after
200 h at 900°C in this case) accompanied by internal oxidation (Fig. 6.10b). The
area of internal oxidation is characterized by the formation of needle-like oxides,
mainly Al,O3, TiO,, and Nb,Os.

Fig. 6.11 gives an impression of the surface topology of near-o alloy TIMETAL
834 oxidized at 750°C for 100 h. While major parts of the surface are covered
with characteristic rutile (TiO,) crystals (Fig. 6.11a), locally cube-like oxides are
formed (Fig. 6.11b) indicative of Al,0;. The behavior of the oxide scale under
thermal cyclic conditions strongly depends on the alloy composition, which deter-
mines type and extent of the oxide scales formed. Fig. 6.12 shows the macroscopic
appearance of the surfaces of near-o alloy TIMETAL 834 (a), orthorhombic tita-

AlLO,

TiO,+(ALO,)

NbO,+ALO,

r Nb-rl[h |a'_y'er Alzog"'.rloa
{ l‘w:, 1

v TiAl-Alloy

!
Internal Oxida

(ALO,, TiO,, Nb,O,) !

b)

Fig. 6.10 Metallographic cross-section through the oxide scale of
Ti-45AI-8Nb after air exposure: (a) 200 h/1000°C, (b) 200 h/900°C.
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Fig. 6.11 Different oxide morphologies on
TIMETAL 1100 after 100 h air exposure at
750°C (top view).

nium aluminide alloy Ti-22Al-25Nb (b) and y TiAl alloy Ti-45Al-8Nb (c) after
1000 h oxidation in air at 750°C. For the near-a alloy, rapidly growing oxide scales
tend to spall during cooling after a critical thickness has been reached and, subse-
quently, new oxide forms (dark areas on the surface, Fig. 6.12a). However, the ox-
ide scales formed on the orthorhombic alloy demonstrate reasonable adhesion ex-
cept at the edges, where these scales tend to spall as well but do not typically ex-
pose the metal surface (Fig. 6.12b). There is no sign of oxide scale spallation for
the y TiAl alloy (Fig. 6.12¢); the thin gray alumina scale is still intact after 1000 h
oxidation.

5 mm

Fig. 6.12 Macrographs of three titanium alloys after 1000 h cyclic oxidation
at 750°C, (a) near-a alloy TIMETAL 834, (b) orthorhombic titanium alumi-
nide Ti-22A1-25Nb, (c) y TiAl alloy Ti-45AI-8Nb.
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Different kinetics of oxide scale growth of titanium alloys and titanium alumi-
nides are shown in Fig. 6.13. While the two vy alloys Ti-48Al-2Cr-2Nb and Ti-45Al-
8Nb show moderate oxide scale growth under isothermal (a) and cyclic (b) condi-
tions, significant mass changes due to rapid oxide scale growth and subsequent

500 1500 2000

2500 3000

—®— Ti-48Al-2Cr-2Nb
—¢— Ti-45A1-8Nb

220 - | —®— Ti-22Al-25Nb
—A— Ti-48Al-18Nb
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N
1

24 | % Ti-48A1-2Cr-2Nb
—o— Ti-45Al-8Nb

b) Number of 1-h Cycles

Fig. 6.13 (a) Quasi-isothermal and (b) cyclic oxidation behavior of different
titanium-based alloys in air at 750°C.
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scale spallation are obvious for near-a alloy TIMETAL 834, orthorhombic Ti-22Al-
25Nb and high Nb-containing Ti-48Al-18Nb. Notably, failure of the oxide scales
can generally not be attributed to a certain (critical) oxide scale thickness, but de-
pends on various factors such as the type of oxide scale and the alloy itself. This
is particularly evident by comparing the cyclic oxidation behavior of TIMETAL 834
to Ti-22A1-25NDb and Ti-48Al-18Nb. As can be concluded qualitatively by the great-
er mass increase experienced by Ti-22A1-25Nb and Ti-48Al-18NDb, the oxide scale
thickness attained before scale spallation occurs can be much greater than for
TIMETAL 834. For Ti-22AI-25ND it is expected that the reasonable adhesion of the
oxide scale is particularly related to the equiaxed morphology of the oxide phases
formed, which obviously provides some damage tolerance [30].

The effect of temperature and alloy chemistry can be concluded from the Arrhe-
nius plot (according to Eqn. 6.8) shown in Fig. 6.14. The rate constant increases
with temperature, i.e. according to Eqn. 6.7, so the oxide scales formed during
identical oxidation times are thicker. With increasing Al content, oxidation ki-
netics approach that of heterogeneous oxide scale formation and Al,O; formation,
respectively, so the protection provided by the oxide scales is increased. Additional
alloying elements can significantly change oxidation resistance of titanium alloys
(see also section 6.3.1.3); e.g. Nb can improve oxidation of Ti;Al-based alloys sig-
nificantly. As an alloy from the class of near-o alloys, TIMETAL 1100 follows TiO,
kinetics, since the aluminum content of about 6 wt.% is too low, so the oxide
scales grow rapidly and lack of protection.

©
N O &
L EELEL P &
04
= TiO,
£ -21
©
2 TIMETAL 1100
& -4 .
E, Ti Al
= TizA+TIAl
61 TIAl TizAl-10Nb
-8 . . . . : :
6 7 8 9 0 N 12 13

1/T 10'[K™]

Fig. 6.14 Arrhenius plot of the parabolic rate law for Ti-Al alloys (after
[76]). The borderline curves for TiO,- and Al,O3-formers are included.
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Relative to TiO,, alumina has limited disorder, therefore mass transport is
mainly within the titanium dioxide or along phase boundaries in the case of het-
erogeneous Al,0;+TiO, formation. Disorder of TiO, is strongly dependent on the
environmental conditions. At low pressures and high temperatures, interstitial
titanium ions are the major defects; while at high oxygen pressures and low tem-
peratures, disorder is dominated by oxygen anion vacancies — therefore the com-
position of titanium oxide can be described more generally as Ti;,O,_y [3]. Trans-
port processes in the oxide scale and its growth direction can be influenced by
alloying elements. For example, the number of oxygen anion vacancies can be
reduced by interstitial dissolution of Al in TiO, [31] (see also section 6.3.1.3).
Therefore, outward growth of the oxide scale by cation transport is 10% for pure
titanium, while for TiAl 30% of the oxide scale grows outwardly [32].

The crack healing capability of oxide scales is an important feature for applica-
tion of high temperature materials since the protective nature of the oxide scale
for long-term applications, and potentially under mechanical loading, can only be
maintained if cracks can be closed by oxide formation during exposure. Crack
healing can only be achieved by the outwardly growing part of the oxide scale
[33]. Furthermore, crack healing requires a strain rate low enough to close the
crack by oxide formation; the rate of which depends on the rate of formation of
the oxide scale [32]. For binary TiAl, the critical strain rate for crack healing is on
the order of 107 s™. The addition of 2% Nb can increase the strain rate by one
order of magnitude [34]. No systematic studies on the crack healing behavior of
conventional titanium alloys have been reported yet.

6.3.1.3 Effect of Alloying Elements

The effect of alloying additions, other than aluminum, in titanium alloys is lim-
ited to selective formation and stabilization of the alumina scale or reduction of
the growth rate of the Al,03+TiO, mixed oxide scale, since there is no oxide that
forms slow-growing scales with a higher thermodynamic stability than TiO, or
ALO; [32].

In addition to the thermodynamic requirements for alumina formation, protec-
tion can only be achieved if the conditions for continuous alumina scale forma-
tion are fulfilled, as described by eqn. 6.10. Although in most real systems forma-
tion of transient oxides of the base metal, for example, require the portion of
scale-forming elements to be higher than calculated, eqn. 6.10 shows a qualitative
way to improve oxidation of titanium-based alloys by alloying additions. The criti-
cal aluminum content, N}, can be reduced by such alloying additions, which de-
crease the oxygen solubility and diffusivity (No, Do) and/or increase the alumi-
num diffusivity (Da)) [35, 36]. The B-stabilizing elements show a major effect that
is limited, however, to temperatures above 1200°C, and thus far beyond the appli-
cation temperatures even for titanium aluminides. Furthermore, formation of
Al,0; can be promoted by higher aluminum activities, and the mass transport in
TiO, can be altered by doping. However, there is no information available about
elements that substantially increase the aluminum activity.
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Doping TiO, can influence its disorder when Ti** ions are replaced by ions
with higher valencies, such as Nb>*. Thus, the oxygen vacancy concentration V¢
according to eqn. 6.11 is reduced [37]:

Rutil
Nb,Os + V& — = 2Nb%, + 2Ti0, (eqn. 6.11)

On the other hand, elements with a lower valency increase the vacancy concentration
in rutile, given that they occupy the titanium sites in the oxide lattice. However, it
appears fairly unlikely that doping can reduce the growth rate of the rutile to that
of alumina [32]. Elements with lower valency increase the number of vacancies,
i.e. low amounts of aluminum accelerate the oxide scale growth rate by the forma-
tion of AI** unless the content is high enough to form discrete Al,O; scales.

Niobium is known to particularly improve the oxidation resistance of y TiAl
and a, TizAl titanium aluminides. Fig. 6.15 [38] summarizes literature data of al-
loys in the composition range Ti-(22-25)Al-(0-27)Nb (at.%). Depending on the ex-
posure temperature, between 10-15 at.% ND is most effective; the parabolic rate
constants are lowest, indicating the best oxidation resistance. For y TiAl alloys the
beneficial effect of Nb has been well known for quite some time (see e.g.
Fig. 6.13); quite obviously, an optimum concentration must be found. While 8-
10 at.% Nb typically improves oxidation resistance, 18 at.% leads to formation of
less protective oxides scales. Similar to the findings for alloys in the Ti-(22-25)Al-
(22-27)Nb (at.%) range, Nb-containing oxide scales absent a continuous alumina
scale form if the Nb content is too high (see also Chapter 3).

The mechanistic reasons for the Nb effect have been discussed in the literature
for a while. The following mechanisms have been proposed (after [39]):

2 gb O  Ti-22A1-27Nb (800°C)
YV Ti-22A1-23Nb (800°C)
-39 A Ti-23,3A1-16 5Nb (800°C)
- N  Ti-24A-11Nb (800°C)
-4 V. B00°C|  m  Ti24A110ND (800°C)
i H Ti-25A1-5Nb (800°C)
t 5 ®  Ti-25Al (800°C)
9 X O Ti-25A1-xNb (800°C, cydlic)
i< A @ 750°C . .
E 6 @  Ti-25A1-xNb (700°C, cyclic)
& @ Ti-25A1-22Nb (650, 750, 800°C [100h])
= ¥ Ti-25A1-22Nb (650°C [1000h])
! [ ]
o $os0°c
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Fig. 6.15 Influence of the Nb content of Ti-(22-25)Al-xNb alloys on the parabolic rate constant
of oxidation.
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e Formation of a stable Ti-rich nitride layer at the metal-oxide interface that acts
as a diffusion barrier against anion and/or cation mass transport.

e Increase of the aluminum activity relative to titanium, thus promoting forma-
tion of an alumina scale.

e Enrichment of Nb just below the oxide scale that alters diffusion processes such
that the transport of metal ions and/or oxygen ions is reduced.

e Doping of the TiO, lattice by Nb>* ions (see above).

e Formation of Nb,Os that forms mixed oxides with TiO, and Al,0Os3, thus improv-
ing adhesion of the oxide scale and blocking diffusion paths.

e Reduction of oxygen solubility in the alloy.

At this point the only mechanism that can be ruled out is that Nb is assumed to
increase the Al activity relative to titanium. Measurements of the activities in the
Ti-Al-NDb system have shown that the addition of Nb to y TiAl alloys reduced the
Al activity, which should promote formation of TiO, rather than alumina [40]. All
other mechanisms appear to be realistic so far, and it is very likely that more than
one mechanism plays a key role in the improvement of oxidation resistance.

Examples of the effects of further alloying elements on the oxidation resistance
of titanium alloys will be discussed in section 6.4.1.

6.3.1.4 Effect of Atmosphere

Comparative studies on the oxidation behavior of conventional titanium alloys and
TizAl-based alloys in air and in pure oxygen have typically shown a better oxida-
tion resistance in air. On the contrary, for y TiAl-base alloys, higher and lower oxi-
dation rates have been reported in air or pure oxygen depending on alloy compo-
sition and oxidation time; this behavior is designated the “nitrogen effect’.
Although a number of mechanistic studies have been performed on the nitrogen
effect (e.g. [18, 41-44]) universally valid statements are difficult to make and in
most cases the mechanisms are not yet fully understood. It has been often re-
ported that oxygen appears to promote the formation of Al,O3, while nitrogen hin-
ders the formation of a protective alumina scale. This is particularly seen in the
initial stages of oxidation due to formation of a TiN layer, which facilitates forma-
tion of heterogeneous TiO,-Al,0; oxide scales. As a consequence the oxidation
rate in air is higher than in pure oxygen, where alumina scale can form undis-
turbed. Although the nitride layer is often dissolved after extended exposure, a
continuous alumina scale can no longer be formed. On the other hand, the ni-
tride layer can act as a diffusion barrier, thus reducing the aluminum depletion
underneath the oxide scale, which in turn promotes formation of Al,O; leading to
improved oxidation resistance.

As shown in Fig. 6.16 for y TiAl alloy Ti-45Al-8ND, temperature has a signifi-
cant effect on oxidation kinetics. While at 900°C the oxidation reaction is slower
in oxygen than in air, breakaway oxidation occurs in oxygen at 1000 °C after initial
low mass gain, which finally leads to more rapid oxide scale growth compared to
air. Breakaway oxidation in air is retarded at extended exposure times.
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Fig. 6.16 Oxidation behavior of Ti-45AI-8Nb depending on atmosphere
and temperature.

The effect of other media on the corrosion resistance of titanium alloys and tita-
nium aluminides has been far less extensively studied than oxygen and air, where
exposure to air is certainly the most relevant in view of industrial applications. How-
ever, it has been known that titanium-based alloys are prone to hot corrosion attack.
In the temperature range between 650 and 750 °C, the envisaged temperature range
for the use of y TiAl alloys, the rate of metal consumption by hot corrosion attack is
on the order of 20 times higher than that caused by oxidation attack alone [45].

6.3.2
Dissolution of Non-metals in the Subsurface Zone of Alloys

According to the Ti-O phase diagram, a Ti can dissolve up to 33 at.% oxygen
(Fig. 6.17), which is interstitially incorporated into the lattice, either randomly or or-
dered at alternating (0002) planes of the hexagonal titanium lattice [37, 46]. Due to
oxygen incorporation, the titanium ions are shifted towards the c-axis [46]. Up to
22 at.% nitrogen can be dissolved in Ti and also changes the lattice parameter
[47]. Incorporation of oxygen and/or nitrogen leads to anisotropic lattice distor-
tion, thus hindering dislocation mobility and alters the sliding behavior. Similar to
a Ti, the intermetallic phases o, Ti3Al and y TiAl can dissolve oxygen and nitro-
gen; however, to a more limited extent. The oxygen solubility of Ti;Al is reported
to be between 10-20 at.% [14, 18, 48], while y TiAl can only dissolve 1-2 at. % [14].

Since the oxygen/nitrogen diffusion zone is the major contributor to the envir-
onmentally affected cross section for titanium alloys (see Fig. 6.9), it is quite ob-
vious that embrittlement caused by the dissolved oxygen and nitrogen is a critical
issue in terms of mechanical properties of the materials.
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Fig. 6.17 Ti-O phase diagram (after [37]).

6.3.2.1 Effect of Non-metal Dissolution on the Mechanical Properties

Lattice distortion and preferred phase formation caused by oxygen dissolution re-
sult in hardening (embrittlement) of the affected subsurface zone of the alloy.
Fig. 6.18 shows the microhardness profile of near-a titanium alloy TIMETAL 1100
after 500 h oxidation in air at 600 and 700°C. The bright zone in the metallo-
graphic cross-section represents the o case, the oxygen diffusion zone. For conven-
tional titanium alloys, hardness can be described by a square root function:

H = H, + b[O]? (eqn. 6.12)

where H, represents the hardness of the unaffected base material, b is a constant
and [O] is the oxygen concentration in the metal.

Increasing oxygen content leads to an increase in metal hardness. The penetra-
tion depth x can be described by a simple diffusion law, such as

x = /Dt (eqn.6.13)

where t is exposure time and D represents the temperature-dependent diffusion con-
stant. According to an Arrhenius relationship, D increases exponentially with tem-
perature, resulting in a greater oxygen penetration depth for a given exposure
time, as shown in Fig. 6.18. The maximum hardness depends on the oxygen content
and, since the maximum solubility was reached, is identical at both temperatures.

Thin-walled components can be rapidly degraded across the entire cross-section,
particularly along grain boundaries where diffusion is accelerated relative to the
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Fig. 6.18 (a) Microhardness
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volume. However, ductility of the material is already degraded by the presence of
thin embrittled surface layers (Fig. 6.19). For example, after short-term exposure
at 600°C ductility of TIMETAL 1100 is significantly reduced and the fracture
strain after 100 h is only 50% of the initial strain value (Fig. 6.19a). As can be
concluded from Fig. 6.18, the embrittled zone after 100 h exposure at 600°C is
much thinner than 50 um, nevertheless causing a drastic macroscopic embrittle-
ment of the entire cross-section of the material.

This loss in ductility is clearly caused by crack formation within the embrittled
zone, which leads to rapid crack propagation into the unaffected cross-section.
While the center of the cylindrical sample indicated ductile fracture, the outer
part of the cross-section fails by brittle fracture. Similar effects are known for
Ti3Al alloys. According to Fig. 6.9 the embrittlement effect of y TiAl is less pro-
nounced, due to lower oxygen solubility in the y phase. Furthermore, these alloys
are inherently much less ductile than conventional alloys, making the embrittle-
ment effect more difficult to detect. However, embrittlement of titanium alumi-
nides must be taken seriously, particularly for Ti;Al- and orthorhombic Ti,AIND-
based alloys [17, 38].
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Fig. 6.19 (a) Fracture strain of TIMETAL 1100 vs. exposure time at 600°C and (b) correspond-
ing fractograph [38).

6.4
Measures to Improve Oxidation Resistance

Measures to improve resistance of a material to a particular environment must be
taken by materials modifications since the service conditions (temperature, atmo-
sphere, loading and life time) usually can not be changed. In general, there are
three different ways to improve the oxidation resistance of titanium-based alloys:
1) addition of alloying elements, 2) pre-oxidation and 3) coatings.

6.4.1
Alloying Elements

As already mentioned in section 6.3.1.3, the oxidation resistance of titanium alloys
can be influenced by the addition of alloying elements. Aluminum is undoubtedly
the most effective alloying addition for titanium alloys (see Fig. 6.9). However,
quite large amounts must be added, which substantially changes the mechanical
properties of the material. This is certainly a general issue for many other alloy-
ing elements, which always requires an optimization process of oxidation resis-
tance and mechanical properties.

For conventional titanium alloys, there is a lack of extensive systematic studies
on the effects of alloying elements in the open literature. Si, Nb, W, and in cer-
tain cases also Cr, can reduce mass increase by oxide scale formation on these al-
loys; occasionally, adherence of the oxide layer can be improved (Tab. 6.1). V is
known to reduce the oxidation resistance of conventional titanium alloys.

The effect of alloying additions has been studied in more detail for titanium
aluminides based on the intermetallic phases o, Ti;Al and y TiAl. Tab. 6.1 dis-
plays the oxidation resistance (the key parameter), adherence of the oxide scale,
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Tab. 6.1 Effect of alloying elements on the oxidation behavior of titanium alloys and titanium
aluminides.

Alloy Alloying element

Si Ti "4 Cr Mn Y Nb Mo Ta w Re

Ti Alloy a 1 ! Tl 1 1
bt 1l
c
d + > + ?
TizAl a oo 1 Tl 7
b
c o1 T T T
d +
TiAl a 1 N1 | 7 (R 1 T
b
c 1 o T ot 1
d + + + + +
TiAl; a1 T
b T T
c U 1
d

1 improvement; | deterioration; + influence on oxidation mechanism; a: oxidation resistance; b: ox-
ide scale adherence; ¢ Al,O3 protective layer formation; d: effect on oxidation mechanism. Sources:
Ti3Al, TiAl und TiAl; after [76]; Ti alloys: Si: [77-80], Cr: [77, 81], Nb: [79, 82], W: [82], V: [79]

formation of alumina, and the effect on oxidation mechanisms for various ele-
ments. Note, no distinction between different test temperatures and atmospheres
is made, but a general tendency is given on the basis of a variety of literature
data. Furthermore, this qualitative collection does not provide hard numbers for
the concentration of the alloying additions. As experience shows, these can vary
from 0.1 to a few 10%, depending on the alloying element. The important effect
of Nb on the oxidation behavior of titanium aluminides was already addressed in
more detail in section 6.3.1.3.

Recently, a detailed study on the effect of alloying elements on the oxidation be-
havior of y TiAl was published [49, 50]. In a screening test, different elements
were added to binary alloy Ti-48.6Al (at.%), ranging from maximum 6 wt.% for
metals and 1 wt.% for non-metals. For the test temperature of 900°C, the ele-
ments were classified into

a) detrimental (V, Cr, Mn, Pd, Pt, Cu)
b) neutral (Y, Zr, Hf, Ta, Fe, Co, Ni, Ag, Au, Sn, O)
c) beneficial (Nb, Mo, W, Si, Al, C, B).
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The classification was based on the mass gain after 100 h isothermal oxidation in air.
For Cr, Mn, Mo, and W the same classification was found at 800 and 1000 °C. Based
on their experiments, the authors divided the oxide scales formed on the different
alloys into five types [49], which mainly differed in the arrangement of the single
phases in the oxide scale and in the formation of a continuous alumina scale.

Assessment of single alloying elements requires consideration of their total
amount in the alloy. For example, while up to 6 wt.% Cr in y TiAl demonstrates a
detrimental effect on oxidation resistance [49], 12% Cr substantially improves oxida-
tion behavior. [51]. TiAl; alloys containing 8 at.% Cr exhibit excellent oxidation resis-
tance compared to binary TiAls, particularly under thermal cyclic conditions [52, 53].

Despite numerous and partly extensive studies on the effect of alloying elements
on the oxidation resistance of titanium-based alloys, general recommendations for
the use of specific additions are difficult to give. Moreover, alloys typically require
a number of alloying elements to adjust the mechanical properties, whose interac-
tion is usually unpredictable or even fairly unknown. Therefore, extensive empirical
studies are necessary to select an appropriate alloy for specific applications [54].

Recently, the microalloying effect of Cl, P, I, B, C, and Br has been discussed
for titanium aluminides. Particularly, Cl and Br demonstrated significant improve-
ment in the oxidation resistance of y TiAl alloys [55-59]. Added in small amounts,
microalloying elements promote selective Al oxidation to form alumina and there-
by change growth kinetics from TiO,/Al,0; kinetics to pure Al,O; kinetics [59].
To take full advantage of the microalloying effect, a tight control of the amount of
additions is necessary. The technical potential of this method to improve the oxi-
dation resistance of y TiAl alloys has not yet been fully explored. The low amount
of additions is expected to have a certain advantage over classical alloying addi-
tions, since minor or negligible effects of microalloying elements on the mechani-
cal properties of the intermetallic alloys are expected.

6.4.2
Pre-oxidation

The basic idea behind improving the oxidation resistance of titanium-based alloys
through pre-oxidation is to initially form a protective Al,O; scale before the com-
ponent is exposed to service conditions. According to thermodynamic equilibrium
conditions, depending on the temperature, selective Al oxidation in TiAl alloys re-
quires an oxygen partial pressure lower than 1072° Pa (see Fig. 6.1). However, oxi-
dation studies on y TiAl at 1000 °C indicated exclusive alumina formation at oxy-
gen partial pressures of 6.7 - 10~ Pa. As a consequence of these findings, a num-
ber of different powder mixtures such as Cr,0j3 [60], Cr/Cr,0;3 [61], TiO, [62], and
SiO, [63] were used to achieve well-defined oxygen partial pressures, thereby selec-
tively oxidizing Al to form Al,O;. After pre-oxidation, oxidation resistance under
atmospheric pressure was substantially better than for the untreated reference ma-
terials. However, long-term effectiveness of the pre-oxidation procedure has not
yet been demonstrated. After extended exposure times (>20h), breakaway oxida-
tion was found for the pre-oxidized alloys, and it shifted towards longer times
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with increasing Al content of the alloy [64]. Obviously, the Al reservoir available at
the metal-oxide interface plays a major role.

6.4.3
Coatings

As addressed in the previous sections, the dilemma of titanium alloys and tita-
nium aluminides used at elevated temperatures is characterized by the necessity
for improved oxidation resistance and the requirements for mechanical properties.
Measures to improve one property often lead to degradation of the other. Since
oxidation attack is mainly limited to the outer region of a component, and
mechanical properties are determined by the entire cross-section, a promising
approach to optimize both mechanical properties and oxidation resistance is the
use of surface modification technologies, particularly coating techniques.

A large variety of different coating systems have been applied to titanium alloys
and titanium aluminides for more than 30 years now. Tab. 6.2 summarizes the
major coating systems and fabrication techniques published in the open litera-
ture. Although ion plating is not a coating technique in the sense of forming an
overlay coating, since this technique modifies the surface-near area only, it has
been included into this overview.

The variety of the deposition techniques used, and the fact that several different
material classes have been studied, suggest that even contemporary research and
development has not yet brought an optimum solution to oxidation protection of
titanium alloys and titanium aluminides. To date, no coating system has proven
usable in service. As will be addressed in the following, coating systems have
been recently developed that are believed to have a realistic chance for practical
application in the near future.

With regard to practical application, the following key issues for the oxidation
protection of titanium alloys and titanium aluminides have been identified:

1) adhesion of the coatings
2) long-term stability of the coating
3) degradation of the mechanical properties of the substrate.

Adhesion of the coating is a prerequisite for its effectiveness. The deposition pro-
cess itself largely determines the adhesion of the coatings in the initial stages.
While “hot” processes such as CVD, plasma spraying, or EB-PVD promote diffu-
sion during coating fabrication and thus provide coatings with typically good ad-
herence, coatings produced by “cold” processes such as sputtering or arc PVD of-
ten require bond layers or post-deposition heat treatment to provide adequate ad-
hesion. Moreover, residual stresses as a consequence of the deposition process in-
fluence adhesion of the coatings. During exposure at elevated temperatures, differ-
ent coefficients of thermal expansion between substrate and coating, non-relaxed
residual stresses in the coating, formation of brittle intermetallic phases at the
substrate-coating interface [65], and also potentially superimposed mechanical
loads may play a key role.
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Table 6.2 Overview of several coating systems and fabrication processes for titanium alloys and
titanium aluminides.

Coating Substrate Deposition process Source, Year
Ni, NiTi Ti-6-4, Ti-6-2-4-2 electroplating [65], 1973
Pt, Pt/C, Au, Ni/Au Ti-11, Ti-6-2-4-2 ion plating (83], 1977
Pt Ti-6-2-4-2 ion plating [67], 1978
Pt cp-Ti, Ti-5Al-2.5Sn  ion plating [84], 1979
Pt Ti-6-2-4-2 ion plating [85], 1979
Pt, Pt/Rh, Au Ti-6-2-4-6 ion plating [68], 1979
Pt Ti-6-2-4-2-S ion plating [66], 1980
Pt Ti-6-2-4-2 ion plating [69], 1980
Ti-Si cp-Ti CVD [86], 1982
Si cp-Ti ion plating [87], 1985
Al Cp-Ti, Ti-6-2-4-2 EB-PVD [88], 1985
Pt Ti-6-2-4-2 ion plating [89], 1985
TiAl, TiAls Cp-Ti CVD [90], 1986
Al, Silicates, Al-Silicates, Ti-6-2-4-2 EB-PVD, CVD, [91], 1987
Si0,, Al-SiO, sputtering

Al,03, Al,05/Ni, Al,03/ KS 50 plasma spraying [92], 1988
Ni-Ct, ALO;/TiO,

TiAl; Ti-14A1-24Nb CVD [93], 1988
Ti-Si Ti CVD [94], 1988
Cr, Pt, TiAl, Ni, Ti;Al+Nb,  IMI 829 sputtering [95], 1988
NiCr, FeCrAlY

Ti-Si IMI 829 sputtering [96], 1989
Ni-Cr Cp-Ti, Ti-6-4 electroplating, sputtering [97], 1989
Ni-Cr, SiC, Si3Ny, Al Cp-Ti sputtering [98], 1989
MgO, Y,03, ZrO,, HfO,, Ti-14A1-21Nb sputtering, sol-gel [99], 1989

SiOZ, BzO;, Ale;, NaZO,
CaO, CaF,, YF;

TiAl TiAl CVD [100], 1989
Cr,04 Ti 685 EB-ion implantation [101], 1989
TiAl; Ti-14Al-21Nb CVD [102], 1990
TiAl, Ti-25A1-10Nb-3V-1Mo CVD [103], 1990
SiO,/Al, Ni-Al, NiCoCrAlY  Ti-6-2-4-2 plasma spraying, [104], 1990
EB-PVD
Al, Al-O Ti-6-4, Ti-14A1-21INDb, sputtering [105], 1991
TiAl
SiO,, B,03, P,0s, MgO, Cp-Ti, Ti-14Al-2INb  sol-gel [99], 1991

Al,03, ZrO,, duplex- and tri-
plex systems

Si3N4/Cr IMI 829 IBAD [106], 1991
Al, Al-Si Ti-15-3-3-3, Ti-21Al-  slurry technique [107, 108],
14Nb-3V-Mo 1991
ALO3, AL-Si-O TiAl, TisAl sol-gel [109], 1991
Al,O4 TiAl CVD [110], 1991

CrN, Cr Ti-6-4 sputtering [111], 1991
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Table 6.2 (cont.)

Coating Substrate Deposition process Source, Year
BaTiOs, StTiO;, CaTiO; TiAl hydrothermal treatment [112], 1993
FeCrAlY, NiCrAlY, NiCr, Ti-6-4, Ti-6-2-4-2 arc-PVD [113], 1993
CoCrWFeNi
Al, Ni, Ni-Cr, Cr, Cr,N cp-Ti, Ti-6-4 sputtering [114], 1993
Ti-44A1-28Cr Ti-47A1-2Cr-4Ta sputtering, LPPS, [115], 1993
HVOF, slurry technique
TiAl;, Al+glass Beta-21S EB-PVD, sol-gel [116], 1993
CoCrAl TiAl sputtering [117], 1993
CoCrAl, CoCrAlY TiAl sputtering [118], 1993
TiAls TisAl CVD [119], 1993
MCrAlY, MCr/W Ti-24Al-12.5Nb-1.5Mo, plasma spraying [120], 1993
Ti-24Al-8Nb-2Mo-2Ta
SiC TiAl CVD, sputtering [121], 1993
Si3Ny TiAl IBED [122], 1993
Ti-25A1-10Nb IMI 829 sputtering (48], 1994
Si, Pt, Al-Ti, NiCoCrAlY, TIMETAL 1100 sputtering [123], 1994
NiCrAlITiSi
Nb cp-Ti, Ti-6-4 arc-PVD [124], 1995
Al cp-Ti laser alloying [125], 1995
Cr,Y TiAl ion implantation [126], 1995
ALY TiAl CVD [127], 1995
HIN cp-Ti, Ti-6-4 arc-PVD [128], 1996
Ti-Si+B, Ge cp-Ti, Ti-24-Al-11Nb, CVD [71], 1996
Ti-22A1-27Nb,
Ti-20Al-22Nb
Al, Si TiAl pack cementation [129], 1996
Nb TiAl ion implantation [39], 1996
TiAl, graded, multilayer TIMETAL 1100 magnetron sputtering [130], 1997
CoCrAlY, NiCoCrAlY, TiAlCr TiAl sputtering [131], 1997
FeCrAlY TiAl sputter ion plating [132], 1997
Al O3, Y,03-Zr0,, TiAl; Ti-48A1-2Cr-2Nb sol-gel, pack cementation [133], 1997
TiAlCr TIMETAL 834, Ti- magnetron sputtering [134], 1998
48A1-2Cr-22Nb
SiAIN TiAl sputtering [135], 1998
TiAl, TiAlCr TiAl plasma spraying [136], 1998
Ti-47A1-2Cr-2Nb, Ti-6242S (Al, Cr);Ti plasma spraying [137], 1998
Al, CoCrAlY, TiAlCr, Al,O4 TiAl sputtering, pack [138], 1998
cementation
(ALCr)sTi TiAl pack cementation [139], 1999
Ti-61Al-14Cr Ti-43Al-5Cr pack cementation [140], 1999
(AL Cr);Ti TiAl pack cementation [141], 1999
Al, O3, enamel TiAl sputtering, enamel [142], 2000
cl TiAl ion implantation [143], 2000
TiAl/TiAl-SiC TiAl EB-PVD [144], 2000
Al-Cr TiAl pack cementation [145], 2000
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Table 6.2 (cont.)

Coating Substrate Deposition process Source, Year
Si, Mo TiAl ion implantation [146], 2000
Ti-48Al-2Ag TiAl sputtering [72], 2001
Si, Nb TiAl ion implantation [147], 2001
P TiAl etching [148], 2002
TiAICrYN TIMETAL 834, TiAl  sputtering [73], 2002

Long-term stability is among the most important properties of the coatings.
Even though many of the coating systems studied so far have demonstrated im-
proved oxidation resistance visible by reduced mass gain and/or reduced dissolu-
tion of interstitials, exposure times were usually in the range between 10-100 h
only. These short-term experiments allow a ranking of different coating systems,
but cannot provide information about the long-term properties after hundreds or
thousands of hours exposure at elevated temperatures as required for many appli-
cations. It is well known from studies on bulk material and coatings that break-
away oxidation can occur after extended exposure, which is not captured by short-
term experiments. Rapid oxidation can be caused by several phenomena. For exam-
ple, interdiffusion between the substrate and the coating can lead to depletion of
scale-forming elements in the coating, which then promotes formation of fast-grow-
ing TiO,. Extensive interdiffusion can also result in the formation of Kirkendall
pores, which reduce the adhesion of the coating on the scale [65]. Crack formation
within the coating can also lead to TiO, formation within the crack, which might
subsequently cover large parts of the component surface. This effect is particularly
detrimental for coatings that can not heal cracks since, once formed, cracks are
closed by substrate oxidation. Ceramic coatings and coating systems with a great dif-
ference between the coefficients of thermal expansion of coating and substrate are
particularly prone to crack formation under thermal cyclic conditions.

The effect of coatings on the mechanical properties of the base titanium alloy
or titanium aluminide is a key aspect for practical application of coatings, which
has often been neglected in the literature. Detailed mechanical tests were per-
formed for Pt ion implanted titanium alloys. Thin coatings (ca. 1 pm) improved
the creep behavior [66] and the fatigue resistance of conventional titanium alloys
[67-69]. However, overlay coatings were often shown to degrade the mechanical
properties, particularly the fatigue behavior of the substrate material [39, 70, 71].
This fact is considered to be a major hurdle for oxidation resistant coating to
make their way into service on titanium-based alloys.

Novel coating concepts are based on metallic overlay coatings from the Ti-Al-Ag
system [72] or on nitride coatings [73]. In addition to good oxidation resistance, ni-
tride coatings offer the advantage of wear resistance at high temperatures, an impor-
tant property for applications in the compressor of gas turbine engines. Fig. 6.20
gives an overview of some of today's most advanced coating systems for conven-

219



220 | 6 Oxidation and Protection of Titanium Alloys and Titanium Aluminides

tional titanium alloys and titanium aluminides. At 750°C in air, TIAICrYN coatings
improve the oxidation resistance of already reasonably oxidation resistant y TiAl al-
loy Ti-45A1-8Nb by one order of magnitude (Fig. 6.20). After 3000 h exposure, the
coatings were fully intact and lacking any sign of degradation. Ti-Al-Ag coatings
tested at 800°C also demonstrated excellent oxidation resistance. Under cyclic ther-
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mal conditions, TiAICrYN coatings provide excellent protection for more than
1000 h of exposure. Even at temperatures up to 900°C the coating systems appear
to provide reasonable protection. However, mechanical tests yet have to prove the
potential of these coatings for use at high temperatures in demanding applications.

In earlier studies performed on model coating systems from the binary Ti-Al
system it was demonstrated that protection of the surface against oxygen/nitrogen
penetration directly influences the mechanical properties of the base material.
Fig. 6.21 shows significant differences of the surfaces of creep samples after test-
ing at 600°C in air at 250 MPa. While the bare sample is damaged by extensive

Fig. 6.21 Macrograph of TIMETAL 1100 after creep testing at 600°C, (a) uncoated,
(b) TiAl-coated.
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crack formation at the embrittled surface (a) embrittlement can be avoided by the
coating, which leads to a nearly crack-free surface even after extreme plastic defor-
mation (b).

The beneficial effect of the protected surface on the mechanical properties can
be directly concluded from the creep curves (Fig. 6.22a). Unlike the uncoated ref-
erence material, the coated counterparts endured higher fracture strains and dem-

25
TIMETAL 1100
@ ‘r
0ol 3 600°C, Ai
— 5]
S, &
E
g 154
o 5
o wm
® 0 8
© s}
=
) 250 MPa
350 MPa
0 1 I | I 1 I I
0 200 400 600 800 1000 1200 1400 1600
a) Time [h]
3.5
304 TIMETAL 1100
= 600°C, Air
=
- 25 © coated
‘@ m not coated
0 -
E
3
£ 157
=
=
1.0 >
B
0.5
0 T T T
102 10° 104 100 108
b) Number of Cycles to Failure

Fig. 6.22 Results of (a) creep tests at 600°C and constant loads of 250
and 350 MPa, (b) fatigue tests at 600°C and constant strain for uncoated
and TiAl-coated TIMETAL 1100.
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onstrated impressive protection under plastic deformation [74]. Moreover, protec-
tion of the surface leads to an increase in life time in the creep test by up to 20%.

Importantly, TiAl coatings were shown to have no detrimental effect on the fa-
tigue resistance of the base metal (Fig. 6.22b), a fact that has not yet been appre-
ciated in earlier research and development work [75]. All newly developed coating
systems must finally be tested with regard to their effect on the fatigue resistance
of the base metal before they will be considered for practical use.

As a final remark, today's status of research and development in the field of
protective coatings for titanium-based alloys indicates that some of these coating
systems will be mature for use in modern high temperature titanium alloys and/
or titanium aluminides in the near future.

6.4
Summary and Outlook

Use of titanium alloys and titanium aluminides is limited, among other factors,
by their poor environmental resistance in oxidizing atmospheres. Detailed knowl-
edge of the oxidation and corrosion processes is required to ensure safe, long-
term operation of components under various environmental conditions. Forma-
tion and growth of the oxide scales and their long-term stability, as well as embrit-
tlement by dissolution of interstitials in the outer surface of a component are key
issues to be understood. However, in order to fully use the high temperature po-
tential of both titanium alloys and titanium aluminides, protective coatings are re-
quired. Due to the complexity of the environmental impact, current and future
materials development must adopt a systems approach to optimize the properties
of a material system consisting of a base material optimized for structural applica-
tions and a surface modified and optimized for environmental protection.
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Titanium and Titanium Alloys —

From Raw Material to Semi-finished Products
H. SiBuwM, Deutsche Titan GmbH, Essen, Germany

7.1
Introduction

With a total of 0.6%, titanium ranks fourth among metals, behind iron, alumi-
num, and magnesium, and ninth among all elements in the Earth's crust. How-
ever, even today it has not yet lost the air of an exotic and expensive material.

The majority of titanium is used as oxide (about 95%) in the paint industry as
whitener or filler material. Not many people are aware of the fact that titanium as
oxide is part of everyday life, e.g. in toothpaste, white paint, sun blockers, etc.

The main reason behind the late use of titanium as a metal is the difficult and
costly reduction of oxide to metal.

7.2
Titanium Sponge

As already mentioned, titanium deposits are enormous; today’s estimates assume
a worldwide reserve of 650 billion metric tons of titanium oxide. Fig. 7.1 shows an
overview of the global distribution of the deposits. Titanium oxide is part of al-
most all minerals, sands, and rock. However, mainly rutile (TiO,) and ilmenite
(FeTiOs) are considered for use. Deposits suitable for mining can be found in
Australia, South Africa, Canada, Norway, and Ukraine. Recently, new deposits
have been developed in northeast Russia and Kazakhstan.

After pre-cleaning and initial enrichment at the deposits, particularly inexpen-
sive ilmenite is separated from iron using a metallurgical process, enriching the
slag to the point where a concentration comparable to rutile can be achieved.
Tab. 7.1 compares the composition of rutile and titanium slag from different
sources. Both ilmenite and rutile are reduced to metallic titanium using the ex-
tended “Kroll process” (Fig. 7.2).

Introduced at the end of the 1940s, this reduction process is the only one that
has survived for economic reasons. Of particular importance is the intermediate
step where titanium oxide is transformed into titanium tetrachloride. Magnesium
is used for final reduction. The magnesium chloride formed by this reaction is
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Fig. 7.1  Distribution of global titanium oxide deposits (in billions of metric tons, 1999).

Tab. 7.1a Composition of several titanium slags.

Ti02 FeO SiOZ A’203 MnO MgO CaO
Canada Sorel slag 80 9 2.4 2.9 0.25 5 0.6
South Africa UGS 95 1.2 2 0.6 0.05 0.6 0.14
Norway Namakwa 86 10 1.8 1.4 1.7 0.7 0.16
Richards Bay 85 11 2.1 1.3 1.7 1.1 0.17
Sulfate 75 7.6 5.3 1.2 7.9
Chloride 85 10 1.8 1.2 0.7
Tab. 7.1b Examples of rutile compositions.
Ti02 Fezog SiOz MnO MgO CaO
Australia BHP 96.0-96.5 0.50-0.80 0.60-0.90 0.08-0.14 0.01-0.06
South Africa  Cable Sands 95.5 0.8 0.60 0.03 0.03 0.04
USA Namakwa 94.5 2.0 <0.01 0.05 0.12
Richards Bay 95.0 1.4 0.50 0.05 0.05
RGC Min. 94.2 0.4
Sands

Source: TZMI Mineral Sands Annual Review 1998

subsequently electrolytically reduced to magnesium and chlorine, which are re-
cycled back into the process (Fig. 7.2).

High purity titanium tetrachloride is obtained by multiple condensation and
fractionating steps. Final purity of the sponge is determined by the contamination
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Fig. 7.2 Extended Kroll process for titanium sponge production.
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Fig. 7.3  Effect of residual contaminants on the Brinell hardness of tita-

nium.

level

of the magnesium (mainly oxygen) and by reaction with the reactor walls

(mainly iron). The effect of different contaminant levels on the Brinell hardness is
shown in Fig. 7.3. The final product of the reduction process is titanium sponge

(Fig.

7.4).
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Fig. 7.4 Titanium sponge as a raw material for titanium and titanium alloy
production as well as an alloying addition for steel.

Major producers of titanium sponge can be found in the countries of the for-
mer Soviet Union, Japan and the USA, and cover the current worldwide titanium
sponge requirement.

According to thermodynamic calculations, alternative processes for direct reduc-
tion of titanium oxide to metal (e.g. by electrolytic processes) are believed to be
less expensive than the Kroll process. However, the feasibility of alternative proces-
sing routes has only been demonstrated on a laboratory scale and not yet in large-
scale production.

73
From Sponge to Ingot

Along with a certain portion of secondary raw materials, titanium sponge is the
base material for production of all titanium-based semi-finished products as well
as for alloying additions to titanium-stabilized special steels.

Multiple re-melting is necessary due to the remaining contaminants from the
magnesium reduction process, the morphology of the sponge, and adjustment of
the final alloy composition. Volatile contaminants (e.g. chlorides) can be removed
by the repeated melting process. Depending on the specific melting process, cast-
ings, ingots and slabs can be produced with a homogeneity required for further
processing.

In a first step, the titanium sponge (density 1.2-3 g cm™) is pre-densified in a
hydraulic press. These compacts are then assembled to an electrode for the melt-
ing process. In order to obtain specific alloy compositions, the compacts are ade-
quately alloyed with pre-alloys or elements. Furthermore, small-piece scrap metal
can be added to the compacts.

Due to the high oxygen affinity of titanium, the compacts must be welded in a
plasma-welding chamber at low-pressure argon to an electrode. Electrodes of
13 tons maximum can be welded.
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Fig. 7.5 Sketch of a vacuum arc melter.

In the classic case, the electrodes are then at least double re-melted in a vacu-
um arc furnace. Fig. 7.5 shows a sketch of such a furnace. Between the electrode
and some swarf placed on the water-cooled bottom of the crucible, an arc is ig-
nited. Due to the high energy of the arc, the self-consuming electrode is melted
and forms an ingot in the crucible. The complete process is run in vacuum. The
melting temperature is computer-controlled and, as usual for materials for critical
applications, process parameters are stored for decades. Fig. 7.6 shows a vacuum
arc furnace (VAR) in service.

Figures 7.7 and 7.8 show sketches of further developments in melting technolo-
gies. These processes are mainly used for melting scrap material (up to 100%).

Fig. 7.6 Vacuum arc melter in service.
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Fig. 7.7  Sketch of a cold hearth melter. Electron beam
guns or plasma sources are used as heat sources.
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Fig. 7.8 Sketch of a skull melter.

Furthermore, slab-shape formats can be easily produced by these methods. Typical
heat sources are electron and plasma guns (EB-CHM =electron beam-cold hearth
melting or Plasma-CHM =plasma-cold hearth melting) or, as used for skull mel-
ters, classic arc technology. For critical applications (e.g. premium quality or disk
quality in aerospace), final re-melting must be performed in a vacuum arc furnace.

7.4
Titanium, Titanium Alloys and Special Alloys

Since high purity titanium has poor strength and is hence not used for industrial
applications, the alloy composition desired is set during manufacture of the elec-
trodes. Pure titanium is alloyed by small and well-defined amounts of oxygen (in-
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terstitial element), while titanium alloys rely on the addition of substitutional ele-
ments such as aluminum, vanadium, zinc, molybdenum, zirconium, etc. Depend-
ing on the objectives, these elements stabilize the different titanium phases. Alu-
minum is the most important alloying element, stabilizing titanium’'s o phase.
The o-stabilizers and their relative ability to stabilize the o phase, expressed as an
aluminum equivalence, are summarized in Fig. 7.9. Molybdenum has analogous
significance for the f phase. Since this topic has already been discussed in more
detail in Chapter 1, only a few properties of pure titanium and some titanium al-
loys are summarized here (Tab. 7.2 and Tab. 7.3).

In the following, some of the advantages of titanium alloys and their applica-
tions will be discussed. Fig. 7.10 displays the range of applications and the rele-
vant alloying elements for mechanical and physical properties.

In summary, the major advantages of titanium and its alloys are:

e high/highest corrosion resistance
e good oxidation resistance at T<600°C
¢ low density

Tab. 7.2 Effect of chemical composition on the mechanical properties of titanium alloys.

DTG-brand Femax Opmax Ys uTs %EI %RA
TIKRUTAN® [wt.%] wt.%] [MPa] [MPa]

RT 12 (Pd) 0.20 0.10 180 290-410 30 35
RT 15 (Pd) 0.25 0.20 250 390-540 22 30
RT 18 (Pd) 0.30 0.25 320 460-590 18 30
RT 20 0.35 0.30 390 540-740 16 25
LT 27 0.25 0.25 345 480 18 25

(Ti-0.8Ni-0.3Mo)

Tab. 7.3 Titanium alloys (examples).

Modification  Alloy example Ys uTs %EI Remark
[MPa] [MPa]

o Ti-5Al-2.5Sn 830 860 15

near o Ti-6Al-2Sn-4Zr-2Mo 820 890 8 high strength
at elevated
temperatures

a/B Ti-6Al-4V 1030 1100 8 universal

near 3 Ti-10V-2Fe-3Al 1000 1100 6 cold workable

B Ti-15V-3Cr-3Al-3Sn 965 1000 7 cold workable

Y Ti-34Al-1Cr-1Nb-0.2Si 450 520 1 high strength

at high tem-
peratures, low
RT ductility
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Fig. 7.10 Areas of application for titanium.

e high specific strength

e outstanding yield strength/ultimate tensile strength ratio
o excellent bio-compatibility

e decorative appearance.

7.5
Processing to Semi-finished Products

The production of semi-finished titanium products is usually similar to that of
specialty steels. Typical forming processes such as forging, extrusion, rolling, pull-
ing as well as precision and compact casting of titanium have been adopted from
steel production by adjusting appropriate parameters for titanium. Using hard-
ware from the steel industry contributes to cost-effective, large-scale production of
titanium.

In the following, some examples of the broad production and application range
of titanium alloys will be demonstrated.

Forging is the first forming process in the manufacture of slabs, bars, flat rolled
material as well as open die forged parts such as rings, shafts, disks etc. Fig. 7.11
shows some forged titanium parts fabricated by swaging or open die forging.

Slabs and plates are the base products for the fabrication of coils, single rolled
sheets, and plates in conventional rolling facilities (Fig. 7.12).

Bars are often cut into disks and die-forged to near-net-shape parts, thin bars
are rolled to wire and finally to thin filaments, and raw billets can be extruded to
complex shapes. Tubes can be fabricated by crossrolling or pilgering using
punched blanks.

Fig. 7.13 gives an (incomplete) overview of several manufacturing processes.
Particularly the titanium-specific processes should be noted. For example, complex
structures can be fabricated by superplastic forming (SPF), possibly combined
with diffusion bonding (DB).

239



240 | 7 Titanium and Titanium Alloys — From Raw Material to Semi-finished Products

b)

Fig. 711  Examples of forged titanium parts: a) open die forged part, b) swaged part.

Fig. 7.12 Hot wide strip mill for sheet production.
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Fig. 7.13  Flow chart for semi-finished product manufacture. Not mentioned are intermediate
and final annealing, pickling, grinding, machining and adjusting.

Furthermore, surface modification processes should be mentioned. Anodic oxi-
dation of titanium surfaces offers endless possibilities for the fantasies of archi-
tects and designers. In addition to its spectacular appearance, techniques are avail-
able to produce resilient, weather resistant surfaces that guarantee excellent visual
effects for many years.

Tribological properties of titanium alloys can be significantly improved, e.g. by
laser gas alloying. With the help of a laser beam, the component surface can be
reactively melted in specific atmospheres (nitrogen, methane) or a surface layer
(boron, carbon) can be melted, thus locally hardening the surface.

Detonation cladding of titanium on steel or roller plating on aluminum allows
the production of composites with tailored, optimized materials properties.

7.6
Applications

Aerospace applications, where the specific strengths at low and elevated tempera-
tures are prime considerations, are described in more detail in Chapter 13. The
perspectives for the use of titanium in automotive applications are presented in
Chapter 18.

The good corrosion resistance of titanium alloys has already been mentioned. In
addition to some examples summarized in Tab. 7.4, it is essential that the integrity
of the titanium oxide scale present on the surface of titanium must not be damaged
to guarantee good corrosion resistance, or there must at least be the chance that once
damaged the oxide scale can be reformed in the particular environment. Therefore,
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Tab. 7.4 Corrosion behavior of titanium.

Resistant Limited resistance Not resistant

nitric acid sulfuric acid fluorine

chromium acid hydrochloric acid dry chlorine gas
sulfurous acid phosphoric acid red smoking nitric acid
alkaline solutions oxalic acid

ammonia formic acid

aqueous chlorides

brine

seawater

wet chlorine gas
acetic acid
maleic acid

ethanol

carbamate

dimethylhydrazine

liquid hydrogen

Increasing < Resistance — Decreasing

oxidizing conditions, Fe*, reducing conditions, increasing
Cu?®*, Ti**, Cr, Si, Mn, Pd in concentrations, higher tempera-
titanium tures, fluorine, fluorine com-

pounds

in oxidizing atmospheres, titanium alloys have long-term corrosion resistance; traces
of oxygen and water are sufficient to form protective oxide scales.

The corrosion resistance of titanium can be improved by the addition of noble
metals (often palladium and ruthenium), nickel and molybdenum, or by the use
of inhibitors in the machine. Extensive corrosion data banks provide information
about specific alloys in different media.

Examples of some applications where corrosion resistance plays a major role,
plate and tube heat exchangers for the chemical, power generation, or food indus-
tries, are shown in Fig. 7.14.

Excellent corrosion resistance is needed in onshore/offshore applications. For
mechanical, technological and corrosion reasons, new generation floating plat-
forms have many kilometers of conveyor and supply pipelines.

Furthermore, medical applications rely on the biocompatibility of titanium alloys.
Hip and knee-joint prostheses and other permanent implants (casing for cardiac pace-
makers, bond fixtures, orthodontic and dental implants) are made of titanium today.

However, there is no other area with a higher rate of increasing production
than the sporting goods industry. Professionals and amateurs alike desire not only
bicycle frames, but also titanium golf clubs. For a time, the demand for titanium
in golf equipment was on the order of 5000 t/a and represented about 10% of the
worldwide consumption of titanium.
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Fig. 7.14 Titanium heat exchanger plates.

7.7
Recycling

Today, no material can succeed if not environmentally friendly and recyclable.
After adequate cleaning and refining procedures, high-quality titanium scrap can
be used to make ingots and slabs and can thus be put back into circulation again.
Melting processes such as cold hearth melting with electron beam or plasma heat-
ing can guarantee titanium qualities for high demands if the final re-melting step
is done by vacuum arc re-melting.

If the scrap material cannot be used for high-quality titanium ingot, it can still
be used as an alloying addition to titanium-stabilized specialty steels, either direct-
ly or as ferro-titanium.

The need for titanium recycling is directly evident by looking at the materials
cycle. On average, only 0.4 kg of each 1.3 kg titanium sponge used ends up in the
finished product (Fig. 7.15). In some cases, the portion machined away of a com-
ponent can be above 90% of the input material.
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Fig. 7.15 Flow chart and mass balance sheet for titanium product fabrication from ore.

7.8
Summary and Outlook

This chapter has described the production processes from sponge to semi-finished
products. Many of them are identical to that of large-scale production in the steel
industry. Examples of major applications demonstrate the advantages typical for ti-
tanium.

To achieve wider use of titanium, which is certainly justified in terms of its
properties, production costs must be drastically reduced.
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Fabrication of Titanium Alloys
M. PetERrs and C. LEYENs, DLR — German Aerospace Center, Cologne, Germany

8.1
Introduction

To build a usable component from titanium or titanium alloys with the required
properties, the semi-finished products have to be put into a final shape. This re-
quires similar forming methods to those used for metals in general. Since the
starting titanium products are already relatively expensive, attempts are made to
minimize the machining costs for final component design. Therefore, cost-opti-
mized titanium parts are almost always a result of a carefully selected processing
route. In particular, “near-net-shape” processing has the potential to substantially
reduce the manufacturing costs and simultaneously increase the material output
factor, which is called the “fly-to-buy-ratio” in the aerospace sector. In the follow-
ing, first machining procedures for titanium alloys will be described. Then, manu-
facturing methods with a high net-shape potential like casting, welding, super-
plastic forming in combination with diffusion bonding, as well as powder metal-
lurgy will be highlighted.

8.2
Machining of Titanium Alloys

To a large extent, machining of titanium and titanium alloys follows criteria that
are also applied to common metallic materials. Compared to high strength steels,
however, some restrictions have to be recognized, which are due to the unique
physical and chemical properties of titanium:

e The lower thermal conductivity of titanium hinders quick dissipation of the
heat caused by machining. This leads to increased wear of the cutting tools.

e The lower modulus of elasticity of titanium leads to significant spring back
after deformation under load. This causes titanium parts to move away from
the cutting tool during machining.

e The lower hardness of titanium and its higher chemical reactivity leads to a ten-
dency for galling of titanium with the cutting tool.

Titanium and Titanium Alloys. Fundamentals and Applications.

Edited by Christoph Leyens, Manfred Peters

Copyright © 2003 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
ISBN: 3-527-30534-3
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Therefore, some general guidelines should be adhered to for successful machin-
ing of titanium parts:

e The workpiece should be as short as possible and mounted to be vibration-free
into the grips of the working machine.

e Sharp cutting tools should be used and replaced at the first sign of wear. Tool
failure occurs quickly after a small initial amount of wear.

o A stiff working machine and stiff grips are required.

e The titanium parts have to be effectively cooled by use of copious amounts of
cutting fluid. This allows the heat to dissipate quickly, but also fire can be pre-
vented, since titanium fines, turnings, or chips can cause a fire hazard. Water-
based soluble oils can be used, as well as solutions of vapor-phase rust inhibi-
tors of the nitrite amine type.

e Low cutting speeds should be used while feed rates should be high. Never stop
feeding while the cutting tool and work piece are in moving contact, since this
could promote smearing or galling, and rapid tool destruction.

e Hard surface scales should be removed before machining, either by grit blast-
ing or pickling in a solution of 2% hydrofluoric acid and 20% nitric acid.

High-speed cobalt-based steel tools are mostly used for machining titanium be-
cause of their flexibility and low cost. High feed rates and speeds or rough sur-
faces may, however, require special qualities found in cemented carbides or stel-
lites.

Because of titanium'’s tendency to smear and gall with the tooling, milling turns
out to be more difficult than turning. Generally, cut-down milling is preferred to
conventional milling since damage to the milling cutter from built-up edges and
chip welding to the cutting edge are minimized. Clearance angles for face milling
cutters should be greater than those used for steel. Use of sharp tools is a must.
End milling of titanium is best performed by using short length cutters, which
should have sufficient flute space to prevent chip clogging.

For drilling, the workpiece should be clamped as rigidly as possible. This usual-
ly prohibits manual drilling. The drill, preferably high-speed cobalt-containing
steel with short cutting length, should be sharpened and cleaned. The feed rate
can be high, the cutting speed, however, must be low. To avoid excessive friction,
cooling with chlorinated cutting oil is required. The drill should be put on
strongly, and drilling chips should be removed by raising the drill frequently. To
allow a free flow of chips, the rake angle of the drill must be sufficiently large to
avoid welding between the drill and the workpiece.

The tendency of titanium for fretting and galling is a particular concern during
thread cutting. For this reason, the use of chemically active lubricants is recom-
mend, e.g. sulfurous cutting oils or mixtures including carbon tetrachloride, mo-
lybdenum sulfide or graphite. Straight, clean holes must be drilled to ensure good
tapping results. To avoid unnecessarily shortening tool life, threads shouldn't be
cut manually where possible. Male threads have to be cut on a lathe since cutting
dies can fret, thus preventing sound threads. The thread depth should be in-
creased gradually. For cutting female threads a drill with a strong core and a short
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cutting edge should be used. The tap drill should be extra tapered and flank re-
lieved.

Titanium can be sawn using conventional band sawing or power hacksawing.
Because of titanium’s poor heat dissipation, the saw speed should be reduced by
about one quarter compared to steel. Appropriate cooling also has to be provided
here, preferably on the basis of sulfurous or chlorinated oils. The contact pressure
of the saw blade should be high. Carbide-tipped tooling increases sawing speed.
Since hard oxide surface scales increase tool wear, they should be removed before
sawing by grit blasting, grinding or chemical agents.

The low thermal conductivity of titanium is most noticeable during surface
grinding operations. Here it can even come to chemical reactions between the
grinding media and the titanium surface, leading to smearing or even to intense
sparking, which can cause a fire hazard. Therefore, the use of reduced wheel
speeds — half to one third of conventional operating speeds — and ample coolant
is therefore essential to get the best results with titanium. As abrasive grinding
media, aluminum oxide and silicon carbide wheels as well as resin-bonded dia-
mond wheels have proved to be successful. For smooth surfaces with minimum
roughness, oil emulsions including nitrite-amine-based fluids should be used.

83
Casting

Casting can be considered to be the classic (near-)net-shape process. Due to often
very extensive metal removal by machining from the ingot to the final compo-
nent, and the relative expense of titanium material, casting offers a high cost sav-
ing potential. Furthermore, casting enables to do without extensive post-proces-
sing of cast components. Often complex components can be produced for which
conventional production methods would be too complex or expensive. Compared
to forged parts, however, strength and ductility penalties have to be accepted.
These can at least be partly compensated for by intelligent casting-specific compo-
nent design. The two casting methods used are rammed graphite mold casting
and investment casting.

Rammed graphite mold casting is similar to sand casting. It is considered an
inexpensive process and particularly suitable for large castings. Wooden, plastic
epoxy, or metal patterns are used to shape the molds. Coring offers the possibility
to produce hollow castings. The mold for the external shape is made in two
halves, and the separately made core is then located by core prints between them.
The location of the gates and risers have to suit each casting design. The com-
pleted molds are then embedded on a casting table for centrifugal casting. Cast
components of up to 2750 kg have already been successfully produced (see also
Chapter 19). Even larger structures are likely, but can also be manufactured by
welding together two or more individual castings. Also, permanent molds of ma-
chined graphite blocks may be used. Here sprays have to be used to prevent
metal-mold reaction during pouring and to keep the solidified part from sticking
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to the mold. Permanent molds are preferably used for simple, symmetrical thin
section shapes with large flat areas, e.g. plates or missile wings.

Investment casting is used in preference to graphite mold casting when close
tolerances, thinner sections, smaller draft angles, and better surface finishes are
required. Due to the high reactivity of the liquid titanium, casting must be carried
out in vacuum and water-cooled crucibles have to be used. The lost-wax process is
preferred since it yields high surface quality and precise dimensional compo-
nents. Often theses parts require no extra post-processing and are ready to install.
First, a wax model is manufactured from a dimensionally stable metal form, e.g.
of aluminum. This form takes into account that the wax model must be bigger
than the final titanium cast part due to shrinkage of both the wax and the tita-
nium alloy. The wax models are then assembled in a cluster, coated with ceramic
slurry, and dried. In the next production step, the ceramic green bodies are de-
waxed in an autoclave. Burning provides the required stability to the ceramic form
for the actual casting process and, simultaneously, removes left wax residues.

Casting then is carried out in a vacuum arc furnace with a self-consuming elec-
trode (Fig. 8.1). The titanium alloy melt drips into a water-cooled copper crucible,
forms a thin titanium scull, which then acts as the crucible. Centrifugal casting is
used to fill the final mold. After cooling, the casting is removed from the mold by
breaking off the ceramic mold (lost wax). After removing stays, risers, and chan-
nels the final cast piece is ready. Due to the reaction of the titanium with the ce-
ramic mold, a thin reaction zone is formed during casting, which has an adverse
effect on the mechanical properties and must therefore be removed by pickling.
To eliminate inevitable porosity, it is a common practice for cast aerospace parts
to be hot isostatically pressed (HIP) just below the beta transus temperature at
pressures of around 100 MPa.

'

Fig. 8.1 Principle of titanium investment casting (courtesy: Tital,
Bestwig).
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Fig. 8.2 Cast Ti-6Al-4V jet en-
gine fan frames of 130 and 150
cm diameter for GE engines
CF6-80C and GE 90 respectively
(Precision Castparts Corpora-
tion).

The main fields of application for investment castings are high performance
parts for the aerospace and non-aerospace industry. Titanium cast parts are used
as static components in jet engines, e.g. as casings (Fig. 8.2), compressor casings
or as exhaust gas pipes of auxiliary gas turbines (Fig. 8.3). The casings shown in
Fig. 8.2 not only have to carry the fan case, but also have to transfer a large por-
tion of the engine’s thrust. The mid-frame casting of the GE 90 is among the larg-

Fig. 8.3 Gas duct of the auxiliary turbine for the Boeing 777: Ti-6Al-4V cast part (Boeing;
Howmet).
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Fig. 8.4 Cast Ti-6Al-4V hip implant (R&D
development project) (Tital, Bestwig).

est titanium aerospace cast parts worldwide. Furthermore, cast parts from tita-
nium are used in the automotive industry (valves, turbocharger rotors), medical
engineering (implants, Fig. 8.4), dental technology as well as the electronics indus-
try. The 1990s experienced a boom in the manufacture of investment-cast tita-
nium golf club heads. In the future, the development of special titanium alloys
for casting is likely, as already successfully practiced for decades for Ni-based
superalloys. Chapter 9 deals with titanium investment casting in more detail.

8.4
Welding

Titanium and most industrial titanium alloys are readily weldable. Fusion, resis-
tance, flash butt, electron beam, diffusion bonding, and pressure welding tech-
niques are available and are widely practiced to produce joints in titanium and ti-
tanium alloys. Techniques are also available to weld titanium under a wide range
of conditions in the open fabrication shop, in a weld chamber, or in the field.
Since during welding the metal locally melts, measures have to be taken to avoid
that titanium molten metal comes into contact with reactive gases, including oxy-
gen and nitrogen from the air. Generally, a clean environment has to be provided
to avoid an embrittlement of the workpiece. Two principle approaches are fol-
lowed. In one, all metal parts exposed to temperatures greater than 250-400°C
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are protected by an inert gas shield. In the other, the whole component is placed
in a vacuum chamber, which is flushed with an inert gas. Gas tungsten-arc weld-
ing (GTA), also called tungsten electrode inert gas welding (TIG), and gas metal-
arc welding (GMA), also called metal inert gas welding (MIG), work according to
the first principle; while electron beam welding (EB) is a classic representative of
the second principle. GTA/TIG welding is most commonly used for titanium al-
loys, while plasma, laser, resistance, electron beam, and friction welding are ap-
plied for specific applications.

8.4.1
Fusion Welding

GTA/TIG and GMA/MIG welding are primarily applied in pressure vessels and in
process equipment construction, while the aerospace sector requires high-quality
electron beam welding. Heavier sections generally require the use of filler metal
and grooved joints. Either GTA/TIG or GMA/MIG welding can be used, although
the economy of GMA/MIG welding increases with plate thickness. If the GTA/
TIG process is used, care has to be taken to avoid contact of the tungsten elec-
trode with the molten puddle to prevent tungsten pickup. Small diameter
thoriated tungsten electrodes should be used for titanium alloys. For GMA/MIG
welding the weld speeds are fast and the weld puddle is relatively large and agi-
tated, so optimum gas shielding is required. Conventional power supplies are
used for both GTA/TIG and GMA/MIG welding. For the former, DC straight po-
larity is used, while the latter uses reverse polarity.

Usually, filler wire matching the properties and composition of the titanium
base metal is used. However, for c.p. titanium a weld wire one strength level be-
low the base metal may be selected to compensate for the nearly unavoidable
slight hardening of the weld due to atmospheric gas pick-up.

Shielding is of central importance for the quality of the weld. Because titanium
reacts with the atmosphere, all parts at temperature above 300°C must be pro-
vided with a protective gas shield. Therefore, during GTA and GMA welding, ar-
gon or helium shielding gases of welding grade (99.99% purity) with dewpoint of
—45°C or lower are used to provide the necessary protection. Three separate gas
supplies are needed for primary shielding of the molten weld puddle, secondary,
or “trailing”, shielding of cooling weld deposit and associated heat affected zone,
and backup shielding of the backside of the weld. The argon used must be of the
highest purity available. To avoid weld defects, the weld area should be cleaned of
surface contaminants directly before welding using sanding, brushing, or degreas-
ing and pickling in aqueous acid solutions. After the cleaning procedure, the
parts to be welded and the filler material should be handled with lint-free gloves
and cloth. Bare hands should never be used to handle cleaned titanium since
even hand sweat can be harmful.

For welding small parts, a purge chamber is a way to surround the titanium
parts with argon to ensure contamination-free welds. Purge chambers are usually
large domed-shaped plastic bubbles with access ports for the torch and the
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welder’s hands. Because the argon is heavier than the surrounding atmosphere, it
falls to the bottom of the chamber and forces the atmosphere up and out through
a valve at the top of the chamber.

Titanium alloys can be welded up to 20 mm thick. For sheets more than 2 mm
thick, usually two or more welding passes are necessary. Once welded, visual in-
spection of the weld can indicate if contaminants are present. A bright silver weld
indicates absence of contaminants. A golden or straw-like color indicates that
some embrittlement is present. Hardness testing gives the safest measurement of
the weld condition. A good weld should only reveal a slight increase in hardness
compared to the base metal. Usually, stress relief annealing is not required and is
only recommended for thick, complex components where multiple welding passes
were applied.

8.4.2
Friction Welding

In principle, friction welding is a press welding method. Intensive friction leads
to local heating between two components so that the parts finally weld together
without reaching the liquid phase. Therefore, friction welding can be done in air.
By intensive rubbing and additional pressure, the surfaces are heated up to tem-
peratures where usually hot forming takes place, i.e. kinetic energy is converted
into heat to bring about controlled degrees of fusion. Although cylindrical work-
pieces like shafts or flanges are particularly suitable for this method, friction weld-
ing has recently attained a special attention for the production of “blisks” (bladed
disks) in jet engine compressors (see Chapters 12 and 13). Here the individual
blades are attached by linear friction welding to the compressor disk. Friction
welding offers cost advantages, particularly for larger blisk sizes.

843
Electron Beam Welding

Electron beam welding (EB) leads to very high integrity welds (Fig. 8.5) and is fre-
quently used where highest weld quality is desired, particularly in the aerospace
industry. Therefore, it is superior to GTA and GMA welding, but is also more ex-
pensive since all welding is done in a high-vacuum chamber by mechanized
equipment. This also restricts the size of the components to be welded as well as
the freedom of movement in the weld chamber. Due to the high power density of
the electron beam, the heat penetration depth is low. The resultant fusion and
heat-affected zones yield a high depth-to-width ratio, which results in low distor-
tion EB weld structures. Weld speeds are very high, and excellent reproducibility
of the welds can be guaranteed. Even thick plates up to 100 mm can be welded
without filler metals. If filler metal is required, the same alloy is used.
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Fig. 8.5 Comparison of Ti-6Al-4V TIG and EB welds.

8.4.4
Laser Beam Welding

Similar to EB welding, laser beam welding also offers advantages of high speed,
good automated manufacturing, and highly reproducible, narrow welds with low
risk of distortion. Furthermore, laser beam welding can be performed at ambient
atmosphere so that large and complex formed structures can be easily welded.
However, like for fusion welding, the welds have to be protected by gas shielding
due to the reactivity of titanium with atmosphere. Furthermore, hard to access
areas can be laser beam welded since the laser beam can be easily deflected by
lenses and mirrors, or optical fibers. Both CO, lasers and Nd:YAG lasers are used.

8.4.5
Spot Welding

Resistance spot welding is performed on titanium in much the same way as for
other metals. In fact, the lower electrical and thermal conductivity of titanium
makes it more readily weldable than aluminum and many of the carbon and low
alloy steels. As known from arc welding, the surfaces have to be clean, free of
scale, oxide, dirt, paint, grease or oil. The close proximity of mating surfaces in
combination with the very short duration of the resistance weld cycle and squeeze
pressure exclude air from the weld zone. Therefore, inert gas shielding is not re-
quired. Equipment and parameters for resistance spot welding titanium are about
the same as required for austenitic stainless steel.

8.4.6
Properties of Welded Structures

During a weld path the titanium alloy locally melts, leaving behind two well-de-
fined areas, the fusion zone (FZ) and the heat-affected zone (HAZ). In the FZ,
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the melting temperature of the titanium alloy is exceeded, and upon cooling a
very coarse-grained cast microstructure develops. The HAZ limits are given by the
melting temperature at the upper end, and by the B transus temperature at the
lower end. Due to the temperature gradient in this zone a graded, lamellar struc-
ture develops during cooling (Fig. 8.6).
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and heat affected zone (HAZ) after TIG weld- cycle fatigue and fatigue crack growth behav-
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Both alloy composition and microstructure determine the weldability of titanium
alloys. Unalloyed titanium and a alloys are easy weldable. Generally, conventional
titanium alloys become easier to weld with increasing volume fraction of the a
phase. Usually, a+p alloys like Ti-6Al-4V are weldable in the annealed condition.
Metastable B alloys have only limited weldability since their FZ and HAZ can embrit-
tle due to phase transformations occurring during welding or upon post-weld heat
treatments. Welding titanium with other metals generally presents great difficulties
due to embrittlement caused by the formation of intermetallic phases.

The mechanical properties of welded structures seldom reach the values of the
base material, and usually correspond to those known for lamellar cast structures.
Typically yield and tensile strength, ductility, and fatigue strength are reduced
(Fig. 8.6). However, those properties that are known to be superior with lamellar
microstructures also reveal improved weld properties. This applies, for example,
to the fatigue crack growth behavior (Fig. 8.6), the creep properties, and the frac-
ture toughness. Prerequisite are, however, high-quality welds. Defects like pores
as a result of a careless surface cleaning before welding or segregations should be
avoided. For large, complex shaped parts stress-relief annealing may be necessary
to remove residual stresses.

8.5
Superplastic Forming/Diffusion Bonding

Superplastic forming (SPF) in combination with diffusion bonding (DB) is prob-
ably the most spectacular near-net shape process. Superplasticity describes the
ability of a metallic material to deform to very high plastic strains without macro-
scopic necking, assuming the appropriate (high) forming temperatures and (slow)
strain rates are provided. Analogous to blow forming in plastics, complex thin
walled titanium components can be manufactured in a single step. Often diffu-
sion bonding is incorporated in the hot metal forming process to create hollow or
honeycomb structures.

The phenomenon of “superplasticity’ has been known for a long time. In 1934
SnBi-alloys were deformed more than 2000%. For a long time this material prop-
erty was considered as exotic. However, its potential as an economic manufactur-
ing tool for complex formed titanium sheet components was discovered in the
1970s and 1980s. Today SPF is mainly applied for aircraft parts like ducting, air-
craft wing access panels, nozzles, and engine casings and blades, but also for
non-aerospace products like high-pressure oil field sample bottles.

There are several requirements for superplasticity. The deformation temperature
should be about half that of the melting temperature; for titanium alloys this is
about 90% of the PB-transus temperature. The deformation rate has to be low.
Since plastic deformation at these high temperatures is primarily due to creep,
there are two metallurgical requirements that favor creep deformation: extremely
fine microstructures, since creep is primarily controlled by grain boundary glid-
ing, and stability of the fine structures at the high deformation temperatures.
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Usually, fine-grained equiaxed or bi-modal structures of a+f alloys fulfill these re-
quirements. The typical grain sizes of 5 to 15 pm of these alloys reveal sufficiently
high grain boundary density. Furthermore, the two-phase structures effectively
hinder grain growth during SPF.

At high temperatures, the strain rate sensitivity, m, only depends on strain rate,
¢, and flow stress, o:

m=dlnoc/dIné (eqn.8.1)

The highest superplastic deformation degrees are achieved for maximum m val-
ues, as shown for Ti-6Al-4V in Fig. 8.7. Values for m should exceed 0.3 to gener-
ate sufficient superplastic performance.

The SPF process involves placing titanium sheet between the two halves of a
die and heating to the deformation temperature of about 925°C for Ti-6Al-4V.
Then, hot argon gas is pumped into the die and the appropriate pressure forces
the sheet to deform superplastically into the final shape of the lower die. Typical
strain rates range from 107" to 10™*s™, and plastic deformation degrees of more
than 1000% are achieved for Ti-6Al-4V. Furthermore, local bonding via diffusion
processes enables formation of complex three-dimensional sheet structures. SPF/
DB as a single manufacturing operation is shown in Figures 8.8 and 8.9. The
bond produced is of high integrity, thus making specific areas of separate sheets
metallurgically a single sheet. Due to the high affinity of titanium to oxygen, pro-
cessing has to be performed either in vacuum or in protective gas atmosphere.

Superplastic forming is firmly established, particularly in the aerospace indus-
try, and allows the economic production of thin-walled sheet components.
Fig. 8.10 shows a service panel for the Airbus A300/310 superplastically manufac-
tured from Ti-6Al-4V sheet. Even for complex formed components, only little post-
processing is required.
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Fig. 8.7 Effect of m value on SPF deformation degree (Ti-6Al-4V).
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Fig. 8.8 Principle of SPF/DB processing of a sandwich struc- . yu!
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Fig. 8.9 Cross section of a SPF/DB sandwich structure (Ti-6Al-4V).

Fig. 8.10 Service panel for the Airbus A300/310 (SPF Ti-6Al-4V).

To even further improve the economy of the SPF process, efforts have been un-
dertaken to increase strain rates and/or reduce deformation temperature. Thus,
the throughput and the tool life can be increased, while energy costs go down.
Here the Japanese P-titanium alloy SP-700 (Ti-4.5Al-3V-2Mo-2Fe) is of interest.
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Owing to its extremely fine microstructure and low P-transus temperature, SP-700
is superplastically formable at temperatures below 800°C without significant in-
crease in flow stress. More advantageously, diffusion bonding is also accom-
plished around this temperature. The low temperature SPF-DB process not only
saves die material life and process costs, but also reduces alloy degradation from
exposure at elevated temperatures, e.g. grain growth and oxidation. SPF-DB is re-
viewed in more detail in Chapter 10.

8.6
Powder Metallurgy

Powder metallurgy (PM) offers a viable tool to produce complex components with
little machining, thus keeping production costs down. This applies particularly to
relatively expensive materials like titanium alloys, where often up to 95% of the
metal has to be removed depending on the complexity of the component.

The powder-metallurgical production of titanium parts covers both the powder
production with the help of rapid solidification methods and the compaction of
these powders to the final component by hot isostatic pressing (HIP).

The powder manufacturing methods are subdivided into arc and electron-beam
melting methods. Arc melting is carried out under protective gas atmosphere.
Pulverization is provided by centrifugal forces either with the rotation of a self-
consuming titanium electrode (REP- Rotating Electrode Process) or by a rotating
crucible or plate on which the melted titanium drops. During rapid cooling by the
protective gas, the liquid droplets solidify and retain their spherical shape. The re-
sultant martensitic structure is shown in Fig. 8.11. Unfortunately, the economic
REP process leads to unwanted tungsten impurities from the tungsten cathode.
Therefore, this method is no longer applied today. Contamination can be avoided
with the PREP method (Powder Rotating Electrode Process), where a plasma is
used instead of an arc to melt the rotating titanium electrode. Since the electron

Fig. 8.11 Ti-6Al-4V PREP powder (SEM and OM).
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beam process is under vacuum, inherently lower impurity levels of the powders
are guaranteed. The method itself is, however, more expensive due to the more
complex rapid solidification technology.

Before the resulting powders are consolidated in the hot press they have to be
encapsulated, degassed, and evacuated. This ensures that no adsorbed gases re-
main on the particle surfaces as they can prevent complete consolidation by pore
formation during HIP, or impair the sintering behavior by formation of oxide
skins. If the capsule already compensates for shrinkage in the final component
shape, then hot isostatic pressing can come close to the final component shape. A
typical HIP process for Ti-6Al-4V powder is carried out for 1-3 hours at about
920-970°C and a pressure of about 2000 bar.

Normally, the mechanical properties of PM titanium alloys are superior to cast
alloys and partly correspond to those of forged alloys.

Initially, the powder-metallurgical route was primarily considered to be a meth-
od for economic production of near-net shape components. Titanium alloys, how-
ever, could not live up to this expectation, since they are neither cheap nor was
the degree of material usage high. Currently, the high process cost of rapid solidi-
fication and subsequent compaction can be justified only in cases in which new ti-
tanium alloys are not producible by ingot metallurgy or where powder metallurgy
is used as a vehicle for the production of titanium matrix composites.

Indeed, titanium powder metallurgy has experienced a certain renaissance due
to the possibility of producing particle reinforced titanium alloys. For the produc-
tion of stiff, wear resistant components, particle reinforced Ti-PM alloys could be
an economic alternative as demonstrated by the series of commercial CermeTi al-
loys. These consist of elemental powder mixtures with up to 20% TiC particles.
Such alloys are, for instance, used for aerospace components due to their high
stiffness, but are also applied in the sport and leisure industry (Fig. 8.12).

The high expectations of the PM process to develop advanced, dispersion
strengthened, high-temperature alloys have not been not fulfilled. The activities
are however concentrated on titanium aluminides, since a large increase in the
use temperature can be expected. Here the powder route can be helpful for the
production of semi-finished products from titanium and aluminum elemental

Fig. 8.12 CermeTi leisure components (Dynamet Technology, Inc.
Burlington, MA, USA).
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Fig. 8.13 Plasma melting induction guiding
gas atomizer PIGA at GKSS-Forschungszen-
trum Geesthacht; a) schematic, b) process
equipment.

b)

powders, or, generally, for the production of complex intermetallic titanium-based
alloys. GKSS operates the PIGA (Plasma melting Induction Guiding Gas Atomiza-
tion) unit, which was developed especially for the production of intermetallic tita-
nium-based alloys powders (Fig. 8.13). With the help of a plasma burner, the alloy
is melted in a water-cooled copper crucible and then poured into the chamber and
simultaneously atomized by inert gas (Fig. 8.13a).
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Investment Casting of Titanium
H.-P. Nicorar and CHR. LIESNER, Titan-Aluminium-Feinguss GmbH, Bestwig, Germany

9.1
Titanium

This chapter provides an introduction to the manufacturing of cast parts made of
titanium alloys. It is a comprehensive description of the process, rather than an
explanation of its basic principles. The previous chapters of this book dealt with
reports about ore deposits and the extraction of such, as well as about the produc-
tion of the metal itself. These pages will deal with the primary molding in liquid
phase. It is now clear that titanium has a privileged rank among conventional me-
tals: its melting point is elevated and its affinity to the oxygen and nitrogen of the
ambient air is extremely strong. On the other hand, properties of titanium such
as specific weight, strength, and corrosion resistance are encouraging. In spite of
challenges, mentioned later, in the field of handling liquid titanium, processes
such as melting, pouring, and making of cast parts are all proven technologies.
Certain procedures and knowledge of the handling of liquid titanium are needed,
but there are a sufficient number of titanium foundries around the world that can
meet these requirements. Titanium castings are successfully being implemented
as cost-effective alternatives to forged and wrought products for high performance
and increasingly cost-sensitive applications such as military and commercial air-
craft airframe structures. In some instances, these castings have been produced
for half the cost of comparable forged and machined parts. For most of the last
two decades, investment casting has been the preferred processing route for so-
phisticated titanium castings.

9.2
Cast Alloys

Breaking from conventional custom, titanium alloys have not been developed to
accommodate the processing routes, as had been done for iron, bronze and alumi-
num; rather, titanium alloys have been developed basically to fit their application.
So foundrymen have learned how to deal with alloys that are, actually, wrought al-
loys. Consequently, titanium alloys’ negatives with respect to castability and feed-
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ing have been countered by adapting the casting process. We can therefore safely
state that all commercial titanium alloys can be used for making cast parts.

A favorable casting route can be suggested leading to the appropriate properties
required by the customer. When the entire package of static and dynamic proper-
ties, chemical resistance, weight and specific requests with regard to shape com-
plexity is taken in due consideration, the casting of titanium alloys ends up being
profitable.

Even if one takes into account the reactivity of molten titanium on mold archi-
tecture and composition as well as its repercussion on the price of the molds, sav-
ings that are brought about by castings easily offset such cost differentials. The
limiting factor so far has been the number of customers. These customers are de-
finitely not eager to explore the total number of choices in the alloy chemistries
available that could suit their requirements and needs. They will not select the
“best new” alloy, but rather the “best known” alloy only, relying on proven compo-
sitions to design future parts. Tab. 9.1 shows the alloys that are used for casting.
This list is not exhaustive; it should rather be used as a general guide. As men-
tioned previously, all titanium alloys are castable.

Tab. 9.2 shows typical static mechanical strength data for investment cast tita-
nium alloys.

Tab. 9.1 Examples of cast titanium alloys.

Alloy Designation Preferred Property Application

cp-Ti (Pd, DIN 17 865) corrosion resistance chemical industry

Ti-64 (EN 3352) strength, weight universal application

Ti-6242 (WL 3.7141) temperature capability, creep moderately elevated
temperatures

TIMETAL 834 temperature capability, creep high temperatures

v TiAl weight, temperature capability very high temperatures

(under development)

Tab.9.2 Typical mechanical properties of cast titanium alloys.

Alloy Designation UTS [MPa] YS [MPa] %EI max. T [°C]
cp-Ti ( DIN 17865 ) 350 280 15 350
Ti-64 ( EN 3352) 880 815 5 350
Ti-6242 ( WL 3.7141) 860 760 6 450
TIMETAL 834 1020 900 4 600

v TiAl 500-600 400-500 1-2 800
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9.3
Melting Units

Different types of furnaces are available for melting and pouring. All titanium
and titanium alloy melting furnaces have in common vacuum or inert atmo-
sphere melting (typically argon). Some of these units are more of historical inter-
est or are sometimes used for niche applications, while the others are still the
“workhorses” with the largest share of casting production (Tab. 9.3).

9.4
Molding Materials

The making of castings is a result of filling molten metals into a hollow mold with
the interior shape of the future cast part. So the molten metal comes in close contact
with the molding material and might, in the worst-case scenario, cause a metal-
mold-reaction with detrimental effects. Therefore, the molding materials should
be non-reactive (which is nearly impossible, according to thermodynamic laws) or
should at least react in a delayed way and then minimally with the molten tita-
nium. The objective of minimizing the metal-mold reaction in an efficient manner
can be reached through the selection of molding materials as well as the control of
molding parameters. Conventional molding materials commonly used in non-tita-
nium casting applications having a typical composition of Al,05-SiO, are not suit-
able for titanium (investment) casting. The molten titanium will react with both ox-
ides and dissolve the elements Al and Si as well as the oxygen. Thus, the titanium
consumes the mold and, at the extreme, there is a real risk of titanium spilling into
the furnace. Any chance of getting a suitable casting from this is nil.

In order to counter this reactive tendency, there are measures and methods to
make molds for titanium casting where a bit more design effort is needed than
with conventional molding. Typically, there are three alternatives (Tab. 9.4).

Tab. 9.3 Melting and casting processes for titanium.

Type of Furnace Special Features Overheating  Use

Electron beam furnace  re-chargeable, alloy yes rare (evaporation of
(high vacuum) modifications possible alloying elements)

DESU (pressure recycling of scrap n.a. rare

or vacuum) titanium possible

VAR (self-consuming Ingot on demand no typical melting
electrode=ingot) equipment, “workhorse”
KIC (cold wall induction re-chargeable, alloy principally  introduction phase, small
crucible) modifications possible yes mass product parts
Plasma (gas filled re-chargeable, alloy yes re-melting/refining

furnace) modifications possible
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Tab. 9.4 Mold variants for cast titanium.

Mold Material Special Features Application
refractory metals melting point of the mold material is  investment casting, chill
higher than that of liquid titanium, casting

low solubility of the mold material

chill material formation of a solid titanium skin chill casting, pressure die
(solid-solid reaction between titanium casting, crucible material
and mold only)

ceramics melting point of the mold material is investment casting, compact
higher than that of liquid titanium, casting
enthalpy of formation of the oxide is
greater than that of Ti,Oy

9.5
Casting Design

The basic philosophy for designing cast parts can be spelled out as: the more
complex the shapes are, the more economically advantageous they are designed as
cast parts. If there is any doubt about whether the design is economically complex
or not, a dialogue should be undertaken in earnest with “the local titanium foun-
dry” right away. Simple designs using conventional titanium-based alloys are bet-
ter off as a forging, while for the y titanium alloys with a narrow forging window,
the boundary for choosing casting over forging is shifted towards the more sim-
ple design. Complex shapes generally mean: 3D design from the beginning, load
path optimized design, and integration of several assemblies into one cast struc-
ture. Known and proven valuations of castings show a cost benefit of about 50%
in comparison to the assembled version they are meant to replace. As titanium al-
loys are not genuinely castable alloys, there are some limits with regard to com-
plexity and wall thickness when compared to aluminum investment cast parts, for
instance. Nevertheless, one should not hesitate to dare get out of the envelope
and to think complex.

9.6
Finishing

Process procedures for the finishing of titanium (investment) cast parts are
mainly determined by the properties of the molten titanium, especially the reactiv-
ity and the feeding properties during mold filling.
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9.6.1
Pickling (Chemical Milling)

As a rule, titanium picks up some constituents from the molding material or
from the residual gases in the furnace’s atmosphere during the manufacturing
process. These constituents diffuse into the surface and form the “o-case”, with a
thickness of a few tenths of a millimeter. This a-case is later removed by pickling
(chemical milling). This method is used very effectively on the surface of three-di-
mensional cast parts.

9.6.2
Hot Isostatic Pressing (HIP)

We have previously mentioned the formation of defects with respect to castability
and feeding. During solidification, poor feeding causes residual shrinkage cavities
in the core areas (e.g. in the center line/center plane, nodal points, and heavy sec-
tions). Contrary to other cast metals, these cavities cannot be economically pre-
vented by improved gating. Instead, the HIP process (Hot Isostatic Pressing) is
used. The HIP procedure typically uses 1000 bar pressure of an inert atmosphere
at about 900°C (e.g. for Ti-6-4). At these temperatures and pressures the material
can creep without adversely affecting macroscopic dimensional stability. In the fi-
nal phase of the process, the walls of the former cavity join and completely diffu-
sion weld together. A tensile test bar across this area shows no indications of
what has happened; and the mechanical strength shows no difference compared
to other areas. With the HIP procedure, titanium investment castings will reach
strength levels that may be compared to those of wrought parts.

9.6.3
Welding

Welding can be classified in two separate categories: structural welding, and cos-
metic (surface) welding. Structural welding is either used to assemble two cast-
ings (two sections of the part) or to fit a casting to other structural elements, thus
forming a bigger unit. The techniques that are preferably used for this purpose
are either EB (electron beam) welding or laser welding. As it is known that TIG
welding in a glove box under inert (argon) atmosphere has no detrimental effect
on the properties of castings, TIG welding can also be used to fill out small sur-
face flaws.

9.7
Examples of Cast Parts

Fig. 9.1 to 9.8 are illustrations of typical success stories for titanium investment
castings. They show the broad spectrum of what is possible today: from small to
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Fig. 9.1 Cast (left) and assembled (right) variant of a spoiler fitting.

Fig. 9.2 Full-scale model of an engine mount for the Dor-
nier DO 328.

Fig. 9.3 Different knot elements.
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Fig. 9.4 Various investment cast parts for applications in the
low temperature section of a gas turbine engine.

Fig. 9.5 Air inlet suspension for the Eurofighter aircraft.

Fig. 9.6 Exhaust gas turbocharger rotors made from TiAl.
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Fig. 9.7 y-TiAl turbine
blades.

Fig. 9.8 Intermediate casing for large jet engines.
(a) Diameter 152 cm, weight 173 kg; (b) diameter
150 cm, weight 240 kg. (Courtesy of PCC-Wyman
Gordon)

large sizes, and from simple designs to complex shapes, from parts for aerospace
applications to parts used in medicine and surgical applications.

Fig. 9.1 shows a cast (left) and an assembled (right) variant of a spoiler fitting,
which is the joint that actuates the air deflectors on the upper side of an aircraft
wing. Fabrication costs of the cast variant are only 50% of that of the assembled
variant. A full-scale model of the engine mount for the Dornier DO328 is shown
in Fig. 9.2. Titanium tubes are used for the straight parts, while investment cast-
ings are used for the knot elements. Fig. 9.3 shows examples of these knot ele-
ments. A few examples of parts used in the cold section of a gas turbine engine
are shown in Fig. 9.4. Fig. 9.5 shows the air inlet suspension for the Eurofighter
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military aircraft. For symmetry reasons, “left” and “right” variants are available.
Different sized y TiAl turbocharger rotors are displayed in Fig. 9.6, while y TiAl
turbine blades are shown in Fig. 9.7. The latter two applications are in the transi-
tion phase between laboratory and industrial application. Fig. 9.8, courtesy of
PCC-Wyman Gordon, shows large intermediate casings for jet engines. The cas-
ings are located where the incoming air is ducted either into the engine by-pass
or the core engine. Their primary function is to bear the rotating parts as well as
to suspend the entire engine.
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10
Superplastic Forming and Diffusion Bonding

of Titanium and Titanium Alloys
W. BEck, FormTech GmbH, Weyhe, Germany

10.1
Introduction

Due to their unique property profile, titanium materials are considered for a wide
range of industrial applications. Primarily their high specific strength and excel-
lent corrosion behavior were deciding factors for use particularly in the aerospace
industry, but also in other applications like offshore and medicine. Despite signifi-
cantly higher prices and more complex processing compared to steel, it is often
worthwhile and economical to use titanium. Concerning specific processing re-
quirements, especially for sheet components manufactured via conventional cold
forming techniques, some difficulties have to be overcome.

The high strength, anisotropic sheet properties, tendency to fret when in con-
tact with steel tooling, and strong springback make the cold forming process tech-
nically difficult and cost intensive. Commercially pure titanium is relatively easy
to handle and comparable to stainless steel with respect to attainable levels of de-
formation, provided the titanium-specific process conditions are mastered. So, in
a swift test deep-drawing grades of B >2.3 are realistic. Also springback, notorious
for all titanium materials, can be as high as 20 degrees. Sometimes it may even
develop after long storage times, but it can, however, be completely avoided by a
subsequent hot calibration, as will be outlined later.

For titanium alloys, forming problems are formidable. The maximum strain is
low; the forming forces, and thus tooling loads, are high due to high flow stresses
(e.g. for Ti-6Al-4V, the yield stress is 870 MPa). Therefore, deep drawing and
stretch forming cannot be applied. Only parts with simple bends are commonly
made from titanium alloys. Therefore, sheet constructions made from titanium al-
loys are rarely found.

Titanium's plasticity increases, however, with increasing temperature. This is
utilized for sheet forming, similar as in solid forming operations. Creep forming,
or warm calibration, is primarily used for conventional sheet forming of commer-
cially pure titanium. At temperatures of about 480 to 650°C the low flow stresses
and increased plasticity are utilized during hot working. Cold pre-deformed
blanks, which are strained a few percent and then stress relieved after each defor-
mation cycle, are hot calibrated in a two-piece device in this temperature range
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for a defined time. The components, which usually show only a few percent of de-
formation, are afterwards stress relieved. In welded constructions, single parts are
mostly employed; and commercially pure titanium Grades 1 to 4 are primarily
used. Due to its favorable property spectrum of high strength and ductility, and
excellent corrosion resistance, Grade 2 is explicitly preferred.

Hot working of titanium alloys is performed at temperatures up to 850°C.
Mostly a combination of hot calibration and deep drawing or stretch forming at
low strains is applied. This requires high strength, thermally stable, two-piece
tools. After hot working, the components have to be pickled to completely remove
the oxide layers formed on the surface of titanium at temperatures above about
550°C. When in service, an insufficiently removed oxide layer (o-case) embrittles
the surface and leads to a strong reduction in fatigue strength.

Expensive processing initially led to a quite limited use for sheet structures
made of titanium. However, increasing performance requirements in military and
civil aerospace projects raised titanium use in the 1960s, as high strength alumi-
num alloys could no longer meet the higher stress and temperature needs. This
situation stimulated the development of new, economic titanium sheet processing
methods.

Since the 1920s it has been known that some materials can endure enormous
tensile strains without necking (Table 10.1) [1]. Since then, the underlying materi-
al phenomenon, called “superplasticity” (much higher plasticity than usually ob-
served), has been scientifically investigated. In the beginning, activities primarily
concentrated in research laboratories in England and the former Soviet Union,
were entirely directed towards the exploration of basic material science. The mate-
rials investigated appeared not to be sufficiently attractive for real products.

However, this changed with the development of the supersonic Concorde air-
craft, with high requirements for power density and skin temperature. Mean-
while, substantial knowledge on superplastic materials, including the o+f tita-
nium alloy Ti-6Al-4V, was established, primarily by the English scientist Roger

Tab. 10.1 Historic milestones of research on the phenomenon of superplasticity and SPF materi-
als [1].

Authors Alloys Year
Bengough a+f brass 1912
Rosenhain et al. Zn-Al-Cu 1920
Hargreaves and Hills Pb-Sn 1928
Jenkins Cd-Sn, Pb-Sn 1928
Pearson Pb-Sn, Bi-Sn 1934
Chaston Pb 1935
Bochvar and Sviderskaja Zn-Al 1945
Presniakov and Chervjakova Al-Cu 1958
Underwood overview on Soviet Union data 1962

Backofen et al. Zn-22A1 1964
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Pearce. So it was just a matter of time before the phenomenon was transformed
into an industrial sheet forming process called “superplastic forming” (SPF).

At that time, sandwich structures were considered and obviously inspired inves-
tigations on titanium in bonding and welding techniques and also, later on, “dif
fusion bonding” (DB). The first structures were relatively thick-walled, integrally
stiffened DB plates and SPF/DB sandwich structures, which were first commer-
cialized in both the Concorde and the US B-1 project.

Interestingly, the scientists in the former Soviet Union concentrated their activ-
ities on hot bulk deformation in a superplastic state for gas turbine engine appli-
cations, a process today called “isothermal forging”.

10.2
Superplasticity

During the 4" International World Conference on Superplasticity of Advanced
Materials (ICSAM), held in Osaka in 1991, a general definition of the term super-
plasticity was formulated for the first time [2]:

Superplasticity is the ability of a polycrystalline material to exhibit, in a gener-
ally isotropic manner, very high tensile elongations prior to failure.

SPF materials were generally described as:

Metallic, ceramic, composite, or intermetallic multiphase materials with uni-
form or non-uniform relatively coarse (20 um) to ultrafine (30 nm) grain size
that has isotropic or anisotropic grain (phase) shape, size, or orientation.

Conventional o+f titanium materials fulfill both these definitions (Table 10.2).
This is particularly true for the most widely used alloy, Ti-6Al-4V. In isothermal
tensile tests at about 50% of the melting temperature (0.5 Ty), this alloy in its
conventionally specified two-phase structure easily exceeds tensile elongations of

Tab. 10.2 Titanium alloys with SPF behavior [3].

Alloy Test temperature [°C] Strain rate [s] m Value
Ti-6Al-4V 840-870 1.3x10 to 1073 0.75
Ti-6Al-5V 850 8x107* 0.5
Ti-6Al-2Sn-4Zr-2Mo 900 2x107* 0.67
Ti-4.5A1-5M0-1.5Cr 870 2x107* 0.63-0.81
Ti-6Al-4V-2Ni 815 2x107* 0.85
Ti-6Al-4V-2Co 815 2x107* 0.53
Ti-6Al-4V-2Fe 815 2x107* 0.54
Ti-5A1-2.5Sn 1000 2x107* 0.49
Ti-15V-3Cr-3Sn-3Al 815 2x107* 0.5
SP700%* 775 1.3%107° to 1.3x107 0.59-0.38

* RMI data
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1000% without necking. Furthermore, at about 900°C and slow SPF deformation
rates, the as-received fine-grained material shows only limited grain growth. Typi-
cally, SPF titanium alloys possess a grain size of less than 10 pm, an equiaxed
grain shape, and a relatively homogeneous microstructure.

The theoretical approach to explaining the macrostructural processes leading to
such large strains is based on three simultaneously acting mechanisms:
e grain boundary sliding
e grain rotation
e grain boundary diffusion.

Still today, however, a consistent model that completely formulates and proves the
superplastic behavior is missing.

Tensile test have shown that the common relationship for hot deformation of
metallic materials is also true for SPF materials:

ke = A x " x™ (eqn.10.1)

corresponds to USA/UK:

c=Axeg"x¢&m (eqn.10.2)

Assuming that during hot forming the term &" tends to 1 and correspondingly the
strain hardening exponent n to 0, the flow stress only depends on the strain rate
considering a constant factor A. Thus, the exponent m characterizes the intensity
of flow stress dependence on flow rate. If arbitrary necking occurs at an incidental
position, the local strain rate increases since displacement per time unit imposed by
the tensile test machine is concentrated on this neck. The “dynamic strain harden-
ing”, characterized by the exponent “m”, then causes an increase in flow stress and
thus stabilizes the potential necking area. Local necking is suppressed, and the spec-
imen is homogeneously strained further along its entire gauge length. This process
is repeated multiple times until after several hundred percent straining a weak point
finally leads to local necking and fracture of the specimen.

In contrast to other hot formed materials, SPF alloys usually have an m-value of
m >0.5. To determine the m-value, a stepped strain test is chosen. During the test
the strain rate is step-wise increased, always after a short period of constant strain
rate (Fig. 10.1).

A plot of the individual flow stresses ¢ versus the corresponding strain rates &
leads to a typical s-shaped curve. The strain-rate sensitivity is discussed in terms
of three regions, as shown in Fig. 10.2. In region 1 slow strain rates dominate,
and grain coarsening during long-term high temperature exposure is hindered.
The typical SPF behavior is found in transition region 2. At the high strain rates
in region 3, a similar behavior is observed as in forgings. Here strain hardening
due to increased dislocation density leads to premature necking once the strain
limit is exceeded. The m-values calculated from the slopes of the curves in
Fig. 10.2 and plotted versus flow rates, result in a bell-shaped curve, as shown in
Fig. 10.3.
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The curves’ maxima show the highest m-values and the corresponding flow
rates. Thus, the optimum deformation rate for high elongation without necking is
found for materials and test temperatures investigated for uniaxial loading. For
standard SPF titanium alloys, typical parameters for a potential SPF processing

window are as follows:
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—— 4

Fig. 10.4 Ti-6Al-4V tensile specimen deformed 830%.

o TSPF: ~ 700 to 1000°C
et ~ 13x10%t0 107 57!
* G: ~ 2 to 20 MPa.

Fig. 10.4 shows a Ti-6Al-4V specimen after tensile deformation of about 830%
without necking.

Today it is assumed that nearly all polycrystalline materials can exhibit high ten-
sile strains at the appropriate temperatures and strain rates, provided they can be
processed in a sufficiently fine-grained structure and thus exhibit an adequate
high resistance to grain growth during the SPF hot forming procedure. For poly-
crystalline materials, there are essentially two TMT (thermo-mechanical treat-
ment) processes known to produce a fine-grained microstructure with grains of
“sub-micrometer” to ~ 20 nanometer size.

During the hot torsion process and the ECAE (equal channel angular extrusion)
process additional slip planes are activated, which favor grain refinement. Neither
process is yet commercialized. Titanium alloys treated by these measures, demon-
strate the following SPF property improvements:

e reduction of deformation temperature by about 150 to 200°C
e significant increase of deformation rate and overall strains.

10.3
Diffusion Bonding

Titanium materials are primarily corrosion resistant since they are able to form a
dense oxide layer after a short period of time in air. This protective layer has the
tendency to diffuse into the material at high temperatures. This “self-cleaning”
characteristic of titanium, together with the good solid-state diffusion, is used for
planar bonding of titanium sheet. The resultant bonding strength reaches the lev-
el of the base materials.

If bare titanium surfaces are pressed against each other at a temperature of
about 0.5 Ty, diffusion takes place and both surfaces combine. A continuous mi-
crostructure is observed and prior interfaces can no longer be distinguished, as
schematically outlined in Fig. 10.5.

Since joining occurs by avoiding the liquid phase state, no needle-like, strength-
reducing weld-type structure is observed. Consequently, the process is therefore re-
ferred to as “diffusion bonding” (DB). DB temperatures are similar to SPF tempera-
tures. Other important process parameters for diffusion bonding are time and pres-
sure. As an example, the following parameters are common knowledge for Ti-6Al-4V:
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Fig. 10.5 Solid-state diffusion and mechanisms of diffusion bonding [5].
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10.4
The SPF Process

Today superplastic forming of Ti alloys is a standard industrial practice accepted
worldwide. Due to the high temperatures and simultaneously relatively low flow
stresses, deformation by means of gas pressure has found wide spread applica-
tion. Because of titanium’s high affinity to oxygen and hydrogen, inert gases are
exclusively used as the pressure medium. Depending on component quality re-
quirements, different purity grades of argon, for example, are used. The SPF pro-
cess is schematically shown in Fig. 10.6.

First, the sheet exhibiting appropriate superplastic behavior is placed into the
hot forming device. Today's applications cover sheet thicknesses ranging from 0.1
to more than 20 mm. The device is then placed into a special SPF hot press and
pre-heated to the forming temperature. During SPF forming the projected tem-
perature, e.g. 900°C, has to be reached and kept at this value within small toler-
ances, mostly +/— 1 to 2% of the reference value.

After a short soaking time of the sheet, and after gas-tight closure of the appara-
tus with support of the press, the pressure for the forming process is increased.
The component requires adaptive pressure control, which just depends on the ge-
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B Heat =1 Fig. 10.6  SPF process scheme [7].
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ometry. The cycle time is primarily dependent on the geometry of the component.
For example, a deep, V-shaped structure has a higher final deformation degree in
the bottom section than a flat, dish-shaped structure. For a first approximation,
the deformation time for a known or estimated deformation level at the critical lo-
cation, and the material-inherent, optimum deformation rate can be calculated. As
a rule of thumb, the following equation can be used:

dé =de/dt (eqn.10.3)

Components typically reveal deformation degrees of € < 300%. For a flow rate of
£=3%x10"2 57}, the deformation time, tspp, amounts to about 5.5 minutes.

The pressure curve and other process parameters, like the resulting wall thick-
ness distribution of the final component, can be calculated by means of finite ele-
ment (FE) simulation (Fig. 10.7).

The titanium sheet is tightly fixed between the cover and the forming device so
that there is no after flow from the flange. An ironing of the material takes place.
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480 GEC

Fig. 10.7 FE simulation of SPF.

Therefore, the SPF process can also be considered to be a variant of stretch form-
ing. The entire increase in area to form the final component geometry results
from the unfixed area of the sheet membrane. The highest deformation degrees,
and thus the thinnest wall thicknesses, are attained for that part of the sheet that
finally touches the form. To properly control the required minimum wall thick-
ness, extra measures are helpful like, for example, tailored blanks, pre-bulging or
(however, with minor influence) various lubricants and variable pressure control.

10.5
SPF-Material Investigations for Parameter Definition

The above investigations on tensile behavior allow to make material and sheet
thickness related forecasts for required temperatures, strain rates and expected de-
formation degrees. However, there are often discrepancies when the data are
transferred to real component manufacturing. Most likely the reason is the differ-
ent deformation mode: uniaxial tensile test versus biaxial SPF processing. There-
fore, the “cone-test” has been developed as a process-relevant test (Fig. 10.8).

To establish the processing parameters for new SPF materials, or to screen the
SPF behavior of batches of semi-fabricated products, the cone-test represents a
practical and cost-effective test procedure, which can also be carried out in a com-
mercial SPF press. The special advantage of this test is the very simple control of
a constant flow stress. To adjust the flow stress and the accompanying constant
flow rate, only a fixed deformation pressure is required. An example of such a set-
up is shown in Fig. 10.8. The dome height and the minimum wall thickness
achieved are directly readable from the test cones, which are deformed until frac-
ture. Wall thickness reduction across the cone wall, a characteristic of the material
used and process parameters applied, give further indications of the deformation
degrees usable in practice. Due to its simplicity and lower cost, the cone test is
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Fig. 10.8 Principle of cone-test [8].

also employed for performance tests and to analyze the validity of finite element
programs.

A special feature of the test is the online recording of the deformation degrees
actually reached during the forming operation, as shown in Fig. 10.8. Possible var-
iations of flow stress, e.g. through grain growth, are thus detectable.

For novel sheet metals, a matrix of temperature and flow stress values is pre-
pared based just on tensile test results. Data analyses provide the optimum pa-
rameters for temperature and strain rate of the specific materials. For incoming
material, data of batches can be compared to known values. SPF formability can
thus be simply verified (Fig. 10.9).

Temperature Cone Cup Test |
/

Al on Flowstress
T1

Cones

Analysis

Transfer of optimised
SPF-Parameters on
SPF Verification sample

\4

Fig. 10.9 Investigation of material on SPF-behavior with the help of the cone-test (FormTech
GmbH, Germany).
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10.6
SPF Tooling

Due to the high process temperatures, molding dies for mass production have to
be made from scale-free and heat-resistant steels. For alloy selection, the sensitiv-
ity of titanium to nickel as an alloying element has to be considered. When prop-
erly designed, steel tooling has a long lifetime. It is possible to manufacture sev-
eral thousand components in a single device without subsequent finishing work.
For feasibility studies and small lots, ceramic dies may be used (Fig. 10.10). Lead
times and material cost can be significantly reduced. However, even today the lim-
ited lifetime and the sensitivity to tensile stresses are major drawbacks for wide-
spread application.

10.7
Examples of SPF Components

Due to high material and processing costs, the use of titanium is primarily con-
centrated in areas where one can take full advantage of the material's properties.
In aerospace, these are primarily components that require increased temperature
capability, high loads, and superior corrosion resistance.

Fig. 10.11 shows three SPF-manufactured components. The tank half shell
(Fig. 10.11a) is made from Ti-6Al-4V, since the tanks have to withstand high inter-
nal pressure and are exposed to aggressive corrosive media. In contrast to the
competing forging process, it was possible to avoid machining for contouring the
final half shells, thus gaining substantial savings in manufacturing time and
costs. The close tolerance in the final wall thickness of the half shell is achieved
by pre-machining the blanks before SPF as well as by wall thickness modulation
during SPF. After the SPF cycle only the weld areas are machined to size and the
surface is pickled. The o-stabilized zone formed during contact with the atmo-
sphere while feeding and withdrawing parts has to be completely removed.

Fig. 10.10 SPF ceramic mold
form.
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Fig. 10.11 Examples of SPF components:
half shells and casings [8] (ASTRIUM, AIR-
BUS and PFW).

The half shell of a Y-duct shown in Fig. 10.11c is manufactured from alloy
SP700. This alloy can be superplastically deformed at temperatures as low as
about 700°C. Compared to conventional titanium alloys, this is a low SPF tem-
perature. Also, since no oxide film forms, no pickling is required. Titanium was
chosen for the Y-duct since hot gases are passed through the tubing system. Con-
trary to conventional structures from pure titanium, SPF is more cost effective
since individual parts can be integrated into the final component. This reduces
manufacturing and joining expenditures.

The component shown in Fig. 10.11c¢ replaces a hardware assembly consisting
of many individual parts. The integral construction leads to substantial cost advan-
tages and clearly demonstrates the potential of SPF technology. The complex ge-
ometry with a convex flange area, an inclined spacer flange, and multiple shapes
is formed in a single SPF cycle.
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10.8
SPF Forming Presses

Due to the complexity of the SPF process (see also Fig. 10.6) and the applied pres-
sures and temperatures, it is common to use special hot presses. State-of-the-art
SPF presses feature an integrated heater, as well as control systems to monitor
the pressure of the forming medium and appropriate counteracting hydraulic
locking systems to insulate tooling. To easily feed and unload large, thin-walled
SPF components, the lower platen can often be driven out and thus features a
“shuttle” design. Fig. 10.12 shows such a press. Presses are offered for platen di-
mensions ranging from about 0.5 mx0.5m to 4.5mx2.0m, and press forces
from about 10 MN to 250 MN.

10.9
SPF/DB Processing

SPF and DB processing can be combined into one press cycle. Since diffusion
bonding also allows thin flat sheet to be bonded along a plane, complex sandwich
structures can be realized. The process follows the steps outlined in Fig. 10.13:

o To separate sheet surfaces, a special parting agent is applied.

o For subsequent diffusion bonding, these areas remain untouched.
Stacking of single sheets.

Diffusion bonding in the press.

Fig. 10.12 SPF press (courtesy: ACB Pressure Systems) [9].
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Fig. 10.13 SPF/DB process (schematically) [10].

e SPF to form the molded article. In this process the cell walls of the sandwich
structure align with the intended design.

10.10
SPF/DB Structures and Components

Fig. 10.14 shows three different structures and the corresponding model compo-
nents. The upper, “three-sheet structure” is particularly suitable for thin sandwich
components. The outer skin sheets are thicker than the web sheets. This bridge
girder design translates into exceptional stiffness in the web direction. Applica-
tions include highly loaded and fire-resistant gas turbine engine firewalls, inte-
grally stiffened exhaust gas ducts, and gas turbine engine fan blades.

The integrally stiffened component consists of four individual pieces and can be
manufactured from very thin sheet. The ribs can be designed as uniaxial or, for
example, honeycomb structure. The stiffness can be varied to a large extent. Ade-
quate cell size provided, the surface sheets are nearly continuously supported.
Furthermore, the outer skins can be manufactured from sheets of high-tempera-
ture titanium alloys, which do not require a particularly high deformation poten-
tial since the deformation degree of the skin sheets is low. Such constructions are
applied, for example, in temperature-stressed wings or fuselage panels for hyper-
sonic missiles.

The final design has multiple uses. It is possible to achieve a quasi-continuous
outer sheet support or to realize very large sandwich cross sections. An integrally
stiffened hot air supply pipe with a large component height is shown. The chan-
nel replaces a multitude of individually manufactured sheet components that
were welded together afterwards. The sandwich plate with a small rib distance
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Fig. 10.14 Example of SPF/DB components [11].

serves as a demonstrator design that effectively improves laminar flow over aero-
dynamic surfaces.

10.11
Summary

Today the phenomenon of superplasticity offers the designer substantially in-
creased design variability. For titanium and titanium alloys, SPF and SPF/DB have
been industrially implemented to manufacture a multitude of thin-walled structur-
al components. Forming of otherwise hard-to-process high strength titanium al-
loys and improvement of the functionality of SPF and SPF/DB processes are of
prime importance. Compared with conventional forming and shaping methods,
significant cost and weight savings have been reported. Cost reductions result



288

10 Apoptosis and Autoimmunity

from material savings, reduced tooling costs, and reduced efforts due to single
component manufacturing. Weight savings are almost always achieved by replace-
ment with alternative materials, e.g. replacement of pure titanium or stainless
steel. If titanium alloys replace pure titanium, significant wall thickness reduc-
tions of about 40% are possible due to the strength advantage of the alloys. Com-
pared to stainless steel, the reduced specific weight of about 50% is another strik-
ing argument.

Sheet material of o+f titanium alloys is particularly suitable for SPF/DB since it
already exhibits a sufficiently fine-grained structure in the as-received condition,
and does not tend to excessive grain growth. The efficiency of the SPF process
can be further increased for titanium, allowing lower deformation temperatures
and higher flow rates. The development of alloy SP 700 points to this direction.
To evaluate SPF materials’ properties, the cone-test and special tensile tests are
available.

In summary, SPF and SPF/DB have today matured to an economic manufactur-
ing technique for complex titanium sheet structures.
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Forging of Titanium
G. TerLINDE, T. WrTuiskr and G. FiscHErR, OTTO FUCHS Metallwerke,
Meinerzhagen, Germany

11.1
Introduction

Since they were first developed in the 1940s, titanium and titanium alloys have be-
come an important alternative to existing materials like steel, aluminum, and nickel-
base superalloys. Their attractiveness is primarily based on an excellent combination
of specific strength and corrosion resistance. With a density of about 4.5 g cm™, ti-
tanium is just in between aluminum (2.7 g cm™) and steel (7.8 g cm™). The yield
strength range of technical interest at room temperature varies from 800 to
1300 MPa.

Titanium products are manufactured by forging, casting, as well as powder met-
allurgy. Forging is by far the most applied processing route. It offers the ability to
precisely tailor microstructures and properties through deformation and heat
treatment. Compared to casting, forging enables production of larger cross sec-
tions. By appropriate processing and strict process control, highly reproducible
properties are possible.

The following will present some general properties and applications of titanium
alloys. The potential of thermomechanical treatment and forging process design
will be addressed next. Finally, an example for the thermomechanical optimiza-
tion of a gas turbine engine alloy will be presented as well as some typical forged
components.

11.2
General Properties and Applications

Depending on their chemical composition, titanium alloys are classified as o, o+ or
B alloys [1]. The various alloys, consisting of the hexagonal a phase, the body-cen-
tered cubic B phase, or of both phases, show quite specific properties (Fig. 11.1).

For example, o or near-a alloys are preferentially used for gas turbine engine ap-
plications due to their good creep behavior and weldability, while B alloys have a
high strength potential that comes at the expense of weldability and elevated tem-
perature capability.
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Fig. 11.1  Classification of titanium alloys based on their crystal lattice structure [1].

Besides chemical composition, the microstructure has a dominating influence
on properties. In Fig. 11.2, typical microstructures of an o+f alloy are shown
with respect to a schematic phase diagram. In both figures on the left lamellar
microstructures are compared, which are produced by B annealing and  forging,
respectively. It is obvious that deformation avoids the pronounced and harmful
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Fig. 11.2  Microstructures of the alloy Ti-6Al-4V.
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Fig. 11.3  Applications of titanium alloys.

decoration of grain boundaries with a phase. The two upper right figures show bi-
modal microstructures, i.e. equiaxed a in a transformed B structure. The solution
heat treatment temperature and the cooling rate can modify the o volume fraction
and the fineness of the transformed structure after solution heat treatment. Defor-
mation at relatively low temperatures or slow cooling rates after deformation re-
sult in equiaxed microstructures with high o volume fraction. Depending on their
processing history, the structures differ in fineness.
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Fig. 11.4 Share of titanium alloys in aerospace compared to other materials [2].

There is a large spectrum for the application of titanium alloys. Although aero-
space still dominates, other market sectors are broadening titanium’s application
such as in medical devices, construction engineering, and automotive components
(Fig. 11.3). Fig. 11.4 shows the portion of titanium alloys used in the aviation in-
dustry subdivided into airframe and engine materials. In tables 11.1 and 11.2 the
most common titanium forging alloys are listed. The tables describe strength,
toughness, maximum thickness for heat treatment, and show typical properties
and fields of application of the alloys. Ti-6Al-4V is the by far the most often used
titanium alloy since it offers the best property balance.

11.3
Thermomechanical Treatment of Titanium Alloys

11.3.1
Processing of Forging Stock

High quality forged titanium products can only be achieved if the material is giv-
en a thermomechanical treatment tailored to its requirements for application. For
the production of forging stock, titanium sponge and master alloys are mixed,
then pressed to briquettes, welded to electrodes, and then double or triple vacuum
arc re-melted (Fig. 11.5). The resulting cylindrical cast ingots are then processed
to billets or bars by hand forging and/or radial forging. Alternate forging above
and below the B transus temperature is performed to break up the cast structure
and to produce a fine-grained equiaxed o/f microstructure. In a final o/f defor-
mation step, the required diameter for the subsequent hand or die forging is
achieved. Since the thermomechanical treatment of the starting material consider-
ably influences the later properties, these processes are often coordinated at an
early stage between material supplier, forger, and customer.



11.3 Thermomechanical Treatment of Titanium alloys

Tab. 11.1 Titanium alloys and their applications.

Alloy Alloy Properties and Applications
Type

Ti 99.5 a High corrosion resistance, good weldability, highly form-
able

Ti 99.4 o Like Ti 99.5, higher strength

Ti 99.2 a Highest strength of unalloyed titanium, weldable, other-
wise comparable to Ti 99.5 and Ti 99.4

Ti-2Cu a Alloy with moderate strength, good elevated temperature
strength and creep strength at 200-500°C, relatively diffi-
cult to deform, weldable

Ti-5Al1-2.5Sn o Weldable alloy of moderate strength, heat-treatable, good
forgeability

Ti-6Al-2Sn-4Zr-2Mo-0.1Si a+f High temperature alloy, primarily used in gas turbine en-
gines up to about 520°C, weldable

Ti-5.8A1-4Sn-3.5Zr-0.7Nb- o+p High temperature alloy, primarily used in gas turbine en-

0.5Mo-0.35Si gines up to about 600°C, weldable

Ti-5A1-2.5Fe a+p Implant alloy, corrosion resistant, biocompatible

Ti-6Al-4V a+p Most widely used, high strength, heat-treatable titanium
alloy, multiple applications, weldable, good forgeability,
good toughness

Ti-6Al-4V ELI a+p Like Ti-6-4, but increased toughness

Ti-4Al-4Mo-2Sn a+p High strength, good heat-treatability, high toughness a+f
alloy, used in aerospace for structure and engine

Ti-6Al-6V-2Sn a+p Highest strength a+f alloy, good forgeability, used in
aerospace structures

Ti-6Al-2Sn-4Zr-6Mo a+f High strength, good heat-treatability, alloy with moderate
high temperature strength; used for gas turbine engine
components

Ti-10V-2Fe-3Al Meta-  Good heat-treatability, metastable B alloy, medium to very

stable B high strength (900-1400 MPa), excellent fatigue behavior,

excellent combination of yield strength and toughness at
high strength levels, good forgeability, used in aero struc-
tures, landing gear, helicopter rotor head

11.3.2
Forgings

Further processing of the forging stock in the forge can be principally divided into
a/p forging and B forging (Fig. 11.6). During o/p forging the material is heated to
a temperature 30°C to 100°C below the B transus (Tg). The temperature is cho-
sen sufficiently high that crack-free forging is possible at high degrees of deforma-
tion. Additionally, heating of the workpiece during deformation has to be consid-
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Tab. 11.2  Properties of titanium alloys.

Alloy Density Heat Heat Ys uTs %El  %RA K. [MPa \/m]
Ig cm? ] Treatment Treatment [MPa]  [MPa] —
Thickness min typical
d [mm]
Ti 99.5 4.5 annealed <80 200 290-420 24 - - -
Ti 99.4 4.5 annealed <80 290 390-540 20 30 - -
Ti 99.2 4.5 annealed <80 490 540-740 15 25 - -
Ti-2Cu 4.56 annealed <80 400 540 16 35 - -
aged <80 540 650 10 30 - -
Ti-5A1-2.5Sn 4.46 annealed <100 760 790 10 25 - 70
Ti-6Al-2Sn-4Zr-  4.55 aged <80 830 900 8 20 50 60
2Mo-0.1Si
Ti-5.8Al-4Sn- 4.55 aged <75 880 1000 6 15 - 45
3.5Zr-0.7Nb-
0.5Mo0-0.35Si
Ti-5A1-2.5Fe 4.45 annealed <50 780 860 8 25 - -
annealed 50<d<160 780 860 8 20 - -
Ti-6Al1-4V 4.43 annealed <80 830 900 10 25 50 70
annealed 80<d<150 830 900 8 20 - 70
aged <13 1030 1100 8 15 - 45
aged 13<d<25 1000 1070 8 5 - -
Ti-6Al-4V ELI 4.43 annealed <75 795 860 10 25 - 95
annealed 75<d<100 760 830 10 20 - 95
Ti-4Al-4Mo-2Sn  4.60 aged <100 920 1050 9 20 - 60
aged 100<d<150 870 1000 9 20 - 60
Ti-6Al-6V-2Sn 4.54 annealed <80 930 1000 8 20 - 45
aged <25 1100 1200 6 15 - 35
Ti-6Al-2Sn-4Zr- 465  aged <150 940 1080 4 - 55(B) 75(B)
6Mo
Ti-10V-2Fe-3A1 4.65 aged <75 1105 1195 4 - 44 55
highest
strength
aged high <100 1035 1100 6 - 60 75
strength
aged <100 895 965 8 20 88 100
medium
strength

ered in order to avoid overheating of the microstructure by going above the B
transus temperature. Deformation degree and deformation rate have to be care-
fully selected so that desired microstructural developments, e.g. recrystallization,
lead to an equiaxed shape of the o phase. Usually cooling after a/p forging is
done in air.

B forged titanium alloys are much more sensitive to deformation conditions.
The material is first heated above the B transus temperature, and the forging pro-
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Fig. 11.5 Production of forging stock [1].
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Fig. 11.6 Parameters influencing forging of titanium alloys.
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a, a sufficient B deformation and a controlled cooling after B forging have to be
chosen. Here the cooling rate has to be adapted to the transformation characteris-
tics of the alloy. So cooling of near-a alloys, for example, has to be done in water,
while for more slowly transforming B alloys air cooling may be sufficient.

11.3.3
Heat Treatment

Similar to forging, heat treatment is also distinguished between a B solution heat
treatment and an o/ solution heat treatment (Fig. 11.7). Annealing above the f-
transus leads to a lamellar or Widmanstitten microstructure (Fig. 11.2). This micro-
structure is characterized by high fracture toughness and reduced ductility. Annealing
below the f transus leads to a bimodal microstructure. 